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Introduction 



Todd Steiner, Air Force Office of Scientific Research 



1.1 Synopsis 

As we begin the twenty-first century, nanoscience and technology are advancing at a 
rapid pace and making revolutionary contributions in many fields including elec- 
tronics, materials science, chemistry, biology, structures and mechanics, and optoe- 
lectronics. Although nanoscience and technology are progressing along many 
fronts, the most impressive progress has been made in the area of semiconductor 
technology. This book reviews recent progress in semiconductor nanostructure 
growth and materials development and also reviews progress in semiconductor 
devices using nanostructures, with a particular emphasis on 3D nanostructures that 
have emerged during the last 10 years. 

1.2 Growth 

Semiconductor nanostructures have been enabled by the advancements in epitaxial 
growth techniques, which are now capable of growing epilayers as thin as one 
atomic layer and with interface roughnesses that are a mere fraction of a monolayer. 
The development of advanced crystal and thin-film growth technologies capable of 
realizing high crystalline quality and purity of materials is an enabling step in bring- 
ing semiconductor devices to reality. These growth techniques are reviewed in 
Chapter 2. Chapter 2 starts with an overview of the bulk crystal growth techniques 
that are required for obtaining high-quality substrates, then looks at the primary 
means for producing high-quality epilayers, including liquid phase epitaxy, vapor 
phase epitaxy, molecular beam epitaxy, metalorganic chemical vapor deposition 
(MOCVD), and atomic layer epitaxy (ALE), as well as techniques for thin-film 
deposition including plasma-enhanced chemical vapor deposition, electron cyclo- 
tron resonance, vacuum evaporation, and sputtering. Chapter 2 then discusses the 
different growth modes of low-dimensional structures such as quantum wires and 
quantum dots. 
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1.3 Optoelectronic Devices Based on Semiconductor Nanostructures 

Since the successful development of quantum well lasers in the 1970s, one of the 
richest areas of application of semiconductor nanostructures has been in the area of 
optoelectronic devices, with the two most important areas being semiconductor 
lasers and detectors. Early efforts focused on band-to-band transitions and have 
progressed more recently to intersubband devices. In addition, the early devices util- 
ized 2D nanostructures, either superlattices or quantum wells. In recent years, the 
growth of quantum dots and their integration into working devices has revolution- 
ized semiconductor devices. This book highlights results in semiconductor devices 
based on quantum dots (QDs). 

In Chapter 3, we review progress on quantum dot infrared detectors (QDIPs) by 
providing a comprehensive discussion of the growth, structural and optical charac- 
terization, and device figures of merit. We discuss the QD and the QDIP structure 
growth, QD size distribution, and the tailoring of the QD electronic energy levels 
and wave functions via manipulation of the QD confinement potential. We also 
show how to take advantage of stress manipulation to realize multiple-color QDIPs. 
One section focuses on the QDIP device characteristics (dark current, responsivity, 
noise, photoconductive gain, detectivity) for each of three classes of QDIPs dis- 
cussed: InAs/GaAs/AlGaAs, InAs/InGaAs/GaAs, and dual-color InAs/InGaAs/GaAs 
QDIPs. 

In Ghapter 4, we provide a theoretical overview of QD lasers, including the 
advantages of QD lasers over quantum well lasers, the recent progress in fabricating 
QD lasers, and a theoretical treatment of many issues of practical importance in 
developing QD lasers, such as the nonuniformity of QDs, parasitic recombination 
outside of QDs, threshold and power characteristics, and nonlinear properties. The 
chapter also includes novel designs for QD lasers with improved threshold and 
power characteristics. 

In Ghapter 5, we provide an overview of InGaAs tunnel injection QD lasers, 
which have demonstrated the lowest thresholds for QD lasers and the highest modu- 
lation bandwidths. This chapter describes the growth of these QD lasers, the unique 
carrier dynamics observed in self-organized QDs, their effect on high-frequency per- 
formance of QD lasers, and the novel injection technique whereby electrons are 
injected into the QD ground state by tunneling. The enhanced performance of these 
tunnel injection QD lasers is also described and discussed. 



1 .4 Materials for Semiconductor Nanostructures 

Progress in semiconductor nanostructures is advancing to a wide variety of material 
systems. In this book we highlight the progress in five important material systems of 
technological importance. Each of these material systems has demonstrated 2D and 
3D nanostructures and has had varying degrees of success in the fabrication of 
optoelectronic devices. 

In Ghapter 6 we review progress in zinc oxide-based nanostructures, including 
the Zno/ZnMgO system. Zinc oxide is emerging as an important material for 
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ultraviolet and visible optoelectronic applications, due to the ease with which light 
emission can be obtained. In Chapter 7 we review progress in antimony-based 
nanostructures, including the binary compounds GaSb, InSb, and AlSb; the tertiary 
compounds InAsSb, InAsP, InTlSb, and InSbBi; and the quaternary compounds 
InTlAsSb and InAsSbP. Devices based on these materials are also discussed. In 
Chapter 8 we review recent advances in the growth of Ill-nitride quantum dots and 
their unique properties. The growth techniques and the structural and optical prop- 
erties associated with quantum confinement, strain, and polarization in GaN and 
In^Gaj_^N quantum dots are discussed in detail. 

In Chapter 9 we review the progress of nanostructures in the silicon/germanium 
material system, which has the potential for bringing optoelectronics and photonics 
to silicon. Specifically, we review issues of Ge island formation on Si. We show uni- 
form Ge island formation on planar Si and ordered island formation on prepat- 
terned mesa structures. We discuss the effect of growth conditions such as growth 
temperature, deposition rate, deposition coverage, and substrate patterning on the 
formation of the islands. We discuss the potential applications of Ge islands in the 
fields of optoelectronics, thermoelectricity, electronics, and quantum information. 
In Chapter 10, we present a review of carbon nanotubes, especially for optoelec- 
tronics applications. The field of carbon nanotubes has advanced quickly and 
widely on many fronts during the past decade. Controlled fabrication of carbon 
nanotubes of uniform diameter, length, and spacing is now feasible. Real and per- 
ceived potential applications in electronics, sensing, molecular biology, actuation, 
composite material, and energy storage have been demonstrated. We introduce 
some of these advances and some of the fundamental properties of the carbon nano- 
tubes, discuss the underlying physics of new effects and phenomena observed or 
anticipated, and describe the controllable fabrication processes of new forms of 
nanotubes, as well as some interesting and relatively new and unconventional direc- 
tions of potential applications. 



1.5 Summary 

As we enter the twenty-first century, semiconductor nanostructures are revolution- 
izing many areas of electronics, optoelectronics, and photonics. We present in this 
volume some of the more interesting results that are leading the revolution in the 
area of optoelectronics. It is in this area that the real benefits of 3D structures are 
being realized for practical devices. These achievements will serve to enhance the 
contributions of semiconductor nanostructures in other areas, helping to maintain 
the leading position of semiconductor nanotechnology in the more general world of 
nanoscience and technology. 




Review of Crystal, Thin-Film, and 
Nanostructure Growth Technologies 



Alireza Yasan and Manijeh Razeghi, Northwestern University 



2.1 Introduction 

During the latter half of the twentieth century, in an effort to increase integration, 
enhance functionality, and reduce energy consumption, the major focus of the 
development of semiconductor devices was on miniaturization. As a result, semi- 
conductor devices have evolved from millimeter-sized devices capable of manipulat- 
ing electricity (e.g., transistors) into micrometer-sized devices that can handle both 
electricity and light (e.g., light-emitting diodes). As we enter the twenty-first cen- 
tury, we envision nanometer-sized semiconductor devices that can directly interact 
with individual atoms and molecules at the nanometer level (e.g., quantum sensors). 
In this regard, the development of advanced crystal and thin-film synthesis tech- 
nologies capable of realizing high crystalline quality and purity of materials is an 
enabling step toward making such semiconductor devices a reality. 

We begin this chapter by giving an overview of thermodynamics. Chemical 
reactions and phase diagrams are the subject of this first section, after which we 
move on to a discussion of crystal growth techniques. 

The earliest crystal growth techniques consisted of growing semiconductor 
crystals in bulk form using one of the bulk crystal growth techniques: Czochralski, 
Bridgman, or float zone. These methods are appropriate for the synthesis of large- 
volume semiconductor crystals under thermodynamic equilibrium conditions, but 
offer nearly no flexibility in terms of alloy composition or the heterostructures 
needed for advanced semiconductor devices. Nevertheless, these are excellent tech- 
niques for manufacturing high-purity, near perfect, single-crystal wafers to be used 
as substrates for epitaxial growth. 

Epitaxial growth techniques have been specifically developed to enable the 
growth of high-quality semiconductor alloys under controlled conditions. Using 
these techniques, single-crystal semiconductor thin films are synthesized on a sub- 
strate. As the need for even more complex semiconductor devices increased, several 
techniques have been successively developed and refined to satisfy these ever- 
evolving needs. Liquid phase epitaxy is the oldest epitaxial growth technique. 
Although still used in some instances, this technique is losing momentum because of 
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its poor thickness uniformity and control and poor interface. The second tech- 
nique, vapor phase epitaxy, has enjoyed broader success, but the material gener- 
ally suffers from surface defects. It is nevertheless gaining interest in the case of 
GaN-based semiconductors. Two other techniques, molecular beam epitaxy and 
metalorganic chemical vapor deposition, are the most widely used techniques and 
have demonstrated unsurpassed capabilities in the epitaxial growth of numerous 
semiconductor structures, in terms of material quality, process control, and 
reliability. 

Other thin-film deposition techniques exist that are primarily used for the depo- 
sition of dielectric films, but can also be used for the deposition of semiconductors in 
a polycrystalline form. These techniques include plasma-enhanced chemical vapor 
deposition, electron cyclotron resonance, vacuum evaporation, and sputtering. 
They are much simpler and cheaper than the epitaxial growth techniques, but are 
not as flexible and do not yield material that is as high in quality. Nevertheless, they 
are well suited for the deposition of the dielectric films commonly employed in the 
manufacturing process used for semiconductor devices. 

Finally, we conclude by discussing low-dimensional structures such as quantum 
wires and quantum dots. Different growth modes and possible growth techniques 
are presented. The requirements for room-temperature operation of devices based 
on nanostructures are briefly discussed. 



2.2 Review of Thermodynamics 

In this section we briefly review the thermodynamics of materials. Thermodynamics 
tells us whether or not a reaction is possible. It can also determine, to some extent, 
the feasibility of a chemical reaction. To get such information the free-energy func- 
tion, G, is often used: 



G=H-TS (2.1) 

where H is the enthalpy, S is the entropy, and T is the absolute temperature. Let’s 
assume that the initial state of the system (i) changes to a final state (/) due to a 
chemical reaction while the temperature is kept constant. The free-energy change 
can be written as 



AG = Gf - G, = AH- TAS (2.2) 

The second law of thermodynamics states that “in all energy exchanges, if no 
energy enters or leaves the system, the potential energy of the state will always be less 
than that of the initial state (AG < 0).” This implies that systems tend to minimize 
the free energy to a lower value than the initial value. After the system has achieved 
the equilibrium, AG = 0. For a process that cannot occur, AG > 0. Therefore, the 
possibility of occurrence of a particular reaction can be determined through the sign 
of AG. 
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2.2.1 Chemical Reactions 

For a typical chemical reaction involving materials X, Y, and Z in equilibrium with 
X, y, and as the stoichiometric coefficients, 

xX + yY^zZ (2.3) 

The free-energy change of the reaction is given by 

AG = zG^ — xG^ —yGy (2.4) 

Free energy of individual reactants is often written as 

G,=G°+RTlna, (2.5) 

where G° is the free energy of the species in its standard state and a. is a term called 
activity that reflects the change in free energy when the material is not in its standard 
state. The standard state is typically 1 atmosphere partial pressure for a gas at 25°C. 
A pure liquid or solid is the standard state of the relevant substance. Table 2.1 lists 
the standard values of enthalpy and entropy for various substances [1]. Substitution 
of (2.5) into (2.4) and letting AG = 0 yields 



-AG“ =RT In K 



( 2 . 6 ) 



where 



K = 






a 



X 

X(eq) 



a 



y 

Y{eq) 



(2.7) 



2.2.2 Phase Diagrams 

Phase diagrams are the primary visualization tools in materials science because they 
allow one to predict and interpret changes in the composition of a material from 



Table 2.1 Standard Values of Enthalpy and Entropy for Various Species 



Species 


State 


AHf(kf/mol) 


S (J/mol-K) 


CO, 


Gas 


-393.51 ±0.13 


213.785 ±0.010 


Cl, 


Gas 


0 


223.081 ± 0.010 


H 


Gas 


217.998 ± 0.006 


114.717 ± 0.002 


H* 


Aqueous 


0 


0 


H,0 


Liquid 


-285.830 ± 0.040 


69.95 ± 0.03 


H,0 


Gas 


-241.826 ± 0.040 


188.835 ±0.010 


N 


Gas 


472.68 ± 0.40 


153.301 ±0.003 


NH, 


Gas 


-45.94 ±0.35 


192.77 ± 0.05 


o. 


Gas 


0 


205.152 ±0.005 
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phase to phase. As a result, phase diagrams have been proven to provide an immense 
understanding of how a material forms microstructures within itself, leading to an 
understanding of its chemical and physical properties. However, in some instances 
materials have failed to perform to their proposed potential. One can deduce, by 
referring to a material’s phase diagram, what may have happened to the material 
when it was made to cause failure. In these instances, one can use thermodynamic 
relations to go into the phase diagrams and extrapolate the data. 

A few simple rules are associated with phase diagrams with the most important 
of them being the Gibb’s phase rule. The phase rule describes the possible number of 
degrees of freedom in a (closed) system at equilibrium, in terms of the number of 
separate phases and the number of chemical constituents in the system. It can be sim- 
ply written as follows: 



f = C-P+2 (2.8) 

where C is the number of components, P is the number of phases, and fis the number 
of degrees of freedom in the system. The number of degrees of freedom (/) is the 
number of independent intensive variables (i.e., those that are independent of the 
quantity of material present) that need to be specified in value to fully determine the 
state of the system. Typical such variables might be temperature, pressure, or con- 
centration. This rule states that for a two-component, one-phase system, there are 
two degrees of freedom. For example, on a P-T diagram, pressure and temperature 
can be chosen independently. On the other hand, for a two-phase system, there is 
only one degree of freedom and there is only one pressure possible for each tempera- 
ture. Finally, for a three-phase system, there exists only one point with fixed pressure 
and temperature (Figure 2.1). As a real-world example, the P-T-x phase diagram of 
the Ga-N system at a fixed pressure of 1 atm is shown in Figure 2.2 [2]. 



2.3 Bulk Crystal Growth Techniques 

The historical starting point for virtually all semiconductor devices has been in the 
synthesis of single crystals. Today, three major methods have been developed to 
realize large-volume semiconductor crystals under thermodynamic equilibrium con- 
ditions: the Czochralski, Bridgman, and float-zone methods, which are discussed in 
the following subsections. 

2.3.1 Czochralski Method 

The Czochralski (CZ) crystal growth method was developed in 1916 by accident. 
Jan Czochralski, an engineer at the AEG Company in Berlin at that time, acciden- 
tally dipped his pen into a crucible containing molten tin and withdrew it quickly. 
He observed a thin wire of solidified metal hanging at the tip. This small observation 
later led to development of the Czochralski method for obtaining single crystals [3]. 
The Czochralski method is by far the most popular crystal growth method. 
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Figure 2.1 P-T diagram of a one-component system showing degrees of freedom for a different 
number of phases. 



Ga-N diagram at 1 atm of Nitrogen 




Figure 2.2 Calculated P-T-x phase diagram for Ca-N at atmospheric pressure. 
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accounting for between 80% and 90% of all silicon crystals grown for the semicon- 
ductor industry. 

The Czochralski method uses a high-purity quartz (SiO^) crucible filled with 
pieces of polycrystalline material, called charge, which are heated above their melt- 
ing point (e.g., 1,415°C for silicon). The crucible, shown in Figure 2.3, is heated 
either by induction using radio-frequency (RF) energy or by thermal resistance 
methods. A “seed” crystal, about 0.5 cm in diameter and 10 cm long, with the 
desired orientation is lowered into molten crystal, termed melt, and then drawn up 
at a carefully controlled rate. When the procedure is properly done, the material in 
the melt will make a transition into a solid phase crystal at the solid/liquid interface, 
so the newly created material accurately replicates the crystal structure of the seed 
crystal. The resulting single crystal is called the boule. Modern boules of silicon can 
reach diameters of more 300 mm and be up to 2m long. 

During the entire growth period, the crucible rotates in one direction at 12 to 14 
rotations per minute (rpm), while the seed holder rotates in the opposite direction at 
6 to 8 rpm while being pulled up slowly. This constant stirring prevents the forma- 
tion of local hot or cold regions. The crystal diameter is monitored by an optical 
pyrometer that is focused at the interface between the edge of the crystal and the 
melt. An automatic diameter control system maintains the correct crystal diameter 
through a feedback loop control. Argon is often used as the ambient gas during this 




Figure 2.3 Cross section of a furnace used for the growth of single-crystal semiconductor boules 
by the Czochralski process. 
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crystal-pulling process. By carefully controlling the pull rate, the temperature of the 
crucible, and the rotation speed of both the crucible and the rod holding the seed, 
precise control over the diameter of the crystal is obtained. 

During the Czochralski growth process, several impurities are incorporated into 
the crystal. Because the crucibles are made from fused silica (SiO^) and the growth 
process takes place at temperatures around 1,500°C, small amounts of oxygen will 
be incorporated into the boule. For extremely low concentrations of oxygen impuri- 
ties, the boule can be grown under magnetic confinement. In this situation, a large 
magnetic field is directed perpendicularly to the pull direction and used to create a 
Lorentz force. This force will change the motion of the ionized impurities in the melt 
in such a manner as to keep them away from the solid/liquid interface and therefore 
decrease the impurity concentration. Using this arrangement, the oxygen impurity 
concentration can be reduced from about 20 parts per million (ppm) to as low 
as 2 ppm. 

It is also common to introduce dopant atoms into the melt in order to tailor the 
electrical properties of the final crystal: the carrier type and concentration. Simply 
weighing the melt and introducing a proportional amount of impurity atoms is all 
that is theoretically required to control the carrier concentration. However, impuri- 
ties tend to segregate at the solid/liquid interface, rather than be uniformly distrib- 
uted inside the melt. This will in turn affect the amount of dopant incorporated into 
the growing solid. 

The growth of GaAs with the Czochralski method is far more difficult than for 
silicon because of the vast differences in vapor pressure of the constituents at the 
growth temperature of ~1,250°C: 0.0001 atm for gallium and 10,000 atm for arse- 
nic. The liquid encapsulated Czochralski (TEC) method utilizes a tightly fitting disk 
and sealant around the melt chamber (see the encapsulant in Figure 2.3) to prevent 
the out-diffusion of arsenic from the melt. The most commonly used sealant is boric 
oxide (B^Oj). Additionally, pyrolytic boron nitride (pBN) crucibles are used instead 
of quartz (silicon oxide) in order to avoid silicon doping of the CaAs boule. Once 
the charge is molten, the seed crystal can be lowered through the boric oxide until it 
contacts the charge, at which point it may be pulled. 

Because the thermal conductivity of CaAs is about one-third that of silicon, the 
GaAs boule is not able to dissipate the latent heat of fusion as readily as silicon. Fur- 
thermore, the shear stress required to generate a dislocation in GaAs at the melting 
point is about one-fourth that in silicon. Consequently, the poorer thermal and 
mechanical properties allow GaAs boules to be only about 8 inches in diameter [4] 
and they contain many orders of magnitude larger defect densities than are realized 
in silicon. 

2.3.2 Bridgman Method 

The Bridgman crystal growth method is similar to the Czochralski method except 
that all of the semiconductor material (melt, seed, crystal) is kept completely 
inside the crucible during the entire heating and cooling processes, as shown in 
Figure 2.4. 
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Figure 2.4 The Bridgman growth method in a crucible: (a) solidification from one end of the 
melt and (b) melting and solidification in a moving heated zone. 



A quartz crucible filled with polycrystalline material is pulled horizontally 
through a furnace tube. As the crucible is drawn slowly from the heated region into a 
colder region, the seed crystal induces single-crystal growth. The shape of the result- 
ing crystal is determined by the shape of the crucible. As a variation to this proce- 
dure, the heater may move instead of the crucible. As an alternative, the heater may 
move instead of the crucible. 

A couple of disadvantages are associated with the Bridgman growth method. 
They result from the fact that the material is constantly in contact with the crucible. 
First, the crucible wall introduces stresses in the solidifying semiconductor. These 
stresses will result in deviations from the perfect crystal structure. Also, at the high 
temperatures required for bulk crystal growth, silicon tends to adhere to the 
crucible. 

In the case of compound semiconductors, the process is slightly different from 
that for silicon. The solid gallium and arsenic components are loaded onto a fused 
silica ampule, which is then sealed. The arsenic in the chamber provides the over- 
pressure necessary to maintain stoichiometry. A tube furnace is then slowly pulled 
past the charge. The temperature of the furnace is set to melt the charge when it is 
completely inside. As the furnace is pulled past the ampule, the molten GaAs charger 
in the bottom of the ampule recrystallizes. A seed crystal may be mounted so as to 
contact the melt. 

Typical compound semiconductor boules grown by the Bridgman method have 
diameters of 2 inches. The growth of larger crystals requires very accurate control of 
the stoichiometry and the radial and axial temperature gradients. Dislocation densi- 
ties of lower than 10^ cm \ compared to 10“' cm“^ for boules grown by the CZ 
method, are routinely achieved with the Bridgman method. This method produces 
the best results for compound semiconductor growth such as GaAs, and approxi- 
mately 75% of the compound semiconductor boules are grown by the Bridgman 
growth method. 
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2.3.3 Float-Zone Method 

Unlike the previous two methods, the float-zone (FZ) technique proceeds directly 
from a rod of polycrystalline material obtained from the purification process as 
shown in Figure 2.5. Moreover, this method does not make use of a crucible. For 
this reason, extremely high-purity silicon boules, with carrier concentrations lower 
than 10" cm \ have been grown by the FZ method. But in general, this method is 
not used for compound semiconductor growth. 

The principle of the FZ method is as follows. A rod of an appropriate diameter 
is held at the top of the growth furnace and placed in the crystal-growing chamber. 
A single-crystal seed is clamped in contact at the other end of the rod. The rod and 
the seed are enclosed in a vacuum chamber or inert atmosphere, and an inductive- 
heating coil is placed around the rod outside the chamber. The coil melts a small 
length of the rod, starting with part of the single seed crystal. A “float zone” of melt 
is formed between the seed crystal and the polysilicon rod. The molten zone is 
slowly moved up along the length of the rotating rod by moving the coil upward. 
High-purity crystals can be obtained with FZ method. 

The molten region that solidifies first remains in contact with the seed crystal 
and assumes the same crystal structure as the seed. As the molten region is moved 
along the length of the rod, the polycrystalline rod melts and then solidifies along its 




Figure 2.5 Cross section of the FZ crystal growth furnace. 
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entire length, becoming a single-crystal rod of silicon in the process. The motion of 
the heating coil controls the diameter of the crystal. Because of the difficulties in pre- 
venting collapse of the molten region, this method has been limited to small- 
diameter crystals (less than 76 mm). However, because no crucible is involved in the 
FZ method, oxygen contamination that might arise from the quartz (SiO^) crucible 
is eliminated. Wafers manufactured by this method are used in applications requir- 
ing low-oxygen-content, high-resistivity starting materials for devices such as power 
diodes and power transistors. 

One disadvantage of FZ crystal growth is in the difficulty of introducing a uni- 
form concentration of dopants. Currently, four techniques are used: core doping, 
gas doping, pill doping, and neutron doping. 

Core doping uses a doped polysilicon boule as the starting material. Undoped 
material can be deposited on top of the doped boules until the desired overall doping 
concentration is obtained. This process can be repeated several times to increase the 
uniformity or the dopant distribution and, neglecting the first few melt lengths, the 
dopant distribution is very good. Gas doping simply uses the injection of gases, such 
as AsClj, PH 3 , or BCI 3 , into the polycrystalline rod as it is being deposited or into the 
molten ring during FZ refining. Pill doping is accomplished by inserting a small pill 
of dopant into a hole that is bored at the top of the rod. If the dopant has a relatively 
low segregation coefficient, most of it will diffuse into the rod as the melt passes over 
the rod. Gallium and indium are commonly used as pill dopants. Finally, light w-type 
doping of silicon can be achieved with neutron bombardment. This is possible 
because approximately 3.1% of silicon mass is the mass 30 isotope. 

2.3.4 Lely Growth Methods 

Although they account for nearly all bulk semiconductor boules grown commer- 
cially, the previously described techniques all make use of the crystallization process 
from a melt. This is not possible for a growing number of semiconductor materials, 
such as silicon carbide (SiG) and gallium nitride (GaN) based materials, because they 
do not have a liquid phase under reasonable thermodynamic conditions. For exam- 
ple, SiG melt can exist only under pressures higher than 10^ atm and temperatures 
higher than 3,200°G. Furthermore, under these conditions, the stoichiometry and 
stability of the melt could no longer be ensured. At this time, two techniques deserve 
to be mentioned as successful for the growth of bulk SiG semiconductor boules: the 
Lely method and the modified Lely method. 

The Lely growth method [5] has yielded the highest quality crystals to date and 
is carried out in a cylindrical crucible, as depicted schematically in Figure 2.6. The 
growth process is basically driven by a temperature gradient. This temperature gra- 
dient is maintained between the outer and the inner areas of the crucible, with a 
lower temperature at the center. At the same time, the system is kept near chemical 
equilibrium, with lower partial pressures of SiG precursors in the inner and colder 
region. The two areas are separated by a porous graphite, which also provides 
nucleation centers. 

The chemical gradient results in a mass transport occurring from the outer 
toward the inner region. Because the inner region is colder than the outer, SiG will 
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Figure 2.6 Cross section of a cylindrical crucible used for the Lely growth of SIC. 



nucleate on the graphite and crystals will start to grow under their most energeti- 
cally stable form. Although of the highest quality in terms of low defect density, the 
resulting crystals are limited in size and their dimensions are random (typically 
smaller than 1 cm^). These are nevertheless used as seed crystals for all other bulk 
SiC growth methods, including the modified Lely method. 

The modified Lely method [6] is the historical name for the seeded sublimation 
growth or physical vapor transport technique. Its principle is similar to the Lely 
method except that a SiC seed crystal is used to achieve a controlled nucleation. This 
method is currently used for the growth of all commercial SiC single-crystal boules. 
A modern crucible for the modified Lely technique is depicted schematically in 
Figure 2.7. The cooler seed is placed at the top to prevent falling contaminants. The 
polycrystalline SiC source is heated (up to 2,600°C) at the bottom of the crucible, 
and it sublimes at low pressure. Mass transport occurs naturally and SiC naturally 
recrystallizes through supersaturation at the seed. 



SIC seed 




SiC crystal 



Figure 2.7 Cross section of the most commonly used modified Lely growth configuration. 
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Although the modified Lely method is more than 20 years old and has been able 
to advance the growth of bulk SiC semiconductor crystals, major issues remain. 
Indeed, the polytype formation and the growth shape are poorly controlled. The 
doping is not uniform and a high density of defects, such as micropipes and disloca- 
tions, remains [7]. 



2.4 Epitaxial Growth Techniques 

Even the simplest semiconductor device requires the deposition of a series of crystal 
films on top of finely polished wafer substrates obtained through the bulk crystal 
growth techniques previously described. This process of extending the crystal struc- 
ture of the underlying substrate material into the grown layer is called epitaxy. The 
term epitaxy is a combination of two Greek words, epi (meaning “placed” or “rest- 
ing on”) and taxis (meaning “arrangement”) and refers to the formation of single- 
crystal films on top of a crystalline substrate. 

The term epitaxy can be further qualified depending on the relationship between 
the film and substrate: Homoepitaxy is employed when the film and the substrate 
are the same material, and heteroepitaxy when the film and the substrate are differ- 
ent materials. Homoepitaxy results in a film that is totally lattice matched to the sub- 
strate, whereas heteroepitaxy can result in a strained or a relaxed film depending on 
the difference in lattice parameters and thermal expansion coefficients of the film 
and the substrate. An example of homoepitaxy can be growth of Si on Si substrate 
and an example of heteroepitaxy can be growth of InP on GaAs substrate or GaN on 
sapphire substrate. 

The discovery of quantum wells and superlattices has revolutionized the area of 
semiconductor devices. These devices require ever more precise control, more uni- 
form thickness over larger areas, excellent homogeneity, high purity, very sharp 
interfaces between the substrate and epitaxial layers, and low misfit dislocations in 
the epilayers. Historically, epitaxial techniques have been developed in order to pro- 
gressively satisfy these requirements, from liquid phase epitaxy to vapor phase epi- 
taxy, molecular beam epitaxy, and metalorganic chemical vapor deposition, which 
are reviewed in the following subsections. 

2.4.1 Liquid Phase Epitaxy 

The liquid phase epitaxy (LPE) growth technique [8] involves the precipitation of 
material from a supercooled solution onto an underlying substrate. The EPE reactor 
includes a horizontal furnace system and a sliding graphite boat as shown in 
Eigure 2.8. The apparatus is quite simple and excellent quality layers and high purity 
levels can be achieved. 

LPE is a thermodynamic equilibrium growth process. The composition of the 
layers that are grown on the substrate depends mainly on the equilibrium phase dia- 
gram and to a lesser extent on the orientation of the substrate. This melt is placed in 
a graphite boat and is slid inside a hot furnace that is at a suitable atmosphere. A 
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Figure 2.8 Cross section of an LPE system. 



subsequent cooling causes the solute to come out and deposit on an underlying sub- 
strate, thus forming an epitaxially grown layer. The three major parameters that can 
affect the growth are the melt composition, growth temperature, and growth 
duration. 

The advantages of LPE are the simplicity of the equipment used, higher deposi- 
tion rates, low defect concentration, excellent control of stoichiometry, and the high 
purity that can be obtained. Background elemental impurities are eliminated by 
using high-purity metals and the inherent purification process that occurs during the 
liquid-to-solid phase transition. 

The disadvantages of the LPE include poor thickness uniformity, high surface 
roughness, a meltback effect, and the high growth rates that prevent the growth of 
multilayer structures with abrupt interfaces. Growing films as thin as a few atomic 
layers is therefore out of the question using LPE, which has led to the development 
of more advanced and complex techniques. Eurthermore, only small wafers can be 
used with LPE, which makes it a small-scale process. 

2.4.2 Vapor Phase Epitaxy 

Like LPE, vapor phase epitaxy (VPE) is also a thermodynamic equilibrium growth 
process. However, unlike LPE, the VPE growth technique involves reactive com- 
pounds in their gaseous form. A VPE reactor typically consists of a hot wall quartz 
chamber composed of several zones serving different purposes and maintained at 
different temperatures using a multielement furnace, as illustrated in Eigure 2.9. 
In the VPE growth process, the source materials are generally hotter than the 
substrate. 

The gaseous species for the group III source materials are synthesized by react- 
ing hydrogen chloride gas (HCl) with a melted pure metal, for example, gallium 
(Ga) and indium (In), contained in a small vessel. This occurs in the first zone, called 
the group III species synthesis zone, which is maintained at a temperature 
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Figure 2.9 Cross section of a typical VPE reactor. 



(~750-850°C for GaAs or InP growth). The reaction between the metal and HCl 
occurs in the following manner to form group III -chloride vapor compounds, which 
can be transported to the growth region: 

In„^ +HC1^ ^InCl^ (2.9) 

Ga„^ +HC4 -InCl^ (2.10) 

The group V source materials are provided in the form of hydrided gases, for 
example, arsine (ASH3) and phosphine (PH3). They are pyrolized in the second zone, 
called the group V species pyrolysis zone, which is maintained at a temperature T > 
Tj. These compounds are decomposed into elemental group V compounds, for 
example: 



u \ — u 3 

ASH 3 As. -I As, -I — H, (2.11) 

3 4 4 2 2 ^ 

PH, ^ -P, -F ^-^P, -F -H, (2.12) 

3442^2^ 

where u and v represent the mole fraction of ASH 3 or PH 3 , which is decomposed into 
As^ or P 3 , respectively. 

The gas flow is then cooled by a temperature gradient that is imposed between 
the sources and the substrate. This cooling of reactants results in growth of the 
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semiconductor, such as GaAs or InP, onto the substrates in the growth region, 
which is maintained at a temperature (~680-750°C for GaAs or InP growth). 

The advantages of VPE include its low cost, high deposition rates, and the possi- 
bility of multiwafer growth. VPE also offers a high degree of flexibility in introduc- 
ing dopant into the material as well as the control of the composition gradients by 
accurate control of the gas flows. Eocalized epitaxy can also be achieved using VPE. 

One of VPE’s main disadvantages is the difficulty of achieving multiple quan- 
tum wells or superlattices, which are periodic structures with numerous very thin 
layers (on the order a few tens of angstroms). Other disadvantages include the 
potential formation of hillocks and haze and interfacial decomposition during the 
preheat stage. These disadvantages have discounted this technique in the develop- 
ment of advanced semiconductor devices. 

Recently, however, VPE has received renewed interest thanks to the develop- 
ment of wide bandgap gallium nitride (GaN) based semiconductors. Indeed, 
because of their extreme thermodynamic properties, GaN substrates cannot be 
achieved using the bulk crystal growth techniques discussed previously. Although 
other high-temperature and high-pressure techniques have been demonstrated, they 
are not controllable and have only yielded crystals with dimensions smaller than 1 
cm. The development of GaN-based semiconductors has therefore been developed 
through heteroepitaxy on sapphire substrates. 

Due to its high deposition rates, vapor phase epitaxy has proved successful in 
growing thick (>100 ^m) GaN films on sapphire substrates in a reasonable time and 
under reasonable growth conditions. After lifting these thick films from the sub- 
strate, quasi-GaN substrates can be obtained. This is currently the most promising 
technology to achieve GaN (and AlGaN in the future) substrates with areas poten- 
tially comparable with those realized through bulk crystal growth techniques. 

In the VPE growth of GaN, hydrogen chloride gas passes over a crucible con- 
taining metallic Ga at a high temperature (~850°G) and forms gaseous GaGl. HGl 
and ammonia (NHj) are injected into the hydride pyrolysis zone using N^ as a car- 
rier gas. Through a showerhead, GaGl is injected into the growth zone, which is 
maintained between 950°G and 1,050°G, where it reacts with NH 3 on the substrate 
surface to produce GaN through the following reaction: 

GaCl-l-NHj ^GaN-l-HCl-l-Hj (2.13) 

The NH 3 :HG 1 ratio is typically around 30:1 with a growth rate of -0.3 ^m/min. 

A few disadvantages are still associated with the VPE growth of GaN. Eor 
example, NH 3 has the potential to dissociate and react with HGl to produce NGI 3 , 
which is highly explosive. In addition, if not enough care is taken, HGl could poten- 
tially cause leaks in the reactor. GaGl 3 can be used instead of HGl to avoid such a 
problem [9]. Eurthermore, undesired products of the VPE growth process such as 
NH 3 GI and GaGl 3 are produced, which can clog the exhaust line unless heated to 
high temperature (>150°G) or evaporated at reduced pressure. Einally, due to 
exchange reactions with the hot quartz walls of the reactor, AlGaN growth or 
p-type doping is difficult to realize using VPE. 
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2.4.3 Molecular Beam Epitaxy 

Molecular beam epitaxy (MBE) is an advanced technique for the growth of thin epi- 
taxial layers of semiconductors, metals, or insulators [10, 11]. In this method, the 
epitaxial growth takes place through reactions between the atomic and molecular 
beams of the source materials and the substrate surface, which is heated to a certain 
temperature in an ultrahigh vacuum environment. Depending on the nature of the 
precursor sources used, different variants of MBE exist. If all source materials are in 
solid form, the MBE process is called solid source MBE (SSMBE). Gas source MBE 
(GSMBE) utilizes sources in the form of gas, and, finally, metalorganic MBE 
(MOMBE) uses metalorganic material sources. 

Solid precursor sources are generally solids heated above their melting points in 
effusion cells, also known as Knudsen cells, until atoms of the source material are 
able to escape the cell into the vacuum chamber by thermionic emission. The beam 
flux of the source materials is a function of its vapor pressure and can thus be con- 
trolled by its temperature. Gases can also be used as potential precursor sources, 
generally for group V elements in the synthesis of III-V compounds, and are con- 
nected through an injector and cracker. Its molecular beam flux can be controlled 
using a mass flow controller. Einally, metalorganic precursor sources are either liq- 
uids or fine solids with a properly controlled vapor pressure. By flowing a controlled 
amount of inert carrier gas through the liquid/solid, the vapor of the metalorganic 
compound is collected and a controlled molecular beam flux ensues. 

The thickness, composition, and other properties of the epitaxial layers and het- 
erostructures are directly controlled by the interruption of the unwanted atomic 
beams with specially designed shutters. A computer remotely operates the shutter 
controls. The typical rate of growth with MBE is around a single monolayer per sec- 
ond. Although slow, this allows for abrupt changes in material composition. Under 
appropriate conditions, the beam of atoms and molecules will attach to the substrate 
material and an epitaxial layer will begin to form. 

The epitaxial layers crystallize through a reaction between the atomic beams of 
the source materials and the heated substrate surface. The thickness, composition, 
and doping level of the epilayer can be very precisely controlled via an accurate con- 
trol of the atomic beam fluxes. The substrate is mounted on a block and rotated con- 
tinuously to promote uniform crystal growth on its surface. 

A schematic diagram of an MBE reactor is shown in Eigure 2.10. Generally, an 
MBE reactor consists of three vacuum sections. Preparation and storage of the 
wafers is done in the buffer section. Eoading and unloading of the samples into and 
out of the growth chamber is done in the load lock. Samples are loaded onto a rota- 
tional magnetic holder using a process known as continual azimuthal rotation 
(GAR). Gryopanels are used in conjunction with the vacuum system to keep the par- 
tial pressure of undesirable gases such as GO^ and H^O around 10 " Torr. 

The major difference between MBE and other epitaxial growth techniques stems 
from the fact that the growth is carried in an ultrahigh vacuum environment. There- 
fore, the growth is far from thermodynamic equilibrium conditions and is mainly 
governed by the kinetics of the surface processes. This is in contrast to the other 
growth techniques, such as EPE and VPE, in which the growth condition is near the 
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Figure 2.10 Schematic diagram of an MBE system. 



thermodynamic equilibrium and is controlled primarily by diffusion processes near 
the surface of the substrate. The most important processes in MBE growth occur at 
the atomic level in the crystallization zone and can be summarized into four funda- 
mental steps, as illustrated in Figure 2.11: (a) the adsorption of the constituent 
atoms or molecules impinging on the substrate surface; (b) the surface migration 
and dissociation of the absorbed species; (c) the incorporation of the constituent 
atoms into the crystal lattice of the substrate or the epilayer, at a site where suffi- 
ciently strong bonding exists; that site is usually at the edge of a spreading atomic 
layer, the growing epitaxial crystal; and (d) the thermal desorption of the species not 
incorporated into the crystal lattice. 

The atoms impinging on the substrate surface must be allowed sufficient time to 
reach their proper position at the step edge before an entire new layer comes down 
and buries them. Otherwise, we would get a very rough surface with mountain-like 
and valley-like features on it. Worse yet, the crystal could actually end up with 
defects, such as missing atoms at sites in the crystal structure that would result in 
undesirable electrical properties. 

Within the ultrahigh vacuum, the atoms in the chamber have a long mean free 
path, and collisions with other atoms are infrequent before reaching the substrate. 
Atoms from the sources are thus able to travel in a straight line until they collide 
with the substrate material. The mean free path L of an atom is related to the 
concentration n of this species and its atomic or molecular diameter d through the 
relation: 



L = 



1 



(2.14) 
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Figure 2.1 1 Schematic illustration of the surface processes during MBE epitaxial growth. 

The concentration n is determined by the pressure P and temperature T in the 
MBE: 




where is the Boltzmann constant. Under ultrahigh vacuum conditions (10 '“-10 " 
Torr), the mean free path of gases is found to be several orders of magnitude higher 
than the distance between source and substrate (-10-20 cm). 

Thanks to its ultrahigh vacuum growth environment, one of the primary advan- 
tages of MBE systems is the ability to use advanced in situ characterization tools 
such as reflection high-energy electron diffraction (REIEED), auger electron spec- 
troscopy (AES), X-ray photoelectron spectroscopy, low-energy electron diffraction, 
secondary-ion mass spectroscopy, and ellipsometry, in order to monitor the film 
growth process. 

In a RHEED system, a beam of electrons with energies in the range of 5 to 50 
keV is directed on the substrate at a grazing angle d as shown in Eigure 2.12. The 
electrons are then diffracted by the epitaxial wafer surface, which leads to the 
appearance of intensity-modulated streaks on a fluorescent screen. What is observed 
is called a RHEED pattern. 

There are two types of RHEED characterization: static and dynamic. In the first 
type, the atomic construction of the surface can be determined from the RHEED dif- 
fraction pattern. Such information is of particular interest since the atomic surface 
construction is a function of the flux of the incoming electron beam, the substrate 
temperature, and the strain of the epilayer. Dynamic RHEED is based on the change 
of the intensity of the main (central) diffraction streak as the wafer surface rough- 
ness changes over time. Indeed, during the epitaxial growth process, starting from 
an atomically flat surface, the roughness of the epitaxial layer increases as a new 
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Figure 2.12 Schematic diagram of the geometrical configuration of RHEED measurements. Note 
that is usually less than 1 °. 



atomic layer nucleates. Once the surface coverage reaches 50%, the roughness is 
maximal and will start to decrease as the growing layer is filled. Once the new layer 
is completed, the roughness is minimal and will start to increase again. The intensity 
of the main RHEED streak thus follows this periodic oscillating pattern during 
growth, with the maximal intensity corresponding to the minimal roughness. The 
time separation between two adjacent peaks yields the time required for the growth 
of a single layer of the crystal. This is a powerful method that provides an accurate 
thickness calibration technique that is sensitive to within one single atomic layer. 

Auger electron spectroscopy is another in situ surface monitoring technique 
that can be used during the MBE epitaxial growth process to study surface stoichio- 
metry. This technique utilizes the Auger effect to measure the elemental composi- 
tion of surfaces: a beam of energetic electrons, 3 to 25 keV, is used to excite surface 
atoms by knocking a core-level electron into higher orbitals. When relaxing into 
equilibrium, the atoms release their extra energy by emitting Auger electrons with 
characteristic energies. This energy is measured and the quantity of Auger electrons 
is proportional to the concentration of the atoms on the surface. In addition to 
measuring the two-dimensional distribution of elements on a surface, AES can also 
realize elemental depth profiles when it is accompanied by ion sputtering. 

Other advantages of MBE over other epitaxial growth techniques include excel- 
lent thickness control and low growth temperatures. The latter reduces the diffusive 
rearrangement of dopants and semiconductor constituent atoms, and thus reduces 
the blurring of doping and composition profiles across interfaces. 

In spite of its technological advantages, MBE suffers from the high costs associ- 
ated with maintaining the ultrahigh vacuum environment. In addition, technologi- 
cal challenges remain, such as increasing the growth rate, which remains rather 
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slow; alleviating the difficulty associated with growing phosphorous-bearing alloys 
such as InP and InGaAsP; and alloy composition control. 

2.4.4 Metalorganic Chemical Vapor Deposition 

Metalorganic chemical vapor deposition (MOCVD) has become one of the most 
widely used techniques for the epitaxial growth of advanced semiconductors thin 
films and devices at the commercial scale. The technology has now established its 
ability to produce high-quality epitaxial layers and sharp interfaces, and to grow 
multilayer structures with thicknesses as thin as a few atomic layers, especially for 
III-V compound semiconductors [12-14]. 

The MOCVD growth process is based on the pyrolysis of alkyls or metalorgan- 
ics (of group III elements typically) in an atmosphere of hydrides (of group V ele- 
ments typically). The controlled amounts of volatile compounds of alkyls and 
hydride gases are introduced into a reaction chamber in which a semiconductor sub- 
strate is placed on a heated susceptor. The latter has a catalytic effect on the decom- 
position of the gaseous products, such that the semiconductor crystal growth takes 
place in this hot region. By contrast to VPE, the substrate is hotter than the precursor 
sources in MOCVD. A schematic diagram of an MOCVD reactor is shown in 
Figure 2.13, which depicts the gas handling system and the reactor chamber [15]. 

The gas handling system includes the alkyl and hydride sources and the valves, 
pumps, and other instruments necessary to control the gas flows and mixtures. 
Hydrogen (H^), nitrogen (N^), argon (Ar), and helium (He) are the most common 
inert carrier gases used in the MOCVD growth process. 

The alkyl sources are metalorganic (or organometallic) compounds that are liq- 
uids or finely crushed solids usually contained in a stainless steel cylinder called a 
bubbler. The partial pressure of the source is regulated by precise control of the tem- 
perature and total pressure inside the bubbler. Electronic mass flow controllers are 
used to accurately and reliably measure and/or control the mass flow rate of hydride 
and carrier gases through the gas handling system. Thus, by sending a controlled 
flow of carrier gas through the bubbler, a controlled mass flow in the form of dilute 
vapors of the metalorganic compounds can be achieved. The purity of the sources is 
one of the most important issues in modern semiconductor technology. Constant 
effort is devoted to purifying every source material used in order to avoid any kind of 
contamination. Gas purifiers are often used to further purify hydride sources and 
carrier gases. 

The mixing of volatile alkyl and hydride compounds in the gas handling system 
is achieved within a manifold that first stabilizes the flows, then mixes them and 
selectively directs them either to the reaction chamber or into the vent (waste). The 
manifold is designed to uniformly mix metalorganic and hydride sources prior to 
reaching the growth zone. 

The reactor chamber is usually made of quartz or stainless steel and contains the 
susceptor on which the substrate wafer is resting. The susceptor can be heated using 
one of the following three methods: RE induction heating, radiative (lamp) heating, 
or resistance heating. The shape of the reactor chamber is carefully designed and 
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Figure 2.13 Schematic diagram of typical low-pressure MOCVD reactor. 



engineered to eliminate the development of vortices and dead volumes. The growth 
parameters (e.g., pressure, temperature, and total gas flow) are chosen such that a 
laminar flow free of convection is realized. This is generally easier to do by operat- 
ing at low pressure. By doing so, one ensures that a stable, reproducible, and uni- 
form growth process is achieved. 

Two types of fundamental processes occur during crystal growth on the sub- 
strate surface: thermodynamic and kinetic processes. Thermodynamic processes 
determine the driving force for the overall growth process, whereas kinetic 
processes define the rates at which the various processes occur. Hydrodynamics and 
mass transport, which take into account the gas velocities and temperature gradi- 
ents in the vicinity of the hot susceptor, control the rate of transport of material to 
the growing solid/vapor interface. The rates of the chemical reactions occurring dur- 
ing growth, either homogeneously in the gas phase, or heterogeneously at the sub- 
strate surface, also play a role. Each of these factors will dominate some aspect of 
the overall growth process. A study of the dependence of a macroscopic quantity, 
such as growth rate, on external parameters, such as substrate temperature and pre- 
cursor source flow rates, gives insight into the overall growth mechanism. 

Thermodynamic calculations are useful in obtaining information about the 
solid composition of a multicomponent system when vapor phase compositions are 
known. They are also useful in obtaining the phase diagram of a multicomponent 
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system by calculating the compositions of the crystal for different temperatures and 
pressures. However, the MOCVD process is by definition not an equilibrium 
process. Thermodynamics can thus only define certain limits for the MOCVD 
growth process and is unable to provide any information about the time required to 
attain equilibrium, the actual steps involved in the pursuit of the lowest energy 
state, or the rates of the various processes occurring during the transition from the 
initial input gases to the final semiconductor solid. These problems can only be 
approached in terms of kinetics. 

A much simplified description of the MOCVD growth process for III-V com- 
pounds, such as the growth of GaAs using trimethylgallium (Ga(CH 3 ) 3 ) and AsHj, 
occurring near and at the substrate surface is illustrated in Figure 2.14. Several 
processes are involved, including (1) the transport of reactants through the bound- 
ary layer to the substrate, (2) the adsorption of reactants at the substrate, (3) the 
atomic and/or molecular surface diffusion and chemical reactions, (4) the incorpora- 
tion of GaAs into the lattice, and (5) the transport of by-products away from the 
substrate. The typical reactants and growth temperatures for a few III-V compound 
semiconductors are summarized in Table 2.2. 

Although the MOGVD growth process cannot usually accommodate as many in 
situ characterization techniques as can the MBE process, recent advances in the 
design and manufacture of MOGVD growth equipment have led to a few viable 
techniques. One of the pioneering works in this area was done in the late 1980s and 
consisted of conducting reflectance difference spectroscopy measurements during 
epitaxial growth. This technique consisted of conducting near-normal incidence 
ellipsometry measurements on the growing epitaxial layer, which yielded the rela- 
tive difference of the two reflection coefficients for polarizations along the <011> 
and <01-1> crystal axes. This method was found to be very sensitive to any transient 
fluxes at the substrate surface and could be used to optimize the gas switching proce- 
dures and any hetero junction growth processes. 
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Figure 2.14 Illustration of the various processes involved in the MOCVD growth of GaAs from 
ASH3 and Ga(CH3)3. 
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Table 2.2 Reactants and Growth Temperatures for Some of 
the lll-V Semiconductors Grown by the MOCVD Process 



Compound 


Reactants 


Growth Temperature (°C) 


GaAs 


TMGa + AsH, 


650-700 


GaP 


TMGa + PH, 


750 


GaN 


TMGa + NH, 


1,000-1,050 


GaSb 


TEGa + TMSb 


500-550 


AlAs 


TMAl + AsH, 


700 


AIN 


TMAl + NH, 


1,100-1,200 


InAs 


TEIn + AsH, 


650-700 


InP 


TEIn + PH, 


725 



Most current techniques now make use of some sort of optical interferometry, 
using monochromatic light with a photon energy lower than the bandgap energy of 
the growing semiconductor, in order to assess the surface condition, that is, the 
roughness of the growing epitaxial layer. By doing so, one can instantaneously esti- 
mate the atomic layer growth rate in a manner similar to how it is done in the 
dynamic RHEED method in MBE. 

The MOCVD growth technique has proved advantageous in terms of multiple- 
heterostructure growth control, high versatility, high uniformity of com- 
position, material morphology, sharp interfaces, and the ability to control solid 
composition while maintaining good lattice matching. Even for lattice-mismatched 
material systems such as Ill-nitrides, this method has been proven to produce 
high-quality layers. Eor example, growth of AIN on sapphire substrate has been 
successfully conducted despite an -13% lattice mismatch between the AIN epitax- 
ial layer and sapphire (Eigure 2.15). The ability to grow high-quality epilayers has 
in turn led to the realization of an increasingly large number of high-performance 
devices, both in electronics and optoelectronics applications. MOCVD is also one 
of the major techniques used in industry, because modern equipment is capable 
of yielding the required high industrial throughput. The large lattice mismatch 
between sapphire and AIN induces a dislocated interface with the thickness on 
the order of 1 monolayer (ME), after which the AIN epilayer assumes its own lattice 
parameter. 

However, MOCVD still suffers from the highly toxic, flammable, pyrophoric, 
and corrosive nature of the reactants (such as arsine and phosphine) and by- 
products. Eike any other chemical vapor deposition (CVD) process, the high tem- 
peratures needed to decompose a molecule in MOCVD sometimes lead to substan- 
tial diffusive rearrangement of both dopants and the semiconductor species in 
heterostructures. This rearrangement produces a blurring of the intended composi- 
tion profiles or even the out-diffusion of species from the back of the wafer into the 
vapor and back into the growing epilayer (autodoping). Eurthermore, in MOCVD, 
one controls what enters the reactor but not what arrives at the growing 
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Figure 2.15 High-resolution TEM image of AIN/sapphire interface grown by MOCVD. The large 
lattice mismatch between sapphire and AIN induces a dislocated interface with the thickness on 
the order of 1 mL, after which the AIN epilayer assumes its own lattice parameter. 



semiconductor surface. A change in the incoming gas chemistry does not produce a 
corresponding change at the surface. A delay and a time averaging will result. 

Thermodynamics of CVD 

The most important information we can get out of thermodynamics is the feasibility 
of a chemical reaction. Thermodynamics can also provide some information on the 
partial pressures of the involved precursors. To use thermodynamics, we should 
assume that the system under consideration is at its equilibrium state, which is not 
the case for a reactor through which gases flow in and out continuously. Therefore, 
we should expect thermodynamics to merely give us some guidelines when it comes 
to CVD. The assumption of having an equilibrium state can also be translated 
into the approximation of the free-energy change AG by the standard free-energy 
change AG°. 

Feasibility of Reactions 

Let us see how thermodynamics can help us find out about feasibility of a chemical 
reaction. Table 2.3 includes several reactions with different free-energy changes. 
This table shows that oxidation and nitridation of silane are favorable reactions and 
cannot be reversed, because AG is a strongly negative value. Decomposition of 
silane, however, can be reversible as the reaction has a small value for free-energy 
change and, in fact, by adding small amounts of chlorine the reaction will go the 
other way. Deposition of TiN is not thermodynamically favorable at room tempera- 
ture, however the reaction can take place at slightly higher temperatures (AG is a 
small positive value). As for deposition of Ti metal, the value of free-energy change is 
much higher; therefore, much higher temperatures (in excess of 1,000°C) are 
required for deposition of Ti. 
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Table 2.3 Free-Energy Change and Classification of Some Reactions 
Reactants Products AG (k]/mol) Classification 



SiH, + 20, 


SiO, + 2H,0 


-1,307 


Highly favorable, highly irreversible 


2SiH, 


+ 4NH, 


SijN, + 12H, 


-742 


Favorable, irreversible 


SiH, 




Si + 2H, 


-57 


Moderately favorable, can be reversible 


Tick 


+ 2NH, 


TiN + 4HC1 + H, 


92 


Not favorable, possible at elevated 
temperatures 


Tick 


+ 2H, 


Ti + 4HC1 


287 


Not favorable, possible only at very high 
temperatures 



2.4.5 Atomic Layer Epitaxy 

Atomic layer epitaxy (ALE) is a growth technique that is implemented primarily 
during MOCVD process. It is an attractive method because it allows the digital con- 
trol of the growth rate at a monolayer scale. Indeed, during ALE, the precursor 
source materials are alternatively injected onto the substrate in the reactor. As a 
result, gas phase mixing and homogeneous chemical reactions of source materials 
commonly found in MOCVD are suppressed and the growth reaction occurs only 
on the substrate surface. Therefore, the film thickness can be controlled with a sin- 
gle atomic layer accuracy. Eurthermore, the ALE process exhibits self-limitation, 
that is, the layer thickness per cycle is independent of subtle variations of growth 
parameters. The growth rate is only dependent on the number of growth cycles and 
the lattice constant of the deposited material. 

ALE is in fact a particular case of a self-limiting process that takes place in the 
gas phase. Other types of self -limiting growth processes exist, but they use ionic spe- 
cies reactants in solution, in which case the methods are known as successive ionic 
layer adsorption and reaction (SILAR) or electrochemical ALE (ECALE). 

2.5 Thin-Film Deposition Techniques 

2.5.1 Plasma-Enhanced Chemical Vapor Deposition 

Plasma-enhanced chemical vapor deposition (PECVD) is a thin-film deposi- 
tion technique that uses plasma to promote the decomposition of precursor sources 
into reactive species. By doing so, the deposition temperature can be lowered, 
which thus reduces thermal damage to the semiconductor wafer or device. Today, 
this technique is most often used for the deposition of dielectric films, even 
though other types of materials can also be deposited, including metals and 
semiconductors. 

Eigure 2.16 shows a schematic diagram of a commonly used PECVD reactor 
chamber. It is a cold wall parallel-plate reactor inside a cylindrical aluminum cham- 
ber. The chamber is maintained at low pressure through the use of vacuum pumps, 
except when loading and unloading wafers. The top plate or electrode is a shower- 
head through which gases are injected. The wafers are resting on the bottom elec- 
trode plate. The high side of the RE power supply is connected to the top electrode 
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Figure 2.16 Schematic diagram of a parallel-plate PECVD reactor. 



and is operated at a typical frequency of 13.56 MHz. The bottom electrode is 
grounded [16]. 

Most of the energy needed for the decomposition reaction is supplied by high- 
energy electrons created inside a glow discharge (plasma). The plasma is created 
by applying a strong oscillating electric field across the gas mixture between the 
parallel electrodes, which dissociates and ionizes the gas molecules, thus generating 
the plasma. The plasma contains electrons, gas molecules, ions, and free radicals 
of high energy. During each cycle, electrons and ions gain high-kinetic energies; 
however, this energy is much higher for electrons due to their light mass. Therefore, 
the effective electron temperature can reach high values (lO'^-lO^ K) while ions 
remain at much lower temperature (100-400°C). In this way the source gas mole- 
cules are excited to higher energy states, primarily by inelastic collisions with the 
energetic electrons, and dissociate into a variety of radicals, ions, atoms, and more 
electrons. An avalanche effect results that continues until a steady-state plasma is 
established [17]. 

Radicals and atoms generated in the plasma travel to the substrate surface 
through a gas phase diffusion process. Many of these radicals undergo secondary 
reactions during their diffusion toward the substrate, mainly with parent molecules. 
Upon arrival, they are adsorbed onto the surface where some then diffuse on the 
growing film surface and make chemical bonds at favorable sites to form an 
amorphous network. Others are desorbed depending on their respective sticking 
coefficients. 

The properties of the thin films deposited by this technique depend on various 
parameters such as electrode configuration, power, frequency, gas composition, 
pressure, flow rate, and substrate temperature. 

The PECVD deposition process can be greatly enhanced through the use of 
microwave plasmas in which microwave energy is coupled to the natural resonant 
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frequency of the electrons in the presence of a magnetic field. This is then called an 
electron cyclotron resonance (ECR) process. 

RF plasmas usually have a charge density of the order of 10'“ cm"’ at a pressure 
of about 10 ’ to 1 Torr. By contrast, the ECR discharge is easily generated at much 
lower pressures (10"’-10 ’ Torr) and has a degree of ionization that is 1,000 times as 
high as in an RF plasma. In addition, the controllability of the ion energy, high 
deposition rates, and the absence of source contamination have made ECR plasmas 
popular not only for film deposition but also for the etching process. 

2.5.2 Vacuum Evaporation 

Vacuum evaporation is a simple thin-film deposition technique that is generally 
used for metal or dielectric thin films on a semiconductor wafer or device. The 
source material consists of a heated metal filament/wire or fine crushed solids that 
are heated above their melting points in a high vacuum chamber. The evaporated 
atoms travel the distance between the source and the substrate and deposit on the 
wafer surface [18]. 

Figure 2.17 shows a typical vacuum deposition system. It consists of a vacuum 
chamber, maintained under high vacuum (10'’-10"’Torr) by a pumping system. The 
shape of the chamber is generally a bell jar that is made of quartz or stainless steel, 
inside of which many components are located, including the metal or dielectric 
material sources, a wafer holder, a shutter, a thickness rate monitor, heaters, and an 
ion gauge to monitor the chamber pressure. The precursor sources are located at the 
bottom of the chamber, whereas the wafer holder is placed on the top with the 



Wafer holder 



Wafers 




Figure 2.17 Schematic cross section of a typical vacuum evaporation system, which includes a 
glass bell jar under vacuum, a sample holder, a metal filament (evaporation source), and a thick- 
ness monitor. 
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wafers facing down. The wafer holder may be rotated to achieve a uniform 
deposition. 

It is important to operate at a reduced pressure for a number of reasons. First, 
reducing the pressure ensures that the concentration of residual oxygen molecules is 
small enough to minimize the oxidation reaction of metals (e.g., aluminum). Sec- 
ondly, the coating uniformity is enhanced at a higher vacuum. Indeed, under these 
conditions, the mean free path of the evaporated atoms is increased. When the mean 
free path exceeds the dimensions of the chamber, this ensures that the metal atoms 
will strike the wafers before hitting another atom, which could cause nonuniform 
depositions. 

Three different types of evaporation techniques are used, depending on the 
method used to physically evaporate the metal from its solid state: filament evapora- 
tion, electron beam evaporation, and flash hot plate. 

The filament evaporation method is the simplest of these methods and is 
applicable only for metals. The metal can be in the form of a wire wrapped around 
a coiled tungsten that can sustain high temperatures and current. The metal can 
also be stored in tungsten boats if large quantities of material are required. An elec- 
trical current is passed through the tungsten boat, thus heating and melting the 
metal into a liquid which then evaporates into the chamber at low pressure. Fila- 
ment evaporation is not very controllable due to temperature variations along 
the filament. Another drawback when using filaments is that the source material 
can be easily contaminated and the contaminants can subsequently be evaporated 
onto the wafers. Moreover, mixtures of metal alloys containing, for example, tita- 
nium, platinum, nickel, and gold are difficult to achieve using the filament evapora- 
tion method because each metal has a different evaporation rate at a given 
temperature. 

To avoid such problems, the electron beam evaporation technique was devel- 
oped. Figure 2.18 is an illustration of the principle of an electron beam source, 
which consists of a copper holder or crucible with a center cavity that contains the 
metal material. A beam of electrons is generated and bent by a magnet flux so that it 
strikes the center of the charge cavity, as shown in Figure 2.18. In addition, the solid 
metal within the crucible is heated to its melting point such that it presents a smooth 
and uniform surface where the electron beam hits, thus ensuring that the deposition 
on the wafer is uniform. The crucible is cooled with water to maintain the edges of 
the metal in a solid state. Electron beam evaporation is relatively controlled for a 
variety of metals such as aluminum and gold. This technique can also be used to 
deposit dielectric materials. This method had its own limitations: It can only evapo- 
rate one alloy at a time. But, over the years electron beam systems have incorporated 
multiple guns so that each material will have its own electron beam. 

The flash hot plate method uses a fine wire as the source material. This fine wire 
that contains an alloy material is fed automatically onto a hot plate surface. On con- 
tact, the tip of the wire melts and the material “flashes” into a vapor and coats the 
wafers in the chamber. Because all of the elements are flashed simultaneously, the 
composition of the metal film deposited on the wafer is close to the alloy composi- 
tion of the wire. 
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Figure 2.18 Schematic diagram of an electron beam evaporation source in which electrons are 
generated by a high-temperature filament and accelerated into an electron beam. 

2.5.3 Sputtering 

Sputtering is another vacuum deposition technique that is primarily used to deposit 
dielectric and metal thin films. A typical sputtering deposition system is shown in 
Figure 2.19. It contains a slab or target of the desired metal material, which is elec- 
trically grounded and serves as the cathode. Electrons are accelerated between two 
metal plates holding wafers (anode) and the cathode target. Under vacuum condi- 
tions, argon gas is introduced into the chamber and is ionized into positively 
charged ions through collisions with the electrons to generate secondary electrons 
that acquire enough energy to ionize new argon atoms. 

This process thus generates a plasma inside the chamber. Argon is usually used 
for sputtering because of its inert nature and high purity. The ions are then 





Vacuum pump 



Figure 2.19 Schematic cross section of a typical sputtering system. 
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accelerated toward the cathode target. By impacting the cathode target, enough tar- 
get atoms are sputtered such that they deposit onto the wafer surface that faces the 
target. The main feature of the sputtering method is that the target material is depos- 
ited on the wafer without chemical or compositional change [19]. The vacuum 
inside the chamber should be chosen so that minimal collisions happen when the 
sputtered material moves toward the wafers, while allowing enough collisions 
between electrons and argon atoms to maintain the plasma. Although the deposition 
rate does not depend on wafer temperature, it should be heated in order to have a 
stable film deposited. 

The process just described is called dc sputtering. For insulating targets, made of 
dielectric materials for example, an RF source is used to keep the target neutral [20]. 
Other types of sputtering methods include ion beam sputtering, magnetron sputter- 
ing, reactive sputter deposition, bias sputter deposition, and collimated sputter 
deposition. 

The efficiency of the sputtering process is measured by a parameter called sput- 
ter yield, which represents the number of atoms sputtered from the target per inci- 
dent ion. The sputter yield is proportional to the following factors: (1) the number of 
atoms displaced toward the substrate per primary collision, (2) the number of 
atomic layers that contain these atoms and contribute to sputtering, (3) the number 
of target atoms per unit area, and (4) the cross-section = Jia where 






where is the Bohr radius of the incident ion, and Z„ are the atomic numbers of 
the incident ion and target atom, respectively. The sputter yield usually ranges from 
0.01 to 4 and increases with the mass and energy of the sputtering ion. 

Sputtering has several advantages over other traditional evaporation tech- 
niques. For example, the composition of the deposited film is precisely determined 
by the composition of the target material, step coverage is improved, and sputtered 
films have a higher adhesion. As with the evaporation technique, a high-quality film 
can only be obtained with a clean environment (e.g., clean chamber, pure source 
material, and clean wafer surface). 



2.6 Growth of Nanostructures 

The introduction of quantum wells in the early 1970s was a turning point in the 
direction of research on electronic structures [21]. A quantum well is a very thin 
layer of a semiconductor sandwiched between two layers of another semiconductor 
with wider energy gaps. The motion of electrons in a quantum-well structure is 
bound in two directions if the thickness of the quantum-well layer is of the order of 
the de Broglie wavelength: 
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(2.16) 



In the 1980s the interest of researchers shifted toward structures with further 
reduced dimensionality: one-dimensional confinement (quantum wires) [22] and 
zero-dimensional confinement (quantum dots). Localization of carriers in all three 
dimensions breaks down the classical band structure of a continuous dispersion 
of energy as a function of momentum. Unlike quantum wells and quantum 
wires, the energy level structure of quantum dots is discrete (Figure 2.20). The study 
of nanostructures opens a new chapter in fundamental physics. In addition, quan- 
tum dots have many applications in devices such as quantum dot lasers and 
photodetectors. 



2.6.1 Properties and Requirements of Quantum Dot Devices 

In the last few years, nanostructures have been successfully realized the use of self- 
organized effects during growth of strained heterostructures. The most celebrated 
material system in this regard is InGaAs/AlGaAs. Other material systems such as 
InP/InGaP, (In,Ga)Sb/GaAs, and (In,Ga,Al)N systems have also seen rapid progress 
in the field of nanotechnology. 

QDs are expected to possess many interesting and useful properties for optoe- 
lectronic devices. It is proposed that semiconductor lasers with a QD active region 
will have very low, temperature-independent threshold currents [23-25] and high- 
frequency modulation with negligible chirping effect [26]. 

To demonstrate useful QD-based devices several requirements need to be ful- 
filled [27]: 




Figure 2.20 Density of states in the conduction band for a quantum dot (OD) and a bulk crystal 
(3D). 
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• Small QD size and sufficiently deep localizing potential for observation of 
zero-dimensional confinement, 

• High density of QDs and a high filling factor, 

• Low dislocation density material. 

The QD size should not exceed a lower and an upper size limit dictated by the 
population of energy levels. The minimum QD size is the one that ensures existence 
of at least one energy level of an electron or a hole or both. For a spherical QD, 
assuming a type I heterostructure, the minimum diameter {D^J is given by 



D - , 

^2m^AE^ 



(2.17) 



where is the electron effective mass and A£^ is the conduction band offset 
between the two different materials used. For instance, for the InAs/AlGaAs system, 
the critical diameter of the QDs is ~3 to 5 nm, whereas this value is about 1 nm for 
the GaN/AlN system. 

The maximum size of a QD is based on the thermal population of the higher 
lying energy levels, which is not desirable for some applications such as laser diodes. 
Limiting the thermal population of higher lying energy levels to 5 % will result in the 
following condition: 



kT<^(E^° (2.18) 

where and are the first and second energy levels in the QD, respectively. 
For room temperature operation, this condition imposes an upper limit of 20 nm for 
InAs/AlGaAs material system if electrons are considered. 

The uniformity issue arises when a device performance relies on the integrated 
gain in a narrow energy range, such as QD lasers. This imposes a constraint on the 
fluctuation in the QD size and shape. Large size and shape dispersion values result in 
variations in the position of energy levels, resulting in inhomogeneous broadening, 
which typically follows a Gaussian shape. 

In addition to uniformity issues, the QD density and the fill factor are of impor- 
tance. To obtain a device that provides the required performance, a certain number 
of QDs packed closely into a given volume are required. 

Finally, as a general requirement, the density of defects in a QD material should 
be as low as possible in order to minimize the nonradiative processes. 

2.6.2 Growth Techniques 

Several methods have been used for fabrication of QD structures. Postgrowth pat- 
terning of quantum dots and transferring of the pattern to the semiconductor layer 
by etching was one of the earliest implemented methods [28]. This method usually 
suffers from low lateral resolution and etching-induced damages. Another method is 
selective growth of a compound semiconductor with a narrower bandgap on the 
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surface of another semiconductor with a wider bandgap. For the formation of quan- 
tum dots, the surface of the underlying semiconductor is patterned with a mask 
(SiOj). Nucleation takes place on the area that is not covered by the mask, resulting 
in tetrahedral pyramids (GaAs/AlGaAs system; Figure 2.21) [29] or hexagonal pyra- 
mids (InGaN/GaN system; Figure 2.22) [30]. 

Probably the most useful method of formation of nanostructures is the self- 
organization phenomena on crystal surfaces. Strain relaxation may lead to forma- 
tion of ordered arrays of quantum wires and quantum dots [31]. 

MBE and MOGVD are commonly used techniques for the growth of 
uniform arrays of 3D QDs [32]. Both lattice-matched and lattice-mismatched het- 
eroepitaxial systems can be used for the formation of nanostructures. In lattice- 
matched systems, the growth mode is determined by the relation between the ener- 
gies of two surfaces and the interface energy [33]. If the sum of the surface energy 
(y^) of the epitaxial layer and the energy of the interface (y) is lower than the sub- 
strate surface energy (yj, that is, y^+ y, < y^, upon deposition the top material wets 
the substrate leading to the Frank-van der Merwe growth mode [Figure 2.23(a)]. 
Ghanging the value of y^ -i- y^may result in a transition from this growth mode to the 
Volmer-Weber growth mode where 3D islands are formed [Figure 2.23(b)]. 

In a lattice-mismatched material system, such as a GaAs/InAs heterostructure 
with 7% lattice mismatch, only the first few deposited monolayers form epitaxial 
strained layers with the lattice constant equal to that of the substrate. When the 
critical thickness is exceeded, the significant strain occurring in the top layers leads 
to the spontaneous formation of randomly distributed islands. The phase transition 




Figure 2.21 GaAs quantum dots grown on the surface of GaAs by selective MOCVD growth. 





38 



Review of Crystal, Thin-Film, and Nanostructure Growth Technologies 




A A A A 
A A A A 
A A A A 
A A A A 



(b) 2^m 




Figure 2.22 (a) Schematic diagram of InCaN quantum dots formed on top of hexagonal GaN 
pyramids, (b) bird's-eye view, and (c) cross section. 



1 


A A 


/ \ / \ 


(a) 




(b) 




(c) 



Figure 2.23 Schematic presentation of various growth modes: (a) Frank-van der Merwe, (b) 
Volmer-Weber, and (c) Stranski-Krastanov. 



from the epitaxial structure to random arrangement of islands is called the Stranski- 
Krastanov transition [Figure 2.23(c)] [34]. 

The shape of the quantum dots can be significantly modified during regrowth or 
postgrowth annealing or by applying complex growth sequences. The quantum dots 
may assume the shape of pyramids [35] or flat circular lenses [36]. 
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InAs/GaAs QD Growth 

We consider growth of InAs QDs on GaAs substrate as a typical example of growth 
of nanostructures. Quantum dots form due to the strain mismatch between the 
MBE-grown InAs and the GaAs substrate. If a very thin InAS layer is grown on the 
GaAs substrate, the growth will be in the form of a two-dimensional wetting layer. 
The growth mode will switch to three-dimensional island growth by increasing the 
thickness of the InAs layer, and the density of dots will increase up to the point that 
the neighboring islands coalesce to form larger islands. Substrate temperature is 
another important parameter in the MBE growth of InAs islands. The diameter and 
density of QDs depend heavily on the growth temperature. Eigure 2.24 shows the 
base diameter and density of InAs islands grown with a 2.1 -ML supply of InAs as an 
Atomic Force Microscope (AEM) function of growth temperature [37]. The AEM 
images are also shown on the right. This temperature dependence is due to the sur- 
face migration length of InAs, which increases with increasing temperature. 

Multiple-layer stacking of islands is often required when implementing QDs in 
the active region of optical devices to obtain enough interaction between the con- 
fined electrons and the electromagnetic field. In this case, a spacer layer determines 
the size and density of QDs. Below a certain thickness of the spacer (GaAs in this 
example), the islands align themselves according to the bottom layer and their size 
increases as we move toward the upper layers. Increasing the thickness of the spacer 
may result in independent growth of islands with nearly constant size and density in 
different layers. By keeping the width of the spacer below the critical thickness, one 
can grow closely stacked multiple layers with perpendicularly aligned islands suit- 
able for electrical coupling in the vertical direction. In this case, the thickness of the 




Figure 2.24 Dependence of diameter and density of QDs for a 2.1 -ML InAs supply on the growth 
temperature and the Atomic Force Microscope (AFM) images of islands at each temperature. 



40 



Review of Crystal, Thin-Film, and Nanostructure Growth Technologies 



spacer, which is chosen small enough so that perpendicular alignment can take 
place, determines the height of the islands. A schematic representation of this 
process is shown in Figure 2.25. As discussed earlier, growth of quantum dots on a 
given substrate in the Stranski-Krastanov growth mode begins with the two- 
dimensional growth of a wetting layer, followed by the 3D growth of islands. The 
shrinkage of islands (InAs) takes place during the annealing step after overgrowth of 
the spacer (GaAs). During this period, part of the island that resides above the spacer 
leaves the island to partially form the subsequent wetting layer. After this, the spacer 
replaces the top portion of the island to reduce the total energy, which leads to 
shrinkage of the island [38, 39]. 

MOCVD is another popular method for growth of low-dimensional structures. 
Various groups have reported growth of self-organized InGaAs QDs on GaAs using 
MOGVD [40-42]. Similarly, other material systems have also been studied for 
growth of ordered arrays of islands: InAlAs/AlGaAs on GaAs [43], InAs on InP [44], 
and InGaAs/InGaP [45]. 

Ill-Nitride QD Growth 

Relatively new to the field are the Ill-nitride compounds consisting of (Al,Ga,In)N 
alloys. Self-assembled QDs in the Ill-nitride material system are generally grown 
either by using an “antisurfactant” or by taking advantage of the lattice mismatch 
between InGaN/GaN or GaN/AlGaN heterostructures. 

In the GaN/AlGaN system, adding a third element (antisurfactant) such as TESi 
to the substrate material (AlGaN) can decrease the surface free energy and reverse 
the inequality y^+ y, > y^ to force the 3D growth in this system [46]. In this case, the 
shape and density of QDs can be controlled by the Si dose, the growth temperature, 
the growth duration, and the A1 content in the underlying AlGaN layer [46-48]. 

The Stranski-Krastanov growth mode has also been studied in the GaN/AlN 
material system. This is driven by the fact that an -2.5% lattice mismatch exists 
between GaN and AIN. Using this method, a high density of dots (~10'“ cm^^) has 
been achieved by MOGVD [49]. The density of QDs depends on the number of GaN 
monolayers grown on the AIN substrate. Figure 2.26 shows this relationship. The 
minimum number of MLs for formation of 3D islands appears to be -4. Similarly, it 
has been shown that 3D islands form above a critical thickness of 3 MLs by plasma- 
assisted MBE [50]. In general, the critical thickness is reached when the gain of elas- 
tic energy becomes greater than the surface free-energy term [51]. For the GaN/AlN 
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Figure 2.25 Schematic representation of the growth of closely stacked islands. 
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Figure 2.26 Density of self-assembled GaN QDs (cm on AIN as a function of GaN coverage in 
monolayers. 



material system, usually the constraint is to grow more than 3 MLs for the island 
formation and less than 8 MLs to avoid the plastic relaxation of the stress [52], 
The ratio of Ga/N is one of the main factors in determination of the growth 
mode. It has been found that growth of GaN on AIN in an N-rich environment 
results in the formation of GaN QDs [50]. On the other hand, the 2D/3D transition 
can be completely inhibited by performing the growth in a Ga-rich environment. 
This behavior is attributed to formation of a stable Ga film, about 2 ML thick, 
which acts as a self-surfactant [53]. 
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3.1 Introduction 

A solid, when confined in all three spatial dimensions to length scales comparable to 
or smaller than the electron de Broglie wavelength, gives rise to discrete electron 
energy levels. As a result of the attendant discrete, ideally <5 -function-like density of 
energy states, such structures acquire new and unique electronic and optical proper- 
ties not found in solid structures confined in only one direction (i.e., quantum wells) 
or two directions (i.e., quantum wires). These structures are called quantum dots 
and are a particular class of semiconductors. 

QDs are the defect-free 3D islands that can form spontaneously for a deposition 
amount beyond a critical value during growth of a compressively strained semicon- 
ductor overlayer on an appropriate substrate [1]. The critical value depends on the 
lattice mismatch and material combination. A variety of IITV, IV-IV, and II-VI 
semiconductor combinations exceeding ~2% lattice mismatch exhibit the phe- 
nomenon. For the InAs on GaAs(OOl) combination involving ~7% mismatch, the 
critical deposition amount is -1.6 ML of In. For Ge on Si(OOl) involving a -4% mis- 
match, it is -3 ML. For InAs/GaAs(001), the typical size of the coherent islands is 
-20 nm for the base length and 3 to 8 nm in height. An atomic force microscope 
image of the InAs island size distribution is shown in Figure 3.1. The exciton diame- 
ter in bulk InAs is -70 nm. Strong electronic quantum confinement effects are thus 
expected and observed. Dubbed self-assembled QDs (SAQDs), the SAQDs have, in 
the past decade, represented the most extensively employed vehicle for studying the 
physics of zero-dimensional structures as well as for examining the potential of QDs 
for electronic and optoelectronic devices [1]. In this chapter we provide a brief 
report on the potential of SAQDs as infrared (IR) photodetectors in the near-IR to 
long-IR wavelength (1- to 20-^m) regime. 

The IR detection wavelength regimes originate in the range of the interband and 
intraband optical transition energies afforded by the tetrahedrally bonded semicon- 
ductor SAQDs, for example, those in the (InGaAl)/As family. The schematic of 
Figure 3.2(a) is an idealized representation of the 3D coherent (i.e., defect-free) 
pyramidal islands formed during InAs deposition on GaAs(OOl) substrates due to 
the -7% larger bulk lattice constant of the InAs overlayer. Figure 3.2(b) represents a 
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Figure 3.1 An atomic force microscope image of InAs islands on GaAs(OOI). Note the fluctuation 
in size and random spatial location. 
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Figure 3.2 Schematic of (a) a buried pyramidal island and (b) the conduction and valence band 
edge lineup that defines the confinement potential along the line passing through the island base. 
The tapering toward the apex symbolizes lower compressive strain toward the apex. The 3D quan- 
tum confined states, arising from the full 3D confinement potential, are indicated along with the 
interband and intraband transitions to be tailored for detectors. 



one-dimensional potential defined by the conduction and valence band edges of the 
GaAs/InAs/GaAs system along a vertical line passing through the pyramidal island 
base center and apex. In such a spatially varying potential, the electrons and holes of 
InAs in certain regions of the otherwise bulk band structure acquire spatially con- 
fined wave functions along with discrete energies, as symbolically indicated in 
Figure 3.2(b). Of course, in reality the QDs are 3D with mostly imprecisely known 
shapes and chemical compositions in all directions along with accompanying 3D 
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spatial distributions of stress (strain) fields. The actual energies and wave functions 
are determined by the full 3D spatially varying potential even for an idealized con- 
ceptualization of a QD, such as that depicted in Figure 3.2(b). 

A variety of QD electronic structure calculations based on a range of theoretical 
approaches abound in the literature [2]. These provide much needed help and guid- 
ance in gaining some understanding of the experimentally inferred electronic struc- 
ture, largely based on optical studies, sometimes supplemented with optoelectronic 
or electrical studies. For our main purpose here — SAQD-based IR photodetectors — 
it suffices for the moment to use the schematic of Figure 3.2 to introduce the main 
considerations for examining the potential of SAQDs for IR detectors. 

The 3D confined nature of most of the QD bound hole and electron states in 
Figure 3.2 immediately reveals that, unlike quantum well (QW) structures [3], even 
normal incidence photons can have meaningful absorption cross sections owing to 
the lack of wave-vector selection rules. Moreover, limitations on the matching of 
the dominant optical phonon energies with the range of energy relaxation to the 
ground state following excitation of an electron to a higher state introduces a so- 
called “phonon bottleneck” [4, 5] and thus enhances the excited carrier lifetime. 
This, in turn, is helpful for collection of the carriers as photocurrent and for achiev- 
ing high photoconductive gain. There are also physical considerations that, model 
calculations suggest [6; also private communication with Y. C. Chang et ah], make 
the dark current for 3D confined carriers meaningfully lower than that in, for exam- 
ple, ID confined structures such as QWs. Moreover, as we discuss later, QDIPs lend 
themselves to the placement of the SAQDs in an appropriately designed and fabri- 
cated resonant cavity, thus allowing for considerable enhancement of the optical 
pathlength even in normal incidence geometry [7]. 

Finally, the hole-to-electron (interband) transitions [Figure 3.2(b)] in a system 
such as InGaAs/GaAlAs can be tuned in the near-IR region (1-1.3 ^m) by appropri- 
ate design and growth of the SAQDs. The electron-to -electron (or, in principle, 
hole-to-hole), that is, intraband, transition-based QDIPs can be realized in the 3- to 
20-^m range by appropriately doping and placing SAQDs in suitable configura- 
tions. By placing the SAQDs in a p-i(SAQD)-w structure, near-IR QDIPs have been 
realized. In this chapter we focus on QDIPs for operation in the mid-IR (3- to 6-^m) 
and long-IR (8- to 12-^m) regimes. 

To achieve a meaningful optical interaction and hence absorption pathlength, 
a typical QDIP structure involves multiple-layer QDs (MQDs), as shown in 
Figure 3.3. At the core of realizing successful QDIPs is the overall trade-off between 
a large number of high-areal-density SAQD layers to allow maximum photon inter- 
action while still minimizing the overall lattice strain buildup to prevent a high den- 
sity of structural defects in the structure. This trade-off has guided our 
consideration of the potential use of “large” and “small” SAQDs, as the next two 
sections will reveal. 

Depending on the transport direction of the photoexcited carriers, two types of 
device structures can be used for QDIPs. One is the conventional vertical transport 
scheme, in which the excited carriers move perpendicular to the growth direction 
[Figure 3.3(a)]. An alternative is the lateral transport scheme (parallel to the growth 
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Figure 3.3 Schematics of two types of the QDIP structures: (a) a vertical transport structure and 
(b) a lateral transport structure. 



planes), which is shown in Figure 3.3(b). The lateral transport devices operate simi- 
lar to a MODFET in that photocurrent proceeds through lateral transport of carri- 
ers across a high-mobility channel between two top contacts. AlGaAs barriers are 
utilized to modulation-dope the quantum dots and to provide a high-mobility chan- 
nel. Both structures respond to normal-incidence radiation. Because the carrier 
transport favors motion within the QD layers, QDIPs with lateral transport are pur- 
ported to have the potential for higher responsivity [8]. Lateral transport QDIPs 
within a modulation-doped heterostructure have demonstrated lower dark currents 
and operation near room temperature [9-11] as a result of the fact that primary 
components of the dark current originate from interdot tunneling and hopping con- 
duction [10]. However, the vertical transport structure is more compatible with 
high-density focal plane array architectures. As a result, most research to date has 
focused on the vertical transport QDIPs. 

Our emphasis in this chapter is on a comprehensive discussion of the growth, 
structural and optical characterization, and device figures of merit on the same 
QDIP structures. To achieve this emphasis, we sacrifice discussion of the few differ- 
ent approaches to the synthesis of QDIPs (in terms of QD sizes, shapes, chemical 
compositions, and growth procedures) reported in the literature. We do, however, 
provide a fairly complete list of the papers that have been published on QDIP. 

The remainder of this chapter is organized as follows: In Section 3.2 we discuss 
QD and QDIP structure growth, QD size distribution, and the tailoring of the QD 
electronic energy levels and wave functions via manipulation of the QD confinement 
potential. We also show how to take advantage of stress manipulation to realize 
multiple-color QDIPs. In Section 3.3 we focus on the QDIP device characteristics 
(dark current, responsivity, noise, photoconductive gain, detectivity) for each of 
three classes of QDIPs discussed in that section: the InAs/GaAs/ AlGaAs QDIPs, the 
InAs/InGaAs/GaAs QDIPs, and the dual-color InAs/InGaAs/ GaAs QDIPs. We end 
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with Section 3.4, which provides some thoughts on continuing exploration to more 
fully assess the potential of QDIPs. 



3.2 QD and QDIP Structure Growth and Characterization 

The materials system used for our systematic studies of SAQD growth and basic 
photoresponse is as-deposited, binary InAs on GaAs(OOl) substrates. The growth 
technique utilized is solid source MBE. For deposition amounts of 1.6 ML, the 
SAQDs form spontaneously. Although their size distribution can be controlled to 
some degree through manipulation of the deposition conditions (e.g., substrate tem- 
perature, deposition rate, deposition amount), we have found that for the most part 
coherent InAs islands grow laterally up to a base length of ~20 nm, beyond which 
the dominant increase in size occurs through an increase in the steepness of the 
pyramidal sidewalls. The most probable heights are ~3.5 nm for deposition 
amounts up to ~2 ML and ~7.5 nm for deposition amount up to ~3 ML. Larger 
islands are mostly dislocated and thus not desirable. We will refer to these two most 
probable types of InAs/GaAs SAQDs as small (or shallow) and large (or steep) QDs. 
To create the QDIP structures, either type of 3D islands is capped with four differ- 
ent types of capping layer materials: (1) GaAs, (2) AlGaAs, (3) InGaAs, and (4) 
InGaAlAs. It is thus through the control of the SAQD’s most probable size and the 
capping layer material that we manipulate the QD electronic structure by tailoring 
the 3D quantum confinement potential through the chemical composition of the 
barrier layer and the substrate-island-capping layer lattice mismatch-induced 3D 
stress distribution. In turn, this allows the design of the operating wavelength and 
other considerations for the QDIP. 

We note that in all capping layer cases mentioned, our growth approach is fun- 
damentally different from the general practice. We grow the capping layers using 
migration-enhanced epitaxy (MEL) at low temperatures between 350°G and 
400°G. This approach should cause minimal chemical intermixing during capping, 
in contrast to the common practice of growing capping layers via MBE that requires 
the same high growth temperatures (480°G to 520°G) as those used for deposition 
of the island-forming layers. 

Our approach provides greater confidence in comparison between photore- 
sponse and structural parameters obtained through atomic force microscope (AFM) 
and transmission electron microscope (TEM) studies on identically grown but 
uncapped QD samples. We have reported that MEL capping at these low tempera- 
tures not only preserves the quality of the GaAs cap, but also increases the photolu- 
minescence (PL) efficiency compared to samples grown identically but capped via 
standard MBE growth techniques [12]. For all growths, GaAs(001)±0.1° substrates 
are used and, after standard cleaning procedures, a ~0.5-^m-thick GaAs buffer is 
grown at 600°C at a growth rate of 0.5 ML/sec with short-term (~2-minute) surface 
annealing at ~610°G before reducing the substrate temperature to between 480°G 
and 500°G for InAs deposition. Various deposition amounts of InAs are delivered 
at 0.22 or 0.054 ML/sec. The delivery itself is continuous, or interrupted after 
well-formed 3D islands have appeared, as explained later. Instantly after InAs 
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deposition, the substrate temperature is ramped down in ~1 minute to the capping 
temperature of 400°C or 350°C, followed by MEE growth of the desired capping 
layer for optical samples. Eor uncapped counterparts intended for AEM studies, the 
temperature is dropped down to room temperature by cutting the heater power. In 
all cases of capped SAQD structures, between one and five layers of InAs islands are 
deposited, separated by a capping layer of desired composition and thickness, as dis- 
cussed for specific cases in the following sections. 

3.2.1 GaAs Capped Large and Small InAs QDs 

Large InAs/GaAs QDs 

Eigure 3.4 shows AEM-based island density versus size distributions realizable in 
single-layer QD samples through the use of two growth approaches: the usual con- 
tinuous InAs deposition [13] and the punctuated island growth (PIG) method [14]. 
The PIG approach divides the total deposited island material (InAs) into two or 






Figure 3.4 (a-c) AFM-determined InAs island size distributions for continuous and PIG cases. 
Note the similar larger size distribution for 3-ML depositions but significantly closer to the 2-ML 
sample density for the PIC sample. (After: [14].) 
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more stages, with the first stage being in the well-formed 3D island regime, that is, 
above the critical deposition amount of 1.6 ML for 3D island formation. The 
importance of the punctuation stage is to keep the island density high, since the 
technique of sub-ML incremental deposition [15] gives generally much lower QD 
densities compared to continuous deposition. Punctuating the island growth gives 
time for material to redistribute, so that during resumed deposition the probability 
of new island formation is suppressed, as can be seen by comparing the total island 
density in Figure 3.4(b) (2-i-l-ML PIG) with Figure 3.4(a) (3-ML continuous 
growth) and Figure 3.4(c) (island growth punctuation but no additional deposition) 
cases. 

Enhanced size uniformity comes from the slower growth rate of larger islands 
due to strain buildup at the island base edge, thus giving the smaller islands the 
opportunity to reach the size range of the larger ones and reduce nonuniform- 
ity [14]. In fact, AFM size analysis shows [16] that virtually all islands have about 
the same base size (~21 nm), whereas the heights vary significantly from a most 
probable value of ~3.5 to ~8.5 nm. The corresponding aspect ratio (height-to-base 
ratio) changes from -0.16 for small QDs to -0.4 for large QDs. An aspect ratio of 
0.16 may be attributed to a variety of side facets {203}, {113}, [136], and so on cited 
in the literature for small QDs, whereas a ratio of 0.4 is suggestive of (101]-type side 
facets for large islands. The cross-sectional TEM image of the uncapped QD sample 
shown in Figure 3.5 reveals the QD cross section in the [110] azimuth for steep 
(large) and shallow (small) islands to be triangular with a base size of -21 nm and 
sidewall slopes of -36° and 24°, respectively [16]. The steeper slope is consistent 
with [101] facets, whereas the shallower slope is closer to the (113], (136]-type 
facets. 

The low-temperature PL behavior of the counterpart samples with islands 
capped by MEE-grown GaAs is shown in Figure 3.6. In all cases except one the InAs 
deposition rate is 0.22 ML/sec. The exception is the continuous 2.5-ML InAs depo- 
sition sample marked “slow” for which the deposition rate is 0.054 ML/sec [17], 
about four times slower than the others. Note the broad {full width at half maxi- 
mum (FWHM) -80 meV] peak for the 2-ML sample as contrasted with the very 
narrow (FWHM -25 meV) dominant peak at -1.07 eV for the 3-ML PIG sample. 

We note that the slow-growth-rate 2.5-ML continuous deposition gives pre- 
dominantly large SAQDs, very similar to those of the 3-ML PIG. The self-limiting 
base size of such islands combined with larger volume leads to the dramatically 
reduced PL linewidths and remarkable reproducibility of QD growth. The interme- 
diate depositions of 2.5 ML at the faster growth rate show a stark bimodal PL emis- 
sion, suggesting a bimodal distribution of SAQD sizes. Remnants of the smaller size 
islands are manifest in the small PL emission at higher energy (-1.18 eV) even in the 
3-ML PIG or slow-growth-rate 2.5-ML SAQDs. These observations suggest that 
2-ML deposition SAQDs exhibiting a unimodal though broad distribution of sizes 
centered around the smaller (shallower) islands potentially offer a photoresponse 
quite different from that of the essentially unimodal distribution of the large (steep) 
SAQDs formed for 3-ML PIG or slow-growth-rate 2.5-ML islands. In between, one 
can realize situations with dominant bimodal island size distribution and hence 
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Figure 3.5 Cross-sectional TEM images showing the shallow and steep InAs islands, along with a 
path for the charge. Note that the island base size changes very little during the shape change. 
This self-limiting base size is a consequence of the high strain at the island edges. (From: [1 6]. 

© 2001 I. Mukhametzhanov. Reprinted with permission.) 



bimodal photoresponse. Indeed, such considerations will be seen in subsequent sec- 
tions to be of importance to the design of QDIP devices. 

To gain insight into the nature of the electronic states of structurally reasonably 
well characterized SAQDs, we examined systematically the narrow, essentially uni- 
modal distributions represented by the 3-ML PIG samples and the slow-growth-rate 
2.5-ML continuous-growth samples [17]. We have carried out systematic studies of 
the electronic structure combining PL and PL excitation (PLE) optical spectroscopy 
[18-20] with near- and middle-infrared photocurrent (PC) spectroscopy [18]. 
Figure 3.7 shows the low-temperature (~8K) PLE spectra of the two samples, taken 
for detection at their respective PL peaks (-1.069 eV). In PLE one varies the detec- 
tion wavelength through the inhomogeneously broadened ground-state PE peak, 
and thus probes subensembles of QDs with different sizes, as first shown in [12]. 
Note the essential similarity of the two spectra, suggesting the similarity of the 
underlying island size distributions. The strongest transitions in PLE are seen in 
Figure 3.7 at -83 and -171 meV above ground-state transition and at weaker transi- 
tions at -60 and -135 meV. 

Excited electron and hole state information is also obtained from PC measure- 
ments, the same quantity that forms an integral element of the photodetector 
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Figure 3.6 Low-temperature PL behavior of continuous-growth and PIC InAs/GaAs SAQDs. 




Figure 3.7 PLE spectra of large [PIC {2+^ )-ML and slow-growth-rate 2.5-ML) InAs/GaAs QDs at 
8K. 



characteristics. Thus PC measurements were carried out for both interband and 
intraband photoexcitation in analogous PIG QD samples grown in t7-i(MQD)-« 
geometry [18-20]. As noted in Section 3.1, and as discussed later in Section 3.3, our 
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focus is on QDIP structures that have an undoped QD region, the carriers being pro- 
vided to the QDs from Si-doped GaAs supply layers separated by undoped spacer 
layers above and below the QD region. Thus for electron-based «-i(MQD)-« struc- 
tures, the average occupancy of the QD ground states is controlled by the dopant 
concentration in the doping layers and their separation from the MQD region in dis- 
tance through the thickness of spacer layers. This is analogous to modulation doping 
of heteroj unction structures. Indeed, we have optimized the parameters to keep the 
average occupancy of the QD ground states to less than 2 at liquid nitrogen tempera- 
tures. This helps keep the dark current low but, from a basic investigation view- 
point, allows measurement of the interband photocurrent. 

Figure 3.8 shows a typical room temperature near-infrared (NIR) PC response 
of the large SAQDs measured using a Bruker 55 Fourier transform infrared spec- 
trometer (FTIR) spectrometer with an integrated cryostat [18-20]. Detected transi- 
tions are at 0.98, 1.06, 1.14, and 1.21 eV, which is consistent with the PL and PLE 
findings. Typically, NIR PC peaks are much less resolved at LHe temperatures due 
to decreased probability of carrier extraction and thus suppressed photocurrent. 
Due to the integrative nature of photocurrent detection, as opposed to the size 
subensemble selection in PLE, one resolves only the strongest transitions in the pres- 
ence of inhomogeneous broadening. By contrast, the intraband transitions give 




Figure 3.8 NIR PC spectrum of PIG 2.0+At+l .0-ML sample, where peaks reflect interband transi- 
tions. (From: [18]. ©2000 I. Mukhametzhanov. Reprinted with permission.) 
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much richer information on the electronic structure since, as found in size-selective 
PLE [18-20], level separations within electron or hole manifolds change much 
slower than the level energies with change in SAQD size. Thus one gets significantly 
better resolution in the intraband transitions while interband transitions are typi- 
cally much broader (~25 meV). 

Figure 3.9 shows the ~77K intraband medium-wave infrared (MWIR) PC spec- 
trum in the electronic manifold, with two clear peaks at 115 and 170 meV. There is 
a shoulder indicative of a third peak at -180 meV. According to the calculated 
energy levels in pyramidal InAs/GaAs QDs available in the literature [21, 22], one 
would expect a much richer PC level structure than the two detected peaks. How- 
ever, one should bear in mind that some allowed transitions might not be observed 
due to small oscillator strengths or due to the shallow depth of the higher energy lev- 
els involved. Moreover, the inhomogeneity caused by the QD size fluctuation causes 
broadening of transition energies and thus compromises resolution. Nevertheless, 
combining the results of the systematic PL, PLE, and PC spectroscopies on the same 
samples allows us to place limits on the electronic structure as unambiguously as 
possible. 

The typical behavior of the electron transitions in the large InAs/GaAs(001) 
QDs, extracted from such studies, is summarized in Figure 3.10. The dominant con- 
duction band energies are at -60, -112, and -172 meV above the ground state for 
the conduction band states. The valence band states are at -23 and -60 meV above 
the ground state. This, along with QD shape and size derived from AFM/TEM 
structural characterization, provides a framework for testing theoretical models and 
calculation algorithms. 

In contrast to the predominantly large (steep, with most a probable height of 
-7.5 nm) InAs QDs discussed earlier, for lower InAs deposition amounts up to -2 




Figure 3.9 MIR PC spectrum of PIG 2.0+At+l .0-ML sample. Peaks reflect intraband transitions. 
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Figure 3.10 Schematic of the energy band diagram of the large [PIG(2+1 )-ML and slow-growth- 
rate 2.5-ML)] InAs/GaAs QDs. 



ML, the islands formed are smaller with a most probable height of ~3.5 nm. The size 
distribution is broader, which, combined with smaller volumes, manifests itself in 
the much broader PL linewidths of 65 to 80 meV. Nevertheless, to get some bounds 
on the nature of the electronic energy levels in the smaller dots, PL, PLE, and PC 
studies were carried out. Figure 3.11 shows typical PL and PLE spectra obtained for 
detection at the PE peak. The step seen at -1.43 eV is the InAs wetting layer emission 
and is characteristic of a 2D confined, that is, QW, system. One clearly resolved 
peak is seen at -1.26 eV, about 100 meV above the ground-state transition. A shoul- 
der is seen riding to the lower energy size and suggests, as also expected from calcu- 
lations [21, 22], that the first excited electron state in these dots is - 50 meV above 
the ground-state energy. The inhomogeneous broadening of the size is the dominant 
cause for lack of resolution in the PEE spectrum. 

Figure 3.12 shows the intraband PC measured on a 2-ME InAs/lOO-ME GaAs 
five-layer stack w-/(MQD)-« QDIP structure. Note the broad response spread over 
4.5 to 7.5 ^m with dominant peaks suggested at -5.5, 6, 6.5, and 7 ^m. For handy 
comparison, also shown is the response of the large QDs such as those formed for 
the (2 -e1)-ME pig structure of Figure 3.9, which, because of the much reduced size 
dispersion, gave a very narrow intraband response at 170 meV. The inferred energy 
level scheme for the small QDs is shown in Figure 3.12(b). 

Gombining all PE-, PEE-, and PG-based information available on our SAQDs, a 
comparison can be made between the ground-state transition energies measured and 
calculated as a function of the SAQD height for a fixed base size in the neighborhood 
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Energy (eV) 

Figure 3.1 1 PL and PLE spectra of 2-ML InAs/CaAs x 5 QDIP at 79K. 



of the self-limiting base value of ~20 nm. This is shown in Figure 3.13. The calcu- 
lated results are from the group of Y. C. Chang, obtained using the bond-orbital 
method and finite element/continuum elasticity methodologies [21, 22; also private 
communication with S. J. Sun and Y. C. Chang]. The theory is normalized to the 
experimental value for a 5-nm height. The resulting theoretical curve provides a rea- 
sonable description of the experimental findings within their own uncertainties. 

3.2.2 AIGaAs Capped Large InAs MQD QDIP Structures 

Having established the basic characteristics of our large and small InAs/GaAs 
single-layer SAQDs, we next consider the nature of the multilayered QD structures 
needed for the QDIPs. As noted before, the real trade-off is between the number of 
QD layers and the total strain buildup that increases structural defect density. 
Operationally, the considerations are between the size of the islands, the lattice mis- 
match with the capping layer, and the thickness of the capping layer. It is routine 
now to exploit the buried island induced stress fields on the cap layer surface to 
achieve considerable vertical self-organization (VSO) of the SAQDs, and in many of 
our MQD structures this is the case. However, VSO is not an important require- 
ment for the QDIPs. Thus, to reduce the cumulative strain effect, but at the cost of 
the extracted photocurrent, the spacer thickness between the SAQD layers can be 
made large. As an example, we examine n-i{MCfD)-n structures involving five 
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Figure 3.12 (a) Intraband photocurrent spectra the (2+1)-ML PIG InAs/GaAs x 5 QDIP and the 
2-ML InAs/GaAs x 5 QDIP at biases of 0.40 and 0.41V at 77K, respectively, and (b) their schematic 
energy band diagrams. 



(2+l)-ML PIG InAs 3D islands [23], as shown schematically in Figure 3.14. The 
spacer between the bottom (top) contact layer and the nearest QD layer had a thick- 
ness of 220 (240) ML. The spacers between the active QDs have a total thickness of 
150 ML made of two kinds of spacer structures. In one type of structures, referred to 
as S-GaAs, the spacer material is GaAs. In the other type of structures, referred to as 
S-AlGaAs, 21-ML-thick AlAs/GaAs (1-ML/2-ML) short-period superlattices 
(SPSLs) are inserted to replace 21 ML of GaAs on both sides of each QD layer. The 
lower AlAs/GaAs SPSLs were located at a distance of 2 ML below the QD layer, 
while the upper SPSLs are deposited after growth of a 30-ML GaAs capping layer 
above the QD layer. The AlAs/GaAs SPSLs were grown at 500°G via the MBE 
approach, while the 30-ML capping GaAs was also grown via MBE but at 350°G. 
The average QD height of the AlGaAs counterpart uncapped sample is ~6 nm. 
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Figure 3.13 Comparison of experimentally determined and calculated QD ground-state transi- 
tion energy as a function of InAs QD height for a base length of 20 nm. 
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Figure 3.14 Schematic of QDIP structures examined. The gray bands represent samples with 
AlCaAs blocking layers. 



slightly smaller than ~7.5 nm found for the counterpart of the GaAs sample. The 
dot densities in both cases are -650 firn. 

Figure 3.15 shows cross-sectional TEM (X-TEM) images of S-GaAs and 
S-AlGaAs [23]. Both parts indicate the existence of five-layer InAs QDs as well as 
the wetting layer. Note that, for S-GaAs (in Figure 3.15), the QD density in the top 
layer is smaller than in the lower layers, while the QD density in S-AlGaAs is similar 
for all layers. Figure 3.15(b) also shows clear contrast between AlGaAs and GaAs 
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Figure 3.15 X-TEM images of a five-layer stack of (2+1)-ML PIC InAs/GaAs QDIPs (a) without 
(S-GaAs) and (b) with (S-AICaAs) AlCaAs blocking layers (light bands). 



layers. Based on the X-TEM measurements, the macroscopic defect density in these 
QDIPs was estimated to be ~10*cm“^ for S-GaAs and ~10^cm“^ for S-AlGaAs. 

The PL spectra (Figure 3.16) of the QDIP samples at 78K show a main peak at 
1.060 eV (S-GaAs) and 1.066 eV (S-AlGaAs) with a small broad shoulder on the 
higher energy side [23]. The main PL peak corresponds to the QD ground-state tran- 
sitions. The small, broad PL shoulder is most probably due to smaller QDs. The 




Figure 3.16 PL spectra of (2+1)-ML PIG InAs S-GaAs and S-AICaAs QDIPs at 78K. 
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FWHM of the main peak is 36 meV (25 meV) for S-GaAs (S-AlGaAs). The narrow 
PL line width enables us to get more information on the QD electronic structure. 
Figure 3.17 shows the PLE spectra of S-GaAs and S-AlGaAs samples at 78K, 
recorded at a detection energy at the corresponding PL peaks at 1.060 and 1.066 
eV. For S-GaAs, five peaks at 1.092, 1.120, 1.143, 1.188, and 1.227 eV are clearly 
seen, whereas for S-AlGaAs clear peaks are seen at 1.099, 1.131, 1.155, 1.205, and 
1.261 eV. The PLE peak at 1.092 eV (1.099 eV) differs from detection energy by 32 
meV (33 meV), which is close to the QD longitudinal-optical (EO) phonon energy, 
and thus corresponds to the EO phonon replica [24] in the S-GaAs (S-AlGaAs) sam- 
ples. The other PEE peaks can be attributed to QD excited states at 60, 83, 128, and 
167 meV (65, 89, 139, and 195 meV) above the ground transition for S-GaAs 
(S-AlGaAs). The PEE peaks of S-AlGaAs blue shift relative to the corresponding 
peaks of S-GaAs. 

Interband transitions in these QDIPs were also detected using ETIR photocur- 
rent spectroscopy, indicating that the electron level occupancy was less than two per 
QD [23]. Eigure 3.18 shows a typical interband ETIR photocurrent spectrum of 
S-GaAs (bias: -I-0.33V) and S-AlGaAs (bias: -I-0.40V) at room temperature. Multiple 
peaks at 0.996, 1.08, 1.16, and 1.23 eV (1.01, 1.10, 1.15, 1.20, and 1.27 eV) 
are clearly resolved for S-GaAs (S-AlGaAs). Gompared with the PE/PEE results 
described earlier, the PG peaks with the lowest energy at 0.996 and 1.01 eV can be 
attributed to the ground-state transitions of QDs in the S-GaAs and S-AlGaAs, 
respectively. The rest of the PG peaks can be attributed to excited states with excita- 
tion energy of 84, 164, and 234 meV (92, 140, 192, and 264 meV) relative to the 
ground state for S-GaAs (S-AlGaAs). These observed excited states, except that at 




Figure 3.17 PLE spectra of (2+1)-ML PIC InAs S-CaAs and S-AIGaAs QDIPs at 78K for detection 
energy of 1 .060 and 1 .066 eV. (From: [21]. © 2001 American Institute of Physics. Reprinted with 
permission.) 
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Figure 3.18 Room temperature NIR interband photocurrent spectra of (2+1)-ML PIC inAs S-CaAs 
and S-AIGaAs QDiPs. (From: [23]. © 2001 American institute of Physics. Reprinted with 
permission.) 



234 meV (264 meV), are consistent with those observed in the PLE spectrum. The 
observation of the additional higher excited states at 234 meV (264 meV) reflects the 
fact that the NIR interband photocurrent spectroscopy is more sensitive to high 
excited states than PLE spectroscopy. Although detailed transport mechanisms of 
interband photocurrent in QDIPs with n-i-n configurations are not very clear so far, 
photocurrent serves as a very useful probe for QDIPs. The interband photocurrent 
spectroscopy is a complementary method to PLE and to intraband photocurrent 
spectroscopy, which is described later. 

We next present intraband photocurrent spectroscopy findings that offer more 
direct information on the QD electron states [23]. Eigure 3.19(a, b) shows typical 
middle-infrared ETIR photocurrent spectra on S-GaAs (at a bias of -I-0.4V) and 
S-AlGaAs (at a bias of-l.OOV), respectively, at 40, 77, and lOOK. The peak position 
of the photocurrent spectra at different temperatures is, by and large, identical for 
both QDIPs. The S-AlGaAs has a main intraband photoresponse peak at 205 meV 
(6.0 ^m) with a EWHM of 16 meV (0.5 ^m), while S-GaAs has a main intraband 
photoresponse peak at 175 meV (7.2 ^m) with a EWHM of 32 meV (1.3 ^m). Also, 
S-GaAs shows a small intraband peak at 115 meV (10.8 ^m). The addition of the 
AlGaAs layers leads to a blue shift in the wavelength of peak intraband photore- 
sponse. The blue shift in intraband photocurrent peaks, the interband photocurrent 
peaks, and the PLE peaks is attributed to an enhanced confinement potential caused 
by the inserted AlGaAs layers (as a confining layer) as well as to the above- 
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(a) 




Figure 3.19 Intraband photocurrent spectra of (a) S-GaAs and (b) S-AIGaAs at 40, 77, and 1 OOK. 
The equivalent monochromatic optical excitation power is ~10"^W. (From: [23]. © 2001 American 
Institute of Physics. Reprinted with permission.) 



mentioned slight reduction in QD size. As noted in the preceding subsection, sys- 
tematic PL/PLE study on single-layer PIG InAs/GaAs QD samples suggests that 
300±50 meV is the localization energy of the QD electron ground state [18-20]. 
Thus, we attribute the above-mentioned intraband transitions at 115 and 175 meV 
to bound-to-bound transitions. Figure 3.20 shows the intraband peak intensity as a 
function of temperature for S-GaAs and S-AlGaAs [23]. Both QDIPs show similar 
temperature-dependent behavior. With increasing temperature, the peak intraband 
photocurrent remains unchanged below ~40K, and then increases up to ~77K. We 
explain this as being due to the increase in the average electron population in 
QDs with increasing temperature. Above ~77K, the peak photocurrent begins to 
decrease. Both QDIPs show maximum intraband photoresponse at ~77K. 
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Figure 3.20 Intraband peak photocurrent versus temperature for S-CaAs and S-AIGaAs at a bias 
of +0.40 and -1 .OOV, respectively. The equivalent monochromatic optical excitation power is 
~10"^W. (From: [23]. © 2001 American Institute of Physics. Reprinted with permission.) 



3.2.3 ln,Ga, ^As Capped Small and Large InAs MQD-Based QDIP Structures 

Although the large InAs/GaAs/AlGaAs QDIP structures allow considerable reduc- 
tion in the dark current due to the AlGaAs blocking layers, the photoresponse is 
restricted to the 5- to 7-jum regime. To achieve operation in the important 8- to 
atmospheric window, we need to find ways of manipulating the intraband 
electronic transitions of the QDs. To this end, instead of choosing to utilize InGaAs 
alloys as the QD forming material as is done in most other studies, we have explored 
achieving this objective by manipulating the QD quantum confinement potential via 
change in the barrier GaAs layer to alloy InGaAs. The addition of In into the other- 
wise GaAs capping layer changes the QD confinement potential via two effects: (1) 
the chemical effect of In lowering the band edges and thus the band discontinuities 
that define the confinement potential, and (2) the accompanying reduction in the lat- 
tice mismatch between the InAs island material and the InGaAs capping layer lower- 
ing the strain and thus the band edge discontinuities. Indeed, as discussed later, 
replacing some of the Ga with A1 at a fixed In concentration will allow restoration of 
the chemical effect without changing the strain effect, resulting in nearly the same 
atomic size of Ga and Al. This then allows independent manipulation of the strain 
effect and chemical effect and thus greater flexibility in tailoring the electronic struc- 
ture of the QDs to suit the desired QDIP operational wavelengths. 

Motivated as noted above, systematic studies of InAs/In^Gaj_^As/GaAs QD 
structures in the range x = 0.1 to 0.2 with a thickness of 5 to 60 ML for the capping 
layer over InAs islands were carried out utilizing PL and PLE spectroscopies and 
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TEMs [25]. It was found that for small InAs QDs formed for 2.0-ML InAs deposi- 
tion, near 20-ML-thick In^jCa^ gjAs capping layers provide good photoresponse at 
~9 ^m [26]. For the large SAQDs formed for 2.5-ML slow-growth-rate InAs deposi- 
tion, 30-ML-thick In^ jjGa„ gjAs capping layers grown via MEE at 350°C were found 
to be good [25]. Moreover, the In„ j^Ga„gjAs layer regions between the InAs QDs are 
expected to act as a QW having its own energy states. Tailoring of the thickness, 
composition, and positioning of the In^Ga,^^As capping layers thus also allows for 
tailoring of the position of the QW energy states with respect to the QD bound 
states. 

MQD-Based QDIP Structures 

A schematic of the InGaAs capped QDIP structures is shown in Figure 3.21. These 
QDIP samples consist of an undoped active InAs QD region separated from the bot- 
tom and top Si-doped GaAs contact layers by 220- and 240-ML undoped GaAs 
spacer layers, respectively. The InAs MQD region comprises five layers of 2.0- or 
2.5-ML InAs deposited at the growth rate of 0.22 ML/sec at 500°G. The InAs QD 
layers are followed by two types of capping/spacer layers. The 2-ML InAs small 
QD-based QDIPs have a 20-ML In^j^Ga^ ggAs capping layer followed by 180-ML 
GaAs as a spacer [26], referred to here as InGaAs QDIPs. The 2.5-ML InAs large 
QD-based QDIPs have a 30-ML In^j^Ga^ ggAs capping layer followed by 170-ML 
GaAs as a spacer [17]. In both types of structures, the first 40 ML of growth. 



e' 




Figure 3.21 Schematic of a typical InGaAs capped InAs SAQD-based QDIP device structure. 
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following InAs QD formation, was via MEE at 350°C to minimize intermixing with 
the InAs QDs [12], The rest of the GaAs spacer was grown by conventional MBE 
growth at 500°C. These InAs QD layers and spacers were repeated five times and 
then the top 240-ME-thick GaAs spacer was deposited. Einally, a highly Si-doped 
GaAs contact layer was grown at 500°G to complete the «- 2 (MQD)-« configuration 
suited for electron intraband transition-based QDIPs. 

Small InAs/InGaAs Capped QDIP Structures 

The PE and PEE behavior for detection at the PEE peak of the 2-ME InAs deposition 
that gives small QDs with the most probable height of ~3.5 nm and a base of ~20 nm 
is shown in Eigure 3.22. The PE peak position of InGaAs QDIP is red-shifted to 
-1.125 eV (EWHM of 65 meV) compared to the peak at -1.16 eV for the GaAs 
capped QDIP shown in Eigure 3.11. This is due to a lower potential confinement 
effect and the strain relaxation effect of the 20-ME In„ jjGa^^jAs capped layer. The 
step-like PEE feature at 1.34 eV arises from the Ga As/In GaAs/Ga As QW region 
between the InAs QDs, reflecting the step-like state density of QWs with one- 
dimensional confinement. The PEE peak at -1.21 eV reflects the discrete 
(d-function-like) excited state density centered about 85 meV above the electron 
ground state and broadened by the inhomogeneity of QD sizes. This peak arises 
from the InGaAs capped InAs QDs, not from the GaAs/InGaAs/GaAs QW. Thus, 
both X-TEM and PEE data indicate that the InGaAs-capped InAs QDs have 3D con- 
finement and d -function-like discrete state density, at least for the electron ground 
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Figure 3.22 PL and PLE spectra of 2-ML InAs InGaAs capped x 5 QDIP at 79K. 
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states. Such states are the initial states of the observed intraband photoresponse of 
the QDIPs discussed next. 

Normal-incidence FTIR intraband photocurrent spectra of the QDIPs were 
measured as a function of bias. Figure 3.23 shows the behavior at a bias of -I-0.40V 
at 80K. For handy reference, shown also is the behavior of the 2-ML GaAs capped 
QDIP at -I-0.42V and 80K. While the GaAs QDIP has strong photoresponse over a 
relatively wide range of 5 to 7 ^m, the InGaAs QDIP has a strong sharp peak at 
~9 ^m with a FWHM of only 16 meV. 

Figure 3.24(a) shows FTIR intraband photocurrent spectra of the 2.0-ML 
InGaAs capped QDIP at a bias of -I-0.4V and -0.4V at 80K. Photocurrent peaks are 
observed in the ~8- to 9-^m range as a function of bias. Moreover, the photocurrent 
spectrum at -I-0.4V is red-shifted with respect to that at -0.4V, thus indicating a 
dependence on the applied bias. The inset of Figure 3.24(a) shows the photocurrent 
peak position as a function of bias. With increasingly positive bias, the photocurrent 
peak positions are red-shifted. To shed light on the nature of the electronic states 
underlying the above-noted observed behavior of the electron intraband photore- 
sponse, we look to the nature of the confining potential defining the system. 

A schematic energy band diagram along a line passing through the QD base cen- 
ter and apex is shown in Figure 3.24(b) under reverse and forward bias. Note the 
asymmetry in the confining potential present (even at flat band condition) due to the 
coupled presence of the InAs QD and In^Gaj_^As QW, as discussed earlier [26]. In 
such a situation, while the ground electron state may be a sufficiently pure QD state, 
the higher lying excited states, though bound, are the eigenstates of the asymmetric 
potential that may not be representable even as a strong mixture of what otherwise 




Figure 3.23 Intraband photocurrent spectra of 2-ML InAs/CaAs QDIP and 2-ML InAs/InGaAs 
QDIP at a bias of +0.42V and +0.40V at 80K, respectively. Note the shift to longer wavelength due 
to lowering of the confinement potential depth. 
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(a) 




(b) 



Figure 3.24 (a) Intraband photocurrent spectra of 2-ML InAs/InCaAs QDIP (at 80K) and (b) sche- 
matic energy band diagrams for opposite bias cases. The inset in part (a) shows the peak wave- 
length as a function of applied bias. 



would be the excited states of the QD (in the absence of a QW nearby) and the QW 
(in the absence of QDs). Clearly, the need for reliable calculations that provide 
meaningful quantitative comparison is evident and we hope that the findings 
reported here will provide the needed incentive to theoretical efforts. Qualitatively, 
however, such a potential under positive bias is seen to give lower effective barriers, 
thus giving smaller energy spacings and hence the observed longer wavelength (i.e., 
red-shifted) photoresponse. 

The bias dependence of the intraband peak photoresponse of the InGaAs QDIP, 
its dark current, and that of the GaAs QDIP at 80K are shown in Figure 3.25. The 
intraband photoresponse and the dark current increase rapidly with increasing bias. 
In the case of the InGaAs capped QDIP, above ±1.2V, the photocurrent begins to 
drop. This is a negative differential photocurrent phenomenon [26-28]. Note that 
the dark current of InGaAs QDIPs is two to four orders of magnitude smaller than 
that of the GaAs QDIPs. This is mainly due to the larger binding energy for the QD 
ground state in the InGaAs QDIP than that of the GaAs QDIP. 

To gain insight into the nature of the electronic states responsible for the 
observed intraband photoresponse, we have analyzed the above data and a sum- 
mary is schematically indicated in the band diagrams for the InAs QDs in GaAs 
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Figure 3.25 Photocurrent of 2-ML InAs/InGaAs QDIP and dark current of 2-ML InAs/CaAs QDIP 
and 2-ML InAs/InCaAs QDIP as a function of bias at 80K. 



QDIPs and in InGaAs QDIPs shown in Figure 3.26. These are drawn for a line pass- 
ing through the QD base center and apex. We consider the intraband transitions of 
both QDIPs to originate from the QD electron ground state since less than two elec- 
trons occupy a QD in these QDIP structures [23]. 

Lower limits on the binding (localization) energies of the QD ground states in the 
two types of QDIPs can be obtained from their respective PL peak positions. Sub- 
tracting the observed PL peak positions of 1.170 eV (1.06 ^m) for the GaAs QDIP 
and 1.127 eV (1.10 ^m) for InGaAs QDIP from 1.508 eV (band gap of GaAs at 
79K), we obtain the sum of the binding energies of the ground-state electrons and 





Figure 3.26 Schematic energy band diagrams of (a) 2-ML InAs/GaAs x 5 QDIP and (b) 2-ML 
InAs/InGaAs x 5 QDIP with energies extracted from the measurements. 
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holes as -340 and -380 meV for the two QDIPs, respectively. Then, using the well- 
known fact that the binding energy of the electron ground state is significantly higher 
than that for the hole ground state, we can safely conclude that the electron ground- 
state binding energies are greater than half of the values noted above for the sum of 
the electron and hole binding energies, that is, larger than 170 meV for QDs in GaAs 
QDIP and larger than 190 meV for QDs in InGaAs QDIP. Because GaAs QDIP has a 
strong PG response in the range of 5 to 7 (180-250 meV), the electron excited 

states involved in the intraband transitions in this structure seem to be mainly those 
located near the GaAs conduction band edge. By contrast, the intraband PG peak in 
the InGaAs QDIP is at -140 meV, significantly smaller than the minimum binding 
energy of -190 meV for the electron ground state and thus indicating that the excited 
final states involved must be at least 50 meV below the GaAs conduction band edge. 
In this case, however, the electron states of the 20-ML-thick In^ j^Ga„ gjAs cap layer 
acting as a QW defined by the conduction band discontinuity between the GaAs and 
strained lUm^Ga^gjAs conduction bands in the regions between the QDs should be 
considered. The ratio of the conduction band discontinuity to the bandgap difference 
for the In^GUj^^As/GaAs strained system has been considered to lie in the range of 0.58 
[29] to 0.70 [30]. The conduction band offset of GaAs and strained In^j^Ga^gjAs 
(A£J is then 130 to 160 meV. Thus the excited states involved in the intraband tran- 
sitions are likely located above the conduction band edge of In„ j^Ga^ gjAs, as shown in 
Figure 3.26(b). In such a situation, the QD electron excited states can be coupled with 
In„jjGaogjAs QW electron states that lie in the -145-meV region between the GaAs 
and In^jjGaggjAs conduction band edges. Identifying the origin of the excited states 
must await appropriate theoretical analysis. 

Large InAs/InGaAs Capped QD-Based QDIP Structures 

Next we consider the large InAs QDs realized via deposition of 2.5-ML InAs at the 
slower growth rate of 0.054 ML/sec at 500°G and capped by 30-ML In^ jjGa„ gjAs 
followed by 170-ML GaAs spacer layers [17, 25]. These QDIPs are referred here as 

2.5-ML QDIPs. Figure 3.27 shows the PL spectra of a single as well as a five-layer 

2.5-ML QDIP at 79K. Island symbols represent shallow (small) and steep (large) 
QDs. While the 2.0-ML QDIP, included in Figure 3.27 as a handy reference, has a 
unimodal PL behavior peaked at 1.10 ^m (FWHM of 65 meV), the 2.5-ML QDIP 
shows a marked bimodal PL behavior with peaks at 1.12 and 1.20 ^m. 

The bimodal PL can be understood in terms of our TEM and AFM studies that 
reveal a reduction in the average size and density of the upper QD layers of the 

2.5-ML QDIP. The AFM studies of the uncapped counterpart samples showed that 
the last (fifth) layer had a density of -1 X 10'7cm^ and average QD height of -3 nm 
(comparable to that formed for the 2.0-ML QDIP), whereas the first three QD layers 
had a density of -4 X 10'7cm^ and a larger QD -6 nm high. The bimodal nature of 
the QD size distribution, dominated in this sample by variation in the uppermost 
two layers, is the dominant cause of the bimodal PL response. It is well established 
that the ground-state transition energy decreases with increasing size of these 
SAQDs. We thus ascribe the 1.20-^m PL peak to the larger QDs, which are 
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Wavelength (um) 

Figure 3.27 PL spectra of InCaAs capped 2.0-ML x 5 QDIP, InGaAs capped 2.5-ML x 5 QDIP, 
and a InGaAs capped single 2.5-ML QD layer at 79K. 



dominant in the lower layers, and the PL peak to the smaller QDs, similar 

to those of the 2.0-ML QDIP [17, 25]. 

Figure 3.28 shows PLE spectra of 2.5-ML InAs QDs capped by (1) 170-ML 
GaAs, (2) 30-ML In^jjGaogjAs -i- 140-ML GaAs, and (3) 30-ML In^^oGangoAs -i- 
140-ML GaAs. The abscissa represents the energy difference between excitation 
energies and detection energies, the latter being the ground-state PL transition 
energy of each of the three samples. For InAs QDs capped by In^Gaj_,,As layers, tran- 
sitions associated with the GaAs/In^Gaj,,As/GaAs QWs, formed in the regions 
between the islands, are observed (marked QW in Figure 3.28). Note that with 
increasing In composition of the In^Gaj_^As capping layers, the energy differences 
between the excited states and ground state become smaller due to the effects of a 
lower confinement potential. This implies that QDIPs having InAs QDs capped by a 
In^Gaj_^As layer (InGaAs QDIPs) can show longer photoresponse wavelength than 
QDIPs without an In^Gaj_^As layer (GaAs QDIPs). 

Figure 3.29 shows the intraband FTIR photocurrent spectra of the 2.5-ML 
QDIP at -1-0. 8 V and -0.8V. A dual-peak IR photoresponse with peaks in the MWIR 
(-5.5-6 fj.m) and the long-wave infrared (LWIR) region (~9-ll,um) is seen [17, 31]. 
We attribute the presence of the MWIR and the LWIR photoresponse to the 
presence of the large and small QDs, respectively. Recall that, as shown in 
Figure 3.24(a), the 2.0-ML QDIP comprising the small QDs has a LWIR photore- 
sponse at -9 ,um, which is also very narrow [31-33]. 

The relative intensities of two photoresponse peaks change with bias as shown 
in the inset of Figure 3.29. At low negative or positive bias, the MWIR photore- 
sponse is dominant. With increasing bias magnitude, both MWIR and LWIR photo- 
response increase. However, the intensity of the LWIR photoresponse increases 
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Figure 3.28 RLE spectra at 8K for 2.5-ML InAs QDs capped by 1 70-ML CaAs, 30-ML lnoi 5 Gaog 5 As 
layer + 140-ML CaAs, and 30-ML Ing joCa^goAs layer + 140-ML CaAs. Features associated with 
GaAs/ln^Ca^.^s/CaAs QWs are marked QW, whereas WL denotes the InAs wetting layer for the 
sample with no ln„Ca,.„As layers. 




Figure 3.29 Intraband photocurrent of 2.5-ML InAs/InGaAs x 5 QDIP at a bias of -r0.8V and 
-0.8V at 80K. 
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faster and becomes dominant above ~±0.8V. This may be understood as follows. 
At low bias, the electrons occupy the ground states of the larger QDs more than 
those of small QDs because of the lower electron ground-state energy of large QDs. 
With increasing bias, the ground-state occupation of small QDs increases and 
probably the gain of photoexcited electrons from the small QDs also increases more 
rapidly than that of large QDs. Eventually, the LWIR photoresponse is dominant 
above ~±0.8V. Note also that, as for the 2.0-ML QDIP (Figure 3.24), the MWIR 
and LWIR photocurrent peak positions in the 2.5-ML QDIP also red-shift with 
increasing positive bias. 

Given the just discussed systematic studies of the electronic structure of small 
and large InAs/GaAs and InAs/InGaAs SAQDs, we summarize next the essential 
findings on the nature of the states involved in the observed intraband transitions. 
Regrettably, reliable electronic structure calculations for the type of GaAs(OOl)/ 
InAs/InGaAs QD structures employed for QDIPs in the current studies do not exist. 
The upper and lower bounds on the electron ground-state binding energy (with 
respect to the GaAs conduction band edge) of small and large QDs can, however, be 
estimated based on the following. 

First, note that the observed PL transition energies are 1.04 (1.22 ^m) and 1.11 
eV (1.10 ^m) for InGaAs capped QDs (Figure 3.27) and that the GaAs bandgap 
energy is 1.51 eV at 80K. Second, PL and PLE studies on GaAs capped (2-i-l)-ML 
PIG InAs QDs indicated an electron ground-state binding energy of 300 ± 50 meV, 
as depicted in Figure 3.30(a) [18-20]. Third, it is well established that the electron 
binding energies are significantly higher than those for holes [18-20]. And fourth. 





(a) 



(b) 




Figure 3.30 Energy-level schematic of (a) large GaAs capped, (b) large InCaAs capped, and (c) 
small InCaAs capped InAs SAQDs. 
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theoretical results for two InAs/GaAs QDs of different size indicate that the differ- 
ence between their electron ground-state energies is larger than that of their hole 
ground-state energies [34, 35]. Therefore, as shown in Figure 3.30(b, c), the binding 
energies of the electron ground states of large and small InGaAs capped QDs are in 
the ranges of 260 to 370 and 200 to 325 meV, respectively. Namely, the photocur- 
rent peaks at -221 meV (-5.6 ^m) and -124 meV (-10 ^m) are due to transitions 
from the QD ground state to bound excited states that have estimated binding ener- 
gies as small as 39 and 76 meV, respectively. This, however, is also the energy regime 
where the InGaAs capping layer region between the islands, acting as a QW, gives 
rise to its own energy levels arising from the approximately 145-meV conduction 
band discontinuity between the GaAs and the strained InmjGa^gjAs conduction 
band edges [29, 30]. The final states of the observed intraband photocurrent peaks 
at -221 and -124 meV are thus a mixture of the QD excited states and the InGaAs 
quantum-well states. 

We note that, based on the available theoretical results [21, 22, 34] for 
GaAs(001)/InAs/GaAs QDs closest to the large QDs under investigation here, the 
final states involved in the middle-wavelength (-5.6-^m) intraband transitions are 
not the first or even second excited bound states, but rather very high bound states 
(most probably fifth or higher) [18-20, 34]. Although the separation between the 
ground and any given excited electron state decreases with increasing QD size [16, 
34, 35], our experimental findings of the photocurrent at the lower transition energy 
(-124 meV) arising from the smaller QDs clearly show the more complex nature of 
the intraband photocurrent in QD structures due to the convolution, at a minimum, 
of the transition matrix elements, density of final states, and weighted photocurrent 
extraction barriers. 



Variable Deposition Amount-Based Multispectral Response 

While the 2.5-ML InAs/InGaAs x 5 QDIP developed a bimodal QD size distribution 
due to strain interaction effects in the growth direction, the variable deposition 
amount (VDA) QDIPs [16] were purposely designed to have a bimodal QD size dis- 
tribution by using two stacks of different QD layers [25]. One VDA structure is 
3 X 2.5-ML -I- 2 X 2.0-ML InAs/InGaAs QDIP, which consists of a first stack of 
three 2.5-ML InAs QD layers (deposited at 0.054 ML/sec) capped by 30-ML 
In„ jjGa^gjAs -i- 170-ML GaAs followed by a second stack of two 2.0-ML InAs QD 
layers (deposited at 0.054 ML/sec) capped by 30-ML In^jGag gjAs -i- 170-ML GaAs. 

A cross-sectional TEM image [25] of this VDA QDIP [Figure 3.31(a)] shows 
that lower QD layers (the first stack) have larger QD size and density than the upper 
QD layers. The defect density of -6 X lOVcm^ is slightly lower than that of the 
2.5-ML InAs/InGaAs x 5 QDIP because the smaller InAs deposition amount (QD 
size) in the upper QD layers lowers the accumulated strain of the structure. The PL 
spectrum (Figure 3.32) also shows a bimodal behavior with peaks at -1.1 and 
1.21 ^m. To further enhance the structural quality, we also examined a VDA QDIP 
in which the stacking order was reversed: The VDA 3 X 2.0-ML -i- 3 X 2.5-ML 
InAs/InGaAs QDIP consists of a stack of three 2.0-ML InAs QD layers (at 
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2.5ML 



2.0ML 



Figure 3.31 Cross-sectional dark field TEM image of (a) VDA 3x2.5-ML + 2x2.0-ML and (b) VDA 
3x2.0-ML + 3x2.5-ML InAs/InCaAs QDIPs at the two-beam condition of g = (200). 



0.22-ML/sec) capped by 20-ML In^ jjGaogjAs -i- 180-ML GaAs followed by a stack 
of three 2.5-ML InAs QD layers (at 0.054 ML/sec) capped by 30-ML In„ jjGa^ gjAs -i- 
220-ML GaAs. As shown in an X-TEM image [Figure 3.31(b)] [25], the first 
three QD layers have relatively smaller QDs than do the upper three QD layers. 
Moreover, TEM study indicates that the defect density reduces significantly 
(<3 X lOVcm^). The PE spectrum of this VDA QDIP structure (Figure 3.32) also 
shows two peaks at ~1.1 and 1.21 ^m [25]. 

The intraband photoresponse of both types of VDA QDIPs consisting of two 
stacks of QD layers (large and small QDs) is shown in Figure 3.33. Note the 
voltage-tunable two-color behavior, similar to the 2.5-ME InGaAs QDIP seen in 
Figure 3.29 [25]. At low positive or negative bias, the MWIR (~6-^m) photore- 
sponse is dominant, but with increasing magnitude of the bias, the relative intensity 
of the FWIR (-10-12 ^m) photoresponse becomes larger. We emphasize that, 
unlike the 2.5-MF X 5 InGaAs QDIPs, the VDA QDIPs have large and small QDs, 
which are located in separated and different QD layers. 
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Figure 3.32 PL spectra of VDA 3x2.5-ML + 3x2.0-ML and VDA 3x2.0-ML + 3x2.5-ML 
InAs/InCaAs QDIPs at 78K. 



3.3 QDIP Device Characteristics 

3.3.1 Device Structures 

Numerous reports have been published on InAs/Al^Gaj_^As, InAs/InAlAs, 
InGaAs/GaAs, and InGaAs/InGaP QDIPs [23, 36-48]. The detectivity, D of these 
devices was three to four orders of magnitude lower than QWIPs with similar struc- 
tures. One reason is that the QWIPs normally incorporate 20 to 30 QWs, whereas 
the QDIPs that have been reported have incorporated 10 or, frequently, fewer QD 
layers. The fact that QD layers have less than unity fill factors (i.e., there is signifi- 
cant space between the QDs) compounds this problem. The net result is lower 
responsivity of the QDIPs. Another limiting factor for the QDIPs is that they have 
exhibited higher dark current that is comparable to or even higher than that of 
QWIPs. We note that most of the QDIP structures have employed a doped active 
region. As a means of reducing the dark current density, as emphasized in an earlier 
section, we have focused on n-i-n InAs/GaAs QDIPs with an unintentionally doped 
active MQD region [23, 40]. A schematic cross section of the structure is shown in 
Figure 3.34. 

In the work described in the following sections, device fabrication followed 
standard processing procedures: photolithography, wet chemical etching, metal 
deposition and liftoff, and rapid thermal annealing. Mesas having a diameter of 
250 ^m and a height of -1.4 ^m were defined with an etch of H 3 PO., : : H^O 

(8:1:1). A 50-^m-diameter top contact and the bottom contact were formed by 
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(a) 




(b) 



Figure 3.33 Intraband photocurrent spectra of the VDA 3x2.0-ML + 3x2.5-ML InAs/InCaAs QDIP 
at 80K at (a) positive bias and (b) negative bias. 



evaporation and liftoff of Au/Ni/AuGe. The contacts were then annealed at 430°C 
for 20 seconds. We will use the convention that “positive” bias means that a posi- 
tive voltage was applied to the top contact. 

3.3.2 Unintentionally Doped Large (PIG) InAs/GaAs MQD-Based Detectors 

We begin discussion of the QDIP device characteristics with the case of the large 
InAs islands capped with GaAs to establish the base photoresponse from which con- 
sequences of the variation in most probable island size and capping layer materials 
can be examined. We consider therefore the QDIP structures and samples of dis- 
cussed earlier: 3-ML PIG/GaAs MQD-based QDIPs. 

The normal-incidence intraband spectral responses of the QDIPs were meas- 
ured by using an SRS 570 low-noise-current transimpedance preamplifier and a 
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Figure 3.34 Schematic of the QDIP with an unintentionally doped active region. 



Nicolet Magna-IR 570 FTIR with a glowbar source. Figure 3.35 shows the photo- 
current spectral response at O.IV bias and at temperatures of 60, 77, and lOOK. The 
intraband photoresponse peaks occurred at 7.2 (-174 meV) for all three spectra. 
The FWHM of the spectrum, A2, was -0.99 ^m, from which it follows that A2/2 
= 14%. 




Figure 3.35 Photoresponse of the (2+1)-ML PIG GaAs capped QDIP measured at 60, 77, and 
TOOK by using a low-noise-current preamplifier and FTIR spectrometer. The bias is 0.1V for all 
three temperatures. 
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Given the electronic structure summarized in Figure 3.10, these results indicate 
that the 7.2-^m response involves electron intraband transitions from the ground 
bound state to a higher bound state [49]. The observed spectral width reflects the 
uniformity of the size of the large QDs as well as a lower sensitivity of the electronic 
transitions to size fluctuations about a larger most probable size. The QDIP exhibits 
the highest photoresponse at 77K. As noted earlier, this is due to the increased elec- 
tron occupancy of the lower states of the quantum dots with increase in tempera- 
ture. As long as there are unoccupied excited states, more electrons can participate 
in photon-induced intraband transitions. However, a further increase in the number 
of electrons in the quantum dots, which results from the increase in dark current at 
higher temperature, will cause a decrease in the number of unoccupied excited states 
and, consequently, a decrease in the photoresponse. Additionally, a decrease in pho- 
toexcited electron lifetime, which occurs at higher temperatures, can result in a 
decrease in the photoresponse. 

Photovoltaic operation of the QDIPs is observed as shown in Figure 3.36. This 
suggests the presence of a built-in electric field. As discussed earlier, the quantum 
dots have a pyramidal shape. This, in combination with the shallow potentials asso- 
ciated with the wetting layers beneath the QDs, results in an asymmetrical band 
structure. Thus, in contrast to QWIPs where asymmetrical structures have some- 
times been designed to achieve photovoltaic operation, QDIPs intrinsically operate 
in this mode. 

The responsivity, which is defined as the ratio between the output signal and the 
radiant input, was measured with a blackbody source at T = 995K. Because the 




Figure 3.36 Photoresponse of the (2+1)-ML PIG CaAs capped QDIP measured at 77K and zero 
bias. 
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blackbody spectrum includes near-infrared radiation, which can result in interband 
transitions in QDs, optical filters were placed next to the aperture of the blackbody 
to block radiation with a wavelength of less than 3.5 ^m. The intraband photocur- 
rent was measured with a SRS 570 low-noise-current preamplifier and SRS 760 fast 
Fourier transform (FFT) spectrum analyzer. Figure 3.37 shows the peak responsivity 
versus bias measured at temperatures ranging from 40 to 120K. At 77K, with 
increase in positive bias, the peak responsivity increased more than three orders of 
magnitude from 1.3 mA/W at OV to 4.11 A/W at 0.7V. For negative bias, the respon- 
sivity increased over four orders of magnitude from 0.22 mA/W at 0.05V to 2.9 A/W 
at -0.7V. We note that the lowest peak responsivity occurred at about -0.05V. This 
indicates that an additional bias voltage of -0.05 is required to compensate the 
build-in electric field. 

With increasing bias, positive or negative, the responsivity increased rapidly up 
to a maximum value. The corresponding bias for these peaks was -0.9, -1.0, -1.1, 
and -1.2V for 40, 60, 77, and lOOK, respectively. With further increase in bias, the 
responsivity slowly decreased. This negative differential responsivity can be attrib- 
uted to the large number of electrons in the QDs at high bias. Starting at zero bias, as 
the bias is increased, more and more electrons occupy states in the QDs and partici- 
pate in the intraband transitions. Therefore, the photocurrent continues to increase 
until a significant fraction of the excited states are occupied, at which point the pho- 
tocurrent decreases. 

At higher temperature, the excited states are more quickly occupied and thus the 
maximum responsivity is achieved at lower bias levels. The responsivity was non- 
symmetrical for negative and positive bias because electrons in the quantum dots 




Figure 3.37 Peak responsivity of the (2+1)-ML PIG CaAs capped QDIP measured at 40, 60, 77, 
100, and 120K using a blackbody (I = 923K) spectrum analyzer. 
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experience different potentials for transport toward the top contact or the bottom 
contact. 

A good discussion of the dark current mechanisms in QDIPs is presented in [8]. 
Four principal mechanisms, as illustrated in Figure 3.38, contribute to the dark cur- 
rent in QDIPs: 



1 . 

2 . 



Low bias sequential resonant tunneling, by which electrons tunnel from one 
quantum dot to another when the energy levels in adjacent quantum dots 
line up. 

Thermionic emission, by which electrons are thermally excited from the con- 
fined states in quantum dots or contact layers, move toward the contact lay- 
ers, and are collected by the external circuit. Thermionic emission increases 



exponentially with temperature as 



OC 




, where is activa- 



tion energy, k is the Boltzmann constant, and T is the temperature. 

3. Phonon-assisted tunneling from excited bound states to continuum states. 

4. Phonon-assisted tunneling between excited bound states. 



Dark current versus voltage characteristics were measured with an HP 4145 
semiconductor parameter analyzer. The dark currents were normalized to the 
device area and are plotted in Figure 3.39. There is a significant increase in the dark 
current with increasing bias and temperature. At a bias of O.IV, the dark current 
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Figure 3.38 Possible originations of the dark current in QDIPs biased at low voltage. 






82 



Quantum Dot Infrared Photodetectors 




Bias (V) 

Figure 3.39 Dark current versus voltage characteristics of the (2+1 )-ML PIG CaAs capped QDIP 
measured with a HP 4145 semiconductor parameter analyzer. The temperature ranges from 7.7 to 
260K. The black line represents the 7.7K l-V characteristics with room temperature background. 



density was 7.4 X 10 “ AJcrn at 20K. It rose to 6.1 A/cm^ at 260K, which is a nearly 
eight orders of magnitude increase. At a bias of -O.IV, similarly, there was more 
than a nine order of magnitude increase from 2.2 X 10 ’ A/cm^ at 20K to 6.2 KIcva 
at 260K. The dark current densities were asymmetric for positive and negative bias, 
for the same reasons that give rise to asymmetry in the responsivity, that is, the 
asymmetric band structure. 

For bias < 0.7V and T > lOOK, the dark current increased exponentially with 
temperature, which suggests that in this temperature range the dark current origi- 
nates from thermionic emission. The extracted activation energy was 196 meV at 
zero bias, which was close to the energy corresponding to the cutoff wavelength 
(193 meV) of the sample. For temperatures lower than lOOK, sequential resonant 
tunneling and phonon-assisted tunneling are probably the dominant components of 
the dark current. In addition, the photocurrent measured at 77K with the device illu- 
minated only from the room temperature blackbody background radiation is shown 
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in Figure 3.39. For a bias of 0.5V, the background photocurrent is equal to the dark 
current at 60K. This indicates that the background-limited (BLIP) response is 60K. 



tor. For a photoconductive detector, such as a QDIP, the primary current noise 
mechanisms are Johnson noise and generation-recombination (GR) noise. Johnson 
noise, also known as thermal noise or Nyquist noise, is generated in all resistors and 



bandwidth. The GR noise comes from the random generation and recombination of 
the carriers. The fluctuation of the resulting carrier density can be expressed 
through = 41eG ■ Af, where I is the current and G is photoconductive gain. 
Therefore, the total noise for a photoconductive detector is 



The noise current of the QDIPs was measured with low-noise-current preampli- 
fiers and an FFT spectrum analyzer. Figure 3.40 shows the noise current density ver- 
sus frequency at a bias of 0.3V, and temperatures of 77, 90, 105 and 150K. At low 
frequency, that is, f <2 Hz, the dominant source of the noise current appears to be 
Hf noise, which is characterized by an approximate dependence on the reciprocal 
of the frequency and the square of the current. For f > 1 Hz, the noise current is 



Several effects contribute to the noise performance of an infrared photodetec- 
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Figure 3.40 Noise spectrum density versus frequency of the (2+1 )-ML PiG CaAs capped QDIP 
measured from 0 to 400 Hz at 0.3V and 77, 90, 1 05, and 1 50K. 
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essentially independent of frequency. This is similar to the GR noise in bulk photo- 
conductors and QWIPs, which leads to random fluctuations in the current density. 
Consequently, we hypothesize that generation and trapping processes are the domi- 
nant noise sources for QDIPs in this spectral region. 

Figure 3.41 shows the bias dependence of the noise current at T = 77, 90, 105, 
120, and 150K and a measurement frequency of 140 Hz. At 77K, the noise increases 
from 10 to 10 ’ A/Hz“' ■ as the bias increases from 0 to 0.8V. The calculated thermal 
noise current, 7,^, at 77K is also shown (dashed line). The resistance was determined 
from the slope of the dark current. For = O.IV at 77K, the calculated thermal 
noise current (5.5 X 10 A/Hz'“) is close to the measured noise current (6 X 10 ''' 
A/Hz“^), indicating that thermal noise is significant in the very low bias region. As 
the bias increases, the noise current increases much faster than thermal noise. The 
noise current for I V^l > O.IV is primarily GR noise. 

As a good approximation, the photoconductive gain and the noise gain are 
equal in a conventional photoconductor and can be expressed as 




Figure 3.41 Noise spectrum density versus bias of the (2+1)-ML PIC GaAs capped QDIP meas- 
ured at 77, 90, 105, 120, and 150K. Dots are measured data. The dashed line represents the ther- 
mal noise current calculated from the differential resistance of the QDIP. 
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where is the noise current and is the dark current. The noise gain has been deter- 
mined using this expression and the measured noise. Figure 3.42 shows the photo- 
conductive gain at 77K. At low bias, the gain depends weakly on voltage. With 
further increase in bias, the gain increases exponentially with bias. A very large gain 
of 750 has been obtained at 0.7V, corresponding to an applied electric field of 2.3 
kV/cm. QWIPs typically exhibit gains in the range of 0.1 to 50 for similar electric 
field intensities [50]. The higher gain of the QDIPs is the result of longer carrier life- 
times [51]. 

We have assumed that there are parallels between the transport mechanisms in 
QDIPs and QWIPs based on their similar structures and modes of operations. Pri- 
mary differences are lateral transport between QDs and the fact that the QDs have 
less than unity fill factors, that is, in a QD layer the space between QDs is compara- 
ble to the space occupied by the QDs. To account for this. Philips et al. [34] intro- 
duced a fill factor, F, to the gain models for QWIPs established by Liu [52], Beck 
[53], and Levine et al. [54]. The fill factor can be estimated from AFM data. For the 
unintentionally doped 2.5-ML InAs/GaAs QDIPs, we observed that the fill factor 
varied from 0.40 on the first (bottom) QD layer to 0.30 on the fifth (top) QD layer 
due to variations in the QD size and density. Combining Beck’s gain expression 




Figure 3.42 Photoconductive gain of the (2+1)-ML PIC GaAs capped QDIP at 77K. 
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[53], which has been experimentally verified by Schonbein et al. [55], with the fill 
factor yields the following expression for the photoconductive gain: 

_ l-p./2 

^ FNPc 

where N is number of QD layers and is defined as the probability that a carrier is 
captured by a QD after its generation. An average value of 0.35 for F was used to 
calculate the capture probability. Figure 3.43 shows the capture probability versus 
bias at 77, 105, 120 and 150K. At lower bias, that is, -O.IV, the capture probability 
is near unity. With increase in negative bias, the capture probability decreases rap- 
idly, which results in a rapid increase in the photoconductive gain. At -0.6V, p^ = 
0.0012. Compared to conventional AlGaAs-GaAs QWIPs in which p^ is typi- 
cally = 0.1, the QDIP demonstrates a gain that is several orders of magnitude larger 
than the QWIPs [3]. With an increase in temperature, the carrier capture probability 
decreases rapidly because the electron states in the QDs are most likely filled with 
electrons at high temperature due to the higher dark current. 

The approximation that photoconductive gain is equal to noise gain is valid 
when the capture probability in Lius [52] and Levine’s [54] models is small, that is, 
when p^ « 1. Ghoi examined the relationship between photoconductive gain 




Figure 3.43 Capture probability versus bias of the (2+1 )-ML PIG GaAs capped QDIP at 77, 1 05, 
120, and 150K. 
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and noise gain for QWIPs [56]. His formulation is parameterized in terms of the 
ratio r of the noise gain g,, to the photoconductive gain that is, F = g. /g^. His 
analysis shows that the ratio depends on tjt^, where and are the transmitting 
times across one well and one period, respectively. For small capture probability [p^ 
<0.2), the value of F is greater than 0.9 and relatively independent of tjt^. The cap- 
ture probability can be calculated from noise gain and is independent of F. We 
have determined from noise measurements that p^O.2 for all bias values in the range 
120 to 150K, and for bias I V^l > 0.2V at 77K. For the regime I V^l < 0.2V at 77K, we 
observe that the difference between g^ and g, [= ( 1 - F)gJ, is small for the entire range 
of p^ as a result of the fact that g^ is small in this region. Choi calculated [56] g^ as a 
function of g, when tjt^ = 0, that is, the case for which the largest difference between 
g, and g^ would be expected. For the regime where g^ is small, which is the case for 
our QDIPs when I V^jl < 0.2V at 77K, he found that the difference is only 3 % for g_, = 
0.5. Therefore, we conclude that the noise gain provides a good estimation of the 
photoconductive gain. 

The specific detectivity is given by 

in 

where A is the device area, R is the responsivity, is the noise current, and Af is the 
bandwidth. Figure 3.44 shows the peak detectivity versus bias at 77 and lOOK. 
The best performance was achieved at 77K and 0.1 V where the peak detectivity was 
1.4 X lO’ cmHz'^AV. The corresponding responsivity was 12 mAAV. With an 
increase in temperature to lOOK, the peak detectivity dropped to 1.4 X 10* 
cmHz'“AV at O.IV, due to the decrease in responsivity and increase in noise current. 

3.3.3 QDIPs with AIGaAs Blocking Layers 

In the preceding section we have demonstrated that lower dark current and higher 
detectivity can be achieved with QDIP structures that employ unintentionally doped 
active regions. It has been postulated that the relatively high dark current exhibited 
by QDIPs is due to (1) nonuniform dopant distributions and background impurities 
in GaAs [57] and (2) to “leakage” in the spaces between the QDs. It has been shown 
that a current blocking AIGaAs layer can be effectively used to improve on the dark 
current and D"' [23, 42-44, 58]. Lin et al. [43] and Stiff et al. [44, 45] have reported 
on QDIPs with a single AIGaAs blocking layer on one side of the InAs/GaAs QD 
layers. Wang et al. [42] introduced a thin AIGaAs barrier layer between the InAs 
QDs. This layer filled the area between the dots but left the top of the dots uncov- 
ered. An improvement in the detectivity relative to similar devices without the 
AIGaAs barrier layer was demonstrated. 

As detailed in an earlier section, our AIGaAs capped QDIP structures involve 
effective AIGaAs confinement layers below the quantum dot layers and on the top 
of the GaAs cap layers (Figure 3.45). We recall that the AIGaAs confinement layers 
consisted of four pairs of AlAs/GaAs (1-ML/4-ML) short-period superlattices to 
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Bias (V) 

Figure 3.44 Peak directivity versus bias of the (2+1 )-ML PiC GaAs capped QDiP at 77 and 1 OOK. 



mimic close to 20% effective A1 concentration AlGaAs alloy. The conduction band 
energy of the active region is shown in Figure 3.45. 

Figure 3.46 shows the spectral response at 0.8V bias and at temperatures of 63, 
77, and lOOK. Compared to the spectral response of similar QDIPs without AlGaAs 
blocking layers (see Figure 3.35), we note that these spectra are narrower and the 
spectral peaks have shifted to shorter wavelengths. The photoresponse peaks occur 
at 6.2 ^m for all three spectra compared to >7 ^m for QDIPs without the AlGaAs 
layers. This is due to the fact that the AlGaAs layers increase the effective well depth. 
The FWHM of the spectrum, A2, is -0.4 ^m, from which it follows that A2/ 2 = 
7.5%. The observed spectral width shows that the AlGaAs layers contribute to more 
uniform size distributions, in particular reducing variations between the different 
QD layers. This is illustrated in Figure 3.15, which shows cross-sectional TEM 
images of QDIPs with GaAs and AlGaAs cap layers. It is clear that the size variations 
between the first and fifth QD layers are larger for the GaAs-capped wafers than for 
the AlGaAs-capped wafers. 

The normalized dark current versus bias for temperatures in the range of 20 to 
300K is shown in Figure 3.47. As was observed for the GaAs cap QDIPs, the dark 
current exhibited significant increase with bias and temperature; however, the mag- 
nitude of the dark current was lower by up to three orders of magnitude. At low tem- 
perature, for example, 20K, the dark current increased rapidly as the bias was 
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Figure 3.45 Schematic cross section and conduction band structure of QDIP with AIGaAs block- 
ing layers. 




Figure 3.46 Spectral response of (2+1)-ML PIG GaAs capped QDIP with AIGaAs blocking layers. 
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Figure 3.47 Dark current density of (2+1)-ML PIG CaAs capped QDIP with AlCaAs blocking layer, 
including photocurrent induced by blackbody background radiation. 



increased from 0 to ±0.2V. This can be attributed to the rapid increase of electron 
tunneling between the QDs. For 10.21 < < II. 01, the dark current increased 

slowly. With further increase in bias, the dark current demonstrated a steep increase, 
which was largely due to lowering of the potential barriers. At 0.7V bias, the dark 
current density increased from 2.5 X 10'^ A/cm^ at 60K to 11 A/cm^ at room tem- 
perature. Also shown is the photocurrent induced by the room temperature black- 
body background radiation. It is clear that the background limited response 
temperature varies with bias. At -IV the BLIP temperature is 11 OK, which is higher 
than the value of 60K observed for the GaAs-capped QDIPs (Figure 3.39). 

Figure 3.48 compares the peak spectral responsivity [Figure 3.48(a)] and the 
noise current [Figure 3.48(b)] versus bias at temperatures of 77 and lOOK for QDIPs 
with and without the AlGaAs blocking layers. It is clear that for a given voltage, the 
responsivity of the QDIP with the blocking layers is three to four orders of magni- 
tude lower than the QDIPs described in the preceding section. However, comparable 
responsivity can be achieved by increasing the bias voltage. Similarly the noise cur- 
rent of the QDIP with AlGaAs blocking layers is much lower than the QDIP without 
the AlGaAs layers. Glose inspection of the figures reveals that the decrease in the 
noise current is greater than the decrease in the responsivity. This may be due to an 
enhancement in impact ionization, which is enabled by the increased operating volt- 
age that results from the lower dark current [43]. Gonsequently, a net improvement 
in the signal-to-noise ratio (SNR) is expected. This is seen in the detectivity curves in 
Figure 3.49. The best performance was achieved at 77K and -0.7V where the peak 
detectivity was 10'“ cmHz“^/W. The corresponding responsivity was 14 mA/W. With 
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Figure 3.48 (a) Peak responsivity and (b) noise current versus bias at 77 and 1 0OK for (2+1 )-ML 
PIC GaAs capped QDIPs with and without AIGaAs blocking layers. 




Figure 3.49 Detectivity of (2+1 )-ML PIG QDIPs with and without AIGaAs blocking layers at 77K. 
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increase in temperature to lOOK, the peak detectivity dropped to 1.1 X lO'^ 
cmWz^'^rW at 0.5V, due to the decrease in responsivity and increase in noise current. 

3.3.4 InAs/InCaAs/CaAs QDIPs 

While high detectivity was achieved using the AlGaAs blocking layers, it is desirable 
to demonstrate operation in the LWIR region. However, all QDIPs reported to date 
that have operating wavelengths > 8 ^m have exhibited normal-incidence peak 
detectivities below lO’cmHz^^AV at ~77K. Two approaches to tailoring the detec- 
tion bands of QDIPs have been reported. To date, the prevalent technique utilizes 
InGaAs for strained epitaxial island formation with capping layers of Al^Gaj^^As [38, 
59-61]. An alternative promising approach for the tailoring of the QD electronic 
structure is to modify the layers below and above the nominally binary InAs coher- 
ent islands. As we detailed earlier, replacing GaAs capping layers by In^Gaj^^As lay- 
ers allows partial strain relief as well as chemical modification of the confinement 
potentials to realize LWIR intraband transitions in InAs QDs [17, 25, 26, 62-64]. In 
this section we describe the operation and characteristics of QDIPs that have been 
fabricated with InAs QDs and InGaAs cap layers. Not only were we able to obtain a 
response in the LWIR window of 8 to 12 m but, as shown in this subsection, we real- 
ized detectivity as high as 3 X 10” cmHz'“AV at 77K for operation at ~9 ^m. 

Small InAs QD-Based QDIPs 

Figure 3.50 shows a schematic of the QDIP structure and the conduction band dia- 
grams. Five layers of nominally 2.0-ML InAs at a growth rate of -0.22 ML/sec at 
~500°G were inserted between highly Si-doped top and bottom GaAs contact layers. 
Then 20-ML In„ jjGa^gjAs regions were grown via MEE at ~350°G as the quantum 
dot cap layers followed by 20 ML of MEE-grown GaAs. An additional 160 ML of 
GaAs was grown via MBE at 500°G for a total of 180-ML GaAs spacer layers. The 
GaAs layers between the contact layers and the nearest quantum dot layer had a 
thickness of 220-240 ML. 

Figure 3.51(a) shows the spectral response at 77K for bias voltages in the range 
of 0 to 0.8V. The intraband photoresponse peak occurred at -8.8 ^m (141 meV) 
for bias larger than 0.2V. We note that the conduction band offset for the 
GaAs/In„ jjGa„ gjAs/GaAs QWs is estimated in the literature to be 145 ± 15 meV. 
Although this value is close to the 8.8-^m (141-meV) photoresponse, this response 
(more precisely, 8.22 ^m at -0.8V) does not arise from the GaAs/20-ML 
In„ jjGaflgjAs/GaAs QW regions between the InAs QD regions. This is supported by 
earlier work [17] on infrared detector structures that contain wider GaAs/30-ML 
In„ jjGaflgjAs/GaAs QW regions between QDs, and show a red shift (from the 
8.22-^m response of the current GaAs/20-ML In„ jjGa^ gjAs/Ga As containing sam- 
ple) to 9.3 ^m (at -0.8V) for the 8.8-^m photoresponse. This is in contrast to the 
blue shift that should result if the origin of this photoresponse peak were in the QW 
region between the QDs. Thus, the 8.8-^m photoresponse arises from the InAs QDs. 

The band diagram under negative bias is shown schematically in Figure 3.50. 
For negative bias, the photoresponse peak shifted to 8.3 ^m [Figure 3.51(b)], a 
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Figure 3.50 Schematic cross section and conduction band structure of the InAs/inGaAs QDiP. 




Figure 3.51 Spectral response of InAs/InGaAs QDIPs with (a) positive bias and (b) negative bias. 



manifestation of the asymmetric band diagram described above. The FWHM was 
-0.9 ^m at -0.2V and increased to 1.2 ^m at -0.5V. The corresponding values of 
A2/A were 11% and 14%, respectively. The photocurrent increased significantly 
with voltage for both positive and negative bias because the resulting increase in 
dark current populated the quantum dot ground states. These electrons participated 
in the infrared photon absorption and contributed to the photocurrent. 
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Figure 3.52 shows the peak responsivity versus bias at temperatures of 77, 100, 
and 120K. At 77K, with increase in positive bias, the responsivity increased from 13 
mA/W at 0.2V to 660 mAAV at 0.9V. For negative bias, the responsivity increased 
from 22 mAAV at -0.2V to 600 mAAV at -0.9V. Negative differential responsivity 
was observed with further increase in voltage, for both the positive and negative bias 
cases. This is a result of “overfilling” the quantum dots. 

Figure 3.53 shows the dark current density versus voltage characteristics for 
temperature in the range of 20 to 296K. As the temperature increased from 20K to 
room temperature, the dark current density increased more than 10 orders of magni- 
tude from 9.5 X 10 ’ to 9.6 A/cm^ at 0.3V and from 6.2 X 10 ’ to 9.6 A/cm^ at -0.3V. 
The logarithm of the dark current density versus inverse temperature (1,000/T) is 
plotted (0-lV) in Figure 3.54(a), whereas Figure 3.54(b) shows an expanded view of 
the dark current at -O.IV. At -O.IV, excellent linear fits were obtained more than 
seven orders of magnitude for temperatures higher than 77K. The exponential 
increase in the dark current suggests that carrier thermal excitation to higher energy 
states is involved. 

For temperature lower than 77K, the dark current density is relatively 
insensitive to temperature, an attribute of phonon-assisted tunneling and sequen- 
tial resonant tunneling. From Figure 3.54(b), we can extract an activation energy 




Figure 3.52 Absolute peak responsivities measured at 77, 100, and 120K. 
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Figure 3.53 Dark-current density versus voltage for temperature in the range of 20 to 296K. 



of 135 meV. This is, interestingly, essentially the same as the FTIR measured cut- 
off energy = 138 meV (wavelength of 9 ^m). This coincidence indicates that 
at zero bias the dark current is carried through thermal activation to the same 
excited states of the small QDs as participating in the absorption and subse- 
quent rapid tunneling. The activation energy decreased linearly with bias, as shown 
in Figure 3.55. At high bias, the activation energy is close to kT, which resulted in 
high dark current even at low temperature. Compared to a similar structure with 
2.5-ML InAs larger quantum dots covered with 30-ML In„ jjGa„ gjAs cap layers to be 
discussed shortly, the dark current density was an order of magnitude higher [26, 
31, 47, 65]. This increase in the dark current results from the reduction of the thick- 
ness of the In^jCa^g^ cap layers and from the decrease in binding energy of the 
ground states. 

Figure 3.56 shows the noise current of a 250-^m-diameter device at 77K (solid 
circles) and lOOK (open circles) versus bias voltage. For low bias, that is, IVgl < O.TV, 
the measurement was limited by the noise floor of the instruments. The calculated 
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(a) 




(b) 

Figure 3.54 (a) Dark current density versus inverse temperature for 20K < T < 293K. (b) 
Expanded views for -0.1 V bias. The slope gives an activation energy of £„ = 1 35 meV. 



thermal noise current, 7,^ at 77 and lOOK is also shown. At = O.IV and 77K, the 
calculated thermal noise current (3 X 10 A/Hz'“) was close to the measured noise 
current (6 X 10 A/Hz'”), indicating that thermal noise is significant in the low-bias 
region. As the bias increased, the noise current increased much faster than thermal 
noise. The noise current at high bias (IV^I > O.IV) was dominated by generation- 
recombination (GR) noise. 
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Figure 3.55 Dark current activation energy versus bias. 




Figure 3.56 Measured noise current versus bias at 77 and 1 OOK. The dashed lines show calcu- 
lated thermal noise current at 77 and 100K. 
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The external quantum efficiency, is the ratio of the number of countable out- 
put carriers to the number of incident photons. It can be expressed as follows: 



‘ph 



»7ext =■ 






where is the photocurrent, is the input power, A is the peak wavelength, and R 
is the peak responsivity. Figure 3.57 shows the quantum efficiency versus bias at 
77K. With increase in bias, increased linearly and then saturated at high bias 
reaching a maximum value of — 9%. The internal quantum efficiency, can be 
estimated by using the following relation: 



G-(l-P) 



where R (8.8 ^m) = 28% is the reflectivity of the GaAs contact layers and G is the 
photoconductive gain, which was determined from the dark current and the noise 




Figure 3.57 Internal and external quantum efficiency versus bias at 77K. 
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current. At low bias, increased with bias due to filling of the ground states. How- 
ever, at high bias, slowly decreased due to the overfilling effect discussed earlier. 

Figure 3.58 shows the peak detectivity for the 8.3- and 8.8-^m peaks at 77 and 
lOOK. The best performance was achieved at 77K and -0.2V where the peak detec- 
tivity was 3.2 X lO’ cmHz'“/W. The corresponding responsivity was 22 mAAV. 
Note the rapid decrease of the detectivity with increase in temperature for both 
peaks. Owing primarily to the rapid increase in GR noise current at lOOK, the detec- 
tivity of the 8.3-^m peak dropped to 1.5 X 10* cmHz'“/W at -0.35V. 

High-Detectivity QDIPs 

To further enhance the detectivity, the number of QD layers was doubled to 10 [66]. 
This should enhance absorption and reduce the dark current. In Figure 3.59, the 
inset shows the normal-incidence spectral response at 78K for bias voltages in the 
range from -1.0 to -1.3V. The intraband photoresponse peak occurred at ~9.3 ^m 
(133 meV) and ~8.7 ^m (143 meV) for positive (not shown) and negative bias, 
respectively. The spectral width is 0.84 ^m and AA/2~10%, which is characteristic 
of electron bound-to-bound intraband transitions within the conduction band [6]. 
Figure 3.59 shows the peak responsivities at 78 and lOOK for bias voltages ranging 
from ±0.4 to ±2. IV. At 78K the responsivity increased nearly exponentially with 
bias, that is, from -0.018 mA/W at 0.4V to 710 mA/W at 2.1V. Saturation of the 
responsivity occurred beyond 2.0V. 




Bias (V) 



Figure 3.58 Detectivity versus bias at 77 and 1 0OK. 
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Figure 3.59 Peak responsivity of the device at 78 and 1 0OK. The inset shows spectral response of 
the 250-/^m-diameter QDIP at 78K. 



Figure 3.60 shows the dark current for various temperatures in the range from 
78K to room temperature. At a bias of l.OV, the dark current increased more than 
eight orders of magnitude from 6.5 X 10 A at 78K to 4.9 X 10^ A at 293K. 
At 78K, for bias voltage less than I ±0.9lV, the dark current measurement was instru- 
mentation limited. Also shown in Figure 3.60 is the dark current measured under 
300K background radiation (dashed line). Figure 3.61 shows the bias dependence of 
the noise current at T = 78K and lOOK and a measurement frequency of 140 Hz. The 
noise was dominated by GR noise. The noise measurement was limited by the noise 
floor of the preamplifier for bias less than IV^I < l±1.4Vl. 

Figure 3.62 shows the peak detectivity as a function of applied bias at 78K. 
For the determination of the detectivity, the instrument-limited noise values 
were utilized. This overestimates the noise current and thus provides a conservative 
lower limit for the detectivity. For the 9.3-^m photoresponse peak, the best 
performance was achieved at 1.4V where the detectivity is 3 X 10" cmHz'“/W 
with the corresponding responsivity of 61 mA/W. At -1.4V, the device has a 
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Figure 3.60 Dark current versus bias characteristics at temperatures ranging from 78 to 293K. 
The dashed line represents the response to 300K background radiation. 




Bias (V) 



Figure 3.61 Dark noise current as a function of applied bias at 78 and 1 0OK. 



detectivity of 2.7 X 10" cmHz'“/W with the corresponding responsivity of 55 
mA/W for the 8.7-^m photoresponse peak. 
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Figure 3.62 Detectivity of the device as a function of applied bias at 78K. The highest detectivity 
is 3 X 10” cmHz^'^/Wat 1.4V. 



The detectivity at these long wavelengths in the atmospheric window is nearly 
two orders of magnitude higher compared to the value of -5x10^ cmHz“^/W noted 
earlier for the 5-layer QDIP. Indeed, it is comparable [67] to that of QWIPs at ~78K. 
This enhancement is attributable to the increased absorption accompanying the 
increased total number of QD layers as manifest in the enhanced saturation value of 
-700 mAA17 of the responsivity of the 10-layer QDIP compared to that of the 5-layer 
QDIP. Additionally, an enhanced dark current blocking effect arises from two 
contributions. One, with an increasing number of QD layers, the vertical self- 
organization between QDs is weakened for a spacer thickness optimized to reduce 
the total strain buildup so as to minimize the density of structural defects. The TEM 
image of the 10-layer QDIP shown in Figure 3.63 is consistent with this suggestion. 
The loss of vertical organization is desirable because it effectively reduces the area 
for current leakage pathway in between the QDs for the same per-layer QD density. 
Second, the change in the self-consistent band bending with increasing total thick- 
ness affects the occupancy of the energy levels of the QDs. At the same electric field, 
the dark current of the 10-layer QDIP is four to seven orders of magnitude smaller 
than that of the 5-layer QDIPs. 

3.3.5 Dual-Color QDIPs 

In this section we describe the photodetector characteristics of QDIPs with bias- 
controllable dual-wavelength photoresponse [17, 31, 47]. The first devices of this 
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Figure 3.63 Shows a cross-sectional TEM image of the 1 0-period QDIP. 



type were achieved with structures described in Section 3.2.3 that incorporated the 
2.5-ML slow-growth-rate-induced large InAs quantum dots in multiple layers that 
led to two different quantum dot size distributions, predominantly vertically [17, 
31, 47]. Subsequently we have utilized VDA structures involving sequential stacks 
of QDs with intentionally varied transition energies. 

For the 2.5-ML InAs/InGaAs capped five-layer stack-based QDIPs of the previ- 
ous section, the dark current at 8 OK is about two orders of magnitude lower than 
that found for InAs/GaAs QD-based QDIPs with a similar n-i-n structure. This 
reduction is mainly due to thicker spacer layers and the deeper binding energies of 
QD electron ground states in this n-i-n QDIP structure. Figure 3.64 shows the 
MWIR and LWIR intraband photocurrent behavior of the QDIP as a function of 
negative and positive bias. Note the emergence of a dual-peak response with 
increasing bias magnitude with a mid-IR peak ~5.6 ^m (221 meV) and a long IR 
peak ~10 ^m (124 meV). A voltage-controlled, tunable, dual-wavelength behavior 
is manifest in the bias dependence of these two photocurrent peak intensities shown 
in Figure 3.64(c). At zero bias, no photocurrent was detected for the long- 
wavelength (~10-^m) radiation, whereas the photocurrent for mid-IR wavelength 
(~5.6-^m) radiation is not zero. This kind of intraband photovoltaic effect (at ~5.6 
^m) is due to the QD intraband-transition-induced dipole moment, which origi- 
nates from the shape- and inhomogeneous strain-dependent intrinsically asymmet- 
rical potential of the pyramidal QDs [68]. 

Because larger QDs have lower electron ground-state energy, and are thus 
preferentially occupied at zero bias, we assign the ~5.6-^m photoresponse to 
the larger QDs. With increasing bias, the peak intensities of both intraband 
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(a) (b) 




Figure 3.64 Photoresponse of 2.5-ML InCaAs capped QDIP at 0.4, 0.8, and 1 .2V; -0.4, -0.8, and 
-1 .2V. (a) Negative bias; (b) positive bias; and (c) the photocurrent versus bias plot. 



photocurrents increase rapidly, become comparable at intermediate bias (~0.8V), 
and saturate at high bias. Note that the ratio of the middle- and long-wavelength 
photocurrents can be varied by up to two orders of magnitude with reasonable 
change in bias. Significant intraband shift (5.5 fim to 6.0 and 9.1 fim to 11.2,um) 

is observed by varying bias (-1.60 to -I-1.40V) for both peaks. This intraband peak 
shift may mainly be contributed by the quantum-confined Stark effect. Importantly, 
we note that the long-wavelength (~9.3-,um) photocurrent peak has a minimum 
FWHM of 8.2 meV, corresponding to A2/2 = 6%, at a bias of 0.800V. The extremely 
narrow, minimum FWHM may be due to collective modes induced by enhanced 
interdot electron-electron coupling [32, 33], since the InGaAs capping layer signifi- 
cantly decreases the lateral tunneling barrier between the small QDs with size and 
shape fluctuations. 
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The bias dependence of the intraband photocurrent of the n-i[2.5-ML QD)-« 
QDIP shown in Figure 3.64(c) can be understood as follows. At zero bias, the elec- 
tron ground-state occupation of small QDs is much lower than that of large QDs 
at 80K since their electron ground states are higher by ~40 meV (as discussed 
later). With increasing bias, the electron ground states of the small QDs become 
increasingly occupied. The gain of photoexcited electrons from the small QDs 
probably also increases more rapidly with bias than that of the large QDs. At high 
bias, therefore, the intraband photocurrent of the small QDs exceeds that of the 
large QDs. 

The absolute spectral responsivity at 77K is shown in Figure 3.65. With increase 
in bias, the responsivities of all four peaks increase four orders of magnitude from 
-10^ A/W at low bias to ~1 A/W at -1.3V. For negative bias, the crossover of the 
responsivities of the two peaks occurs at about -0.8V, which is consistent with the 
FTIR measurement. Figure 3.66 shows dark current density versus voltage (f-V) 
characteristics for the sample in a cold shield with temperatures ranging from 40 to 
29 6K. The photocurrent that originates from the background blackbody radiation 
at room temperature is shown by the dashed line. Similar to the GaAs QDIPs 
discussed earlier, the BLIP temperature is ~60K. At 77K, the dark current density is 
1.3 X 10 A/cm^ and 4.4 X 10"^ A/cm^ at -0.3V and -0.8V, respectively. At low bias 
and T > 77K, the dark current increases exponentially by 10*^ with increasing tem- 
perature, which suggests that in this temperature range the dark current originates 
from thermionic emission. For temperatures lower than 77K, sequential resonant 




Figure 3.65 Peak responsivity for 2.5-ML InGaAs capped QDIP at 77K. 
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Bias (V) 



Figure 3.66 Dark current of 2.5-ML InGaAs capped QDIP versus bias for temperatures from 40 to 
296K. The dashed line shows the photocurrent that originates from the blackbody background at 
room temperature. The BLIP temperature is ~60K. 



tunneling and phonon-assisted tunneling are probably the dominant components of 
the dark current. 

The noise current at 77 and lOOK is shown in Figure 3.67. At = ±0.3V, the 
calculated thermal noise current (1.1 X 10^'“* A/Hz'^^) is very close to the measured 
noise current (1.3 X 10 ''' A/Hz'“), which indicates that thermal noise is significant in 
the low-bias region (Figure 3.67). As the bias increases, the noise current increases 
much faster than thermal noise and the shot noise becomes dominant at higher bias. 

For the shorter wavelength peaks, the QDIP had the best performance at 0.3V 
with a peak detectivity of 5.8 X 10’ cmHz'“/W for the 5.9-^m peak, and at -0.3V the 
peak detectivity was 3.7 X lO’ cmHz'“AV for the 5.5-^m peak. The corresponding 
responsivities were 3.5 and 3.0 mAAV, respectively. For the longer wavelength 
peaks, the QDIP had the best performance at -0.8V with a peak detectivity of 
7.3 X 10* cmHz^“AV for the 8.9-^m peak, and at 0.5V the detectivity was 7.3 X 10* 
cmHz'^AV for the 10.3- to 10.9-^m peaks. The corresponding responsivities were 
200 and 1.9 mAA)7, respectively. The relatively lower detectivities for the longer 
wavelength peaks reflect the rapid increase in noise with increasing bias. The detec- 
tivity of the two-color QDIP is still lower than that of multiwavelength QWIPs, 
which is mainly due to the lower responsivity as a result of the lower dot density and 
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Figure 3.67 Measured noise current of 2.5-ML InGaAs capped QDIP at 77 and 100K. The solid 
line is the calculated thermal noise. 



fewer quantum dot layers. QDIPs with more active layers may achieve higher 
responsivity if dot size and density can be maintained. 



3.4 Prognosis 

While QDIPs have demonstrated good performance for normal incidence opera- 
tion, at present, their performance (detectivity) is not equal to that of QWIPs. We 
anticipate that comparable or superior performance will be achieved by a combina- 
tion of further materials developments and improvements in device design. The 
detectivity is, in essence, simply an expression of SNR. As such, higher detectivity 
can be achieved by improving the responsivity and/or lowering the noise (dark 
current). 

The primary factors that impact the responsivity are the number of QD stacks in 
the active region and the density and uniformity of the QDs. The number of QD 
stacks effectively determines the absorption length; more QD layers result in higher 
absorption. It would appear that the solution would be to incorporate more QD lay- 
ers, as is done for QWIPs. However, for QDIPs, it is difficult to maintain sufficient 
size uniformity in successive QD layers. The net result is that the spectral response 
broadens without significant improvement in responsivity. From the materials per- 
spective, it is advantageous to develop innovations in growth that maintain the QD 
size as more and more layers are built up. 
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There is also a device approach to increase the effective optical absorption 
length and thus increase the responsivity, namely, the use of resonant-cavity 
enhanced photodetector structures. The resonant-cavity photodetector structure 
consists of a thin absorbing layer sandwiched between two dielectric mirrors. A 
schematic cross section is shown in Figure 3.68. The resonant-cavity structure can 
provide several performance advantages, one of which is enhanced quantum effi- 
ciency for absorption regions for which the single-pass attenuation is small. Viewed, 
somewhat simplistically, the photon lifetime in the Fabry-Perot cavity of the photo- 
diode is such that the photons can traverse the absorption region several times, 
which increases the effective pathlength. 

Near-IR (1- to 1.3-^m) resonant-cavity photodiodes with external quantum effi- 
ciency in excess of 90% have been demonstrated [69]. A challenge in extending the 
near-IR work on resonant-cavity enhanced photodetectors to MWIR and LWIR is 
fabrication low-loss mirrors in those spectral regions. It is an advantage that 
resonant-cavity enhanced photodetectors do not require mirrors with as high a 
reflectivity as those employed in vertical cavity surface emitting lasers. In an opti- 
mized cavity, the front and rear mirror reflectivities, and R^, respectively, satisfy 
the relation R^ = R^e'^‘‘ where a is the absorption coefficient of the active region and d 
is its thickness. One approach would utilize pairs of amorphous Ge and SiO^ layers. 
The simulated reflectivity for two Ge (IdO-nml/SiO^lddl-nm) mirrors, one with one 
pair and one with eight pairs, is shown in Figure 3.69. The single-pair mirror would 
be suitable for operation at 2 ^m, whereas the 8-pair mirror could extend to 
~8.5 ^m. The reflectivity of both mirrors would be adequate as the back mirror for a 
resonant-cavity enhanced QDIP with a top mirror reflectivity of 30%, that is, the 
reflectance of the air-semiconductor interface. 
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Figure 3.68 Schematic cross section of a resonant-cavity enhanced photodetector. 




3.4 Prognosis 



109 




12 3 4567 89 10 11 

Wavelength (/<m) 



Figure 3.69 Reflectivity of a dielectric mirror consisting of pairs of Ce (1 40 nm) and SI02 (331 
nm); C represents the number of pairs. 
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Quantum Dot Lasers: Theoretical 
Overview 



Levon V. Asryan and Serge Luryi, State University of New York at Stony Brook 



4.1 Introduction: Dimensionality and Laser Performance 

The emergence of devices based on nanometer-size active elements marked the era 
of nanoelectronics and nanophotonics. Among such elements are notably low- 
dimensional heterostructures, such as QWs [1], quantum wires (QWRs) [2], and 
QDs [3]. Quantum confinement in low-dimensional heterostructures strongly 
modifies the basic properties of a semiconductor crystal. 

In a QW, carriers are spatially confined in the transverse direction and move 
freely in its plane. In a QWR, carriers are spatially confined in two transverse direc- 
tions and move freely along it. Hence, the carrier energy spectra in both QWs and 
QWRs are continuous within wide subbands of allowed states and, in this sense, 
they do not qualitatively differ from those in a bulk crystal. 

In a QD, carriers are three-dimensionally confined and the modification of elec- 
tronic properties is most strongly pronounced: the energy levels are discrete. For this 
reason, QDs are also referred to as superatoms or artificial atoms. A QD of typical 
size (several nanometers to several tens of nanometers) contains several thousands 
to several tens of thousands atoms. Quantum dots have generated much interest as a 
new class of human-made materials with tunable (by varying both the composition 
and size) energies of discrete atomic -like states. 

The semiconductor laser is the fundamental device of modern optoelectronics 
and photonics. It was proposed long ago [4] that reducing the dimensionality of the 
active region could significantly improve laser performance due to the quantum-size 
effect. This general idea was initially applied to QW lasers [5-7] and by now QW 
lasers have replaced bulk lasers in most commercial applications [1]. Further 
enhancement is expected for lasers with lower dimensionality, such as QWR and 
especially QD lasers. In the context of QWR and QD lasers, this idea was first ana- 
lyzed theoretically in [8]. Due to a continuous density of states within allowed sub- 
bands, using QWs and QWRs as an active medium for stimulated optical 
transitions can only quantitatively enhance device characteristics compared to those 
of a bulk device [9, 10]. 
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Figure 4.1 shows the transformation of the density of states and the schematic 
gain spectrum with the reduction in the dimension of the active region. As the den- 
sity of states narrows, one needs smaller number of states to be filled to attain trans- 
parency of the active region and the lasing. As a result, both the transparency current 
(injection current required for zero gain) and the threshold current (current, at 
which the gain equals the loss and the lasing starts) decrease, and also their tempera- 
ture dependences become less pronounced. Lowering the threshold current and 
improving its temperature stability are important objectives in the development of 
diode lasers [11]. As seen from the figure, the radical, qualitative change in the den- 
sity of states and the gain spectrum occurs only in QDs. The discrete carrier spec- 
trum in QDs appears therefore ideally suitable for lasing generation with low 
threshold and high temperature stability. Thus, the semiconductor (diode) QD 
lasers form a novel class of injection lasers that promise radically enhanced 
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Figure 4.1 (a-d) Transformation of the density of states and the schematic gain spectrum for dif- 

ferent dimensions of an active region. 
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operating characteristics [3, 8, 12-14], The use of QDs as an active medium in injec- 
tion lasers is a dramatic example of nanotechnology applied to devices of high com- 
mercial interest. 



4.2 Advantages of an Idealized QD Laser 

The principal advantages of QD lasers over the conventional QW lasers can be sum- 
marized as follows: 

• Significantly lower threshold current density; 

• Significantly weaker temperature dependence of the threshold current, ide- 
ally, temperature-insensitive threshold current; 

• Superior opportunity for tuning the gain spectrum width and the emission 
wavelength (color of light); 

• Low chirp (shift of the lasing wavelength with injection current), ideally, zero 
a-factor. 

In the ongoing improvement of semiconductor lasers, each of the above areas 
has always been on the high-priority list and motivated the very idea of heterostruc- 
ture lasers [15], The low threshold currents of heterostructure lasers, already 
demonstrated during the early stage of development [16-18], provided much 
momentum for continuing research in this field. 



4.3 Progress in Fabricating QD Lasers 

Practical realization of the advantages of QD lasers became possible with the advent 
of QD structures with high uniformity of size and shape. 

Initial attempts to fabricate QDs and QD devices relied on the traditional — 
at the time — means, such as selective etching of QW structures or QW intermix- 
ing, growth on profiled substrates and on cleavage facets, or condensation in 
glassy matrices [19]. These efforts, however, did not produce device-oriented 
structures. 

A breakthrough in fabricating QD lasers (first optically pumped [20] and then 
current injected [21]) came with the use of self-organizing effects in heteroepitaxial 
systems. The nonplanar 3D growth, which had been traditionally considered unde- 
sirable, has led to the direct formation of QDs. The possibility of forming 3D islands 
in a wideband matrix was first demonstrated in [22] . At the time, however, this did 
not attract much attention because the prospect of fabricating uniform QDs looked 
doubtful. It took extensive experimental and theoretical studies [23] before QD 
arrays of high structural perfection and uniformity could be realized in practice. 

Today, we have a reasonably mature epitaxial growth technology that employs 
spontaneous formation of semiconductor nanostructures in heteroepitaxial mis- 
matched systems. This technology allows us to control both the surface density and 
the size of QDs [24]. The most extensively studied heterosystems for QD lasers 
are InAs/GaAs, InAs/InGaAs, InGaAs/GaAs, and InGaAs/AlGaAs on the GaAs 
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substrate. Using these material systems, one can vary the lasing wavelength in the 
wide spectral range from 0.87 to 1.9 ^m, including 1.3 and 1.55 ^m, the most desir- 
able wavelengths for telecommunication applications. The use of GaInP/InP and 
InAlAs/GaAs QDs extended the range into the visible (red) spectrum. 

Gommercial perspectives on QD lasers have stimulated the efforts of many 
groups and led to significant progress in fabrication technology. Among the demon- 
strated advantages of QD lasers is the lowest threshold current density — 19 Klcva 
— ever reported for continuous-wave (GW) room temperature operation for semi- 
conductor lasers of any type [25]. A temperature stability of the threshold current 
that is superior to QW lasers has been demonstrated; a characteristic temperature T„ 
above 15 OK was reported at operating temperatures well above room tempera- 
ture [26-28]. Wide spectral tunability has also been demonstrated [29]. 

4.4 State-of-the-Art Complications 

Figure 4.2 shows schematically the cross section and the band diagram of a typical 
QD laser. The bipolar device employs stimulated transitions between the quantized 
energy levels of electrons and holes in QDs. In this section, we focus on the most 
important issues that hinder the development of such lasers with superior perform- 
ance compared to other contemporary semiconductor lasers. 





Figure 4.2 (a) Schematic structure and (b) energy band diagram of a QD laser. 
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4.4.1 Nonuniformity of QDs 

Nonuniformity is a problem of great concern. As discussed earlier, the advantages 
of QD lasers stem from a d -function-like density of states. If all QDs were identical, 
the gain spectrum would also be a <5 function (Figure 4.1). However, the QDs in 
actual structures vary, primarily in size (Figure 4.3) and shape, but also in the local 
strain. The QD parameter dispersion causes fluctuations in the quantized energy 
levels. This leads to an inhomogeneous broadening in the optical transition energy 
(Figure 4.3) and hence also broadens the gain spectrum. This dispersion is hardly 
avoidable during the QD structures’ growth: Size fluctuations are inherent in self- 
organized QD ensembles either fabricated by MBE or MOCVD. 

Inhomogeneous line broadening is the key factor degrading the characteristics 
of a QD laser [30]. The QD parameter dispersion adversely affects the operating 
characteristics of a laser: 

• Maximum gain decreases. 

• Threshold current increases and becomes more sensitive to temperature (the 
characteristic temperature decreases). 

• The multimode generation threshold decreases. 

• The internal differential efficiency and output power both decrease. 

The QD laser advantages can only be realized if the QDs are sufficiently uni- 
form. Later we discuss how the threshold and power characteristics of a laser 
depend on the QD size fluctuations, that is, on the “degree” of the structure 
perfection. 
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Figure 4.3 Inhomogeneous line broadening arising from nonuniformity of QDs. 
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Effect on the Gain 

The laser threshold condition is 
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g" =13 (4.1) 

where g"‘ is the peak value of the modal gain spectrum and (3 is the total loss. The 
minimum injection current satisfying (4.1) is, by definition, the threshold current. 

The shape of the modal gain spectrum (which represents the effective gain of the 
active layer comprising QDs) and its transformation with the injection current are 
quite different in the two limits, corresponding to small and large QD size disper- 
sions [30-32]. 

For small fluctuations (the inhomogeneous line broadening is less than the tem- 
perature T), the gain spectrum copies the curve for the QD size distribution, with the 
scale along the vertical axis determined by the population inversion in the QD of 
average size [Figure 4.4(a)]. The spectrum changes self-similarly with the current. 




Figure 4.4 Gain spectra for equilibrium filling of quantum dots: (a) small dispersion, (b) large dis- 
persion. Curves are numbered in order of increasing population inversion in a QD. The dashed 
curves correspond to full population inversion. (From: [30]. © 1996 IEEE. Reprinted with 
permission.) 
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The peak value of the modal gain spectrum occurs at the transition energy £„ in a 
mean-sized QD and is equal to 

g" =g /p -l) (4.2) 

where and are the occupancies of the quantized energy levels of an electron and 
a hole in a mean-sized QD. 

The quantity is the maximum possible (saturation) value of g”. It holds 
when both and approach unity, that is, when the QDs are fully occupied. The 
dependence of on the inhomogeneous line broadening is given by the 

following expression: 



4\V£/ (Ae)j^i,^^ S 



(4.3) 



where ^ = 1/yr and ^ = I/a/Itt for the Lorentzian and Gaussian distributions, respec- 
tively. = IjrhclEg is the lasing wavelength; e is the dielectric constant of the opti- 
cal confinement layer (OCL); £ is the characteristic length of the optical 
confinement in the transverse waveguide direction; and is the surface density of 
QDs. 

The reciprocal spontaneous radiative recombination time for transitions 
between the quantized energy levels in the conduction and the valence bands is of 
the form 




where a = e^lfic is the fine structure constant, P is Kane’s parameter [33], and 1 is the 
overlap integral between the electron and hole wave functions (see Section 4.4.8). 
The inhomogeneous line broadening caused by fluctuations in QD sizes is 

=(<?«G +'?p£p)<5 (4.5) 



where = -d ln£„ Jd \na, £„ ^ are the quantized energy levels in a mean-sized QD, a 
is the mean size of QDs, and d is the root mean square (rms) of relative QD size 
fluctuations. 

The gain saturation effect is observed experimentally in QD lasers. Because 
oc l/(A£)j_^^^_^, we see how crucial the QD size uniformity is. 

For large fluctuations [(A£)j_^^^^ > T], the gain spectrum gradually fills the 
curve for the QD size distribution with increasing injection current [Figure 4.4(b)]. 
Both self-similar and gradually filled gain spectra have been observed 
experimentally. 
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Effect on the Threshold Current 

Below and at the lasing threshold, the injection current density is consumed by the 
spontaneous recombination in QDs and in the OCL: 

i=^^{fnfp) + ebBnp (4.6) 

^QD 



where (. . .) means averaging over the QD ensemble, b is the thickness of the OCL, B is 
the radiative constant for the OCL, and n and p are the free-carrier densities in the 
OCL. 

If we consider relatively high temperatures, the carriers in each band are close to 
equilibrium and in steady state the free-carrier densities in the OCL (below and at 
the threshold) can be expressed in terms of the confined-carrier level occupancies in 
a mean-sized QD [30]: 

f n . . ^ P j A "7 \ 

,4.71 



Here the quantities and are 
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A£„ 
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(4.8) 



where are the conduction and valence band effective densities of states and 
A£^j are the band offsets at the QD-OCL heterointerface (Figure 4.2). 

Assuming charge neutrality in QDs, /), = (which is not the general case — see Sec- 
tion 4.3), (4.1) and (4.2) yield the level occupancies at threshold in a mean-sized QD: 



n.p 




(4.9) 



where d™* is the maximum tolerable rms of relative QD size fluctuations [see (4.43) 
in Section 4.4.7]. 

With (4.9), (4.7) and (4.6) yield the dependence on 6 of both the free-carrier den- 
sities in the OCL at the lasing threshold and the threshold current density: 
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(4.11) 
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We see that the threshold current diverges as the dispersion increases and 
approaches a certain critical value, °o for <3 ^ <3”“ [Figure 4.5(b)]. Such behavior 
has been observed experimentally [34]. 

In the opposite limit,/,,, decreases and as <5 0, the threshold current tends to the 

transparency (inversion) value, corresponding to the current density, at which // + 
-1=0 [Figure 4.5(b)]. 





rms of relative QD size fluctuations, 6 

(b) 




Figure 4.5 Multimode generation in a QD laser as function of (a) normalized surface density of 
QDs, (b) rms of relative QD size fluctuations, and (c) cavity length. Solid and dashed curves 
describe the threshold current density for the main mode and the next longitudinal mode, respec- 
tively, while dotted curves correspond to the multimode generation threshold. The insets show the 
relative multimode generation threshold. (From: [37]. © 2000 IEEE. Reprinted with permission.) 
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Effect on the Temperature Dependence of Threshold Current 

The T dependence of is described by the characteristic temperature T„ [defined by 
(4.17)]. The higher this parameter, the less sensitive /,,, is to temperature. Nonuni- 
formity of QDs has a twofold effect on the T dependence of The main effect is 
through the thermal population of the OCL, which controls the parasitic recombina- 
tion current outside QDs [30-32, 35]. The second effect is through the thermal popu- 
lation of nonlasing QDs, which gives rise to a parasitic recombination current [36]. 



Effect Through the Parasitic Recombination Outside QDs 

The OCL is a nonlasing 3D region surrounding QDs. The carrier population in the 
OCL is in approximate thermal equilibrium with that in QDs, except at low tem- 
peratures. The recombination current in the OCL is the main source of temperature 
dependence of (see later sections). Assuming charge neutrality in QDs, the follow- 
ing expression is obtained for T„ as a function of <5 [35]: 
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^ ^ QD 
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(4.12) 



where A£^j = A£_.j -i- A£_j is the bandgap difference between the materials of the OCL 
and QD. 

The more uniform the QD ensemble, the lower the carrier density [see (4.8) and 
(4.10)] and the recombination current [the second term on the right side of (4.11)] in 
the OCL and the higher the T„ (Figure 4.6). At room temperature and = 1.3 X 10" 
cm = 10 cm ' and 10% QD size dispersion {6 = 0.05), the characteristic tempera- 
ture for the structure optimized to minimize the threshold current density [30] is 



Total losses, /? (cm 

10 20 30 40 




Figure 4.6 Characteristic temperature against rms of relative QD size fluctuations (at/J = 1 0 cm"', 
bottom axis) and against total losses (at <5 = 0.05, top axis). = 1 .3x1 o" cm“^. (From: [35]. 

© 1998 IEEE. Reprinted with permission.) 
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~ 286K [35]. This estimate is several times higher than the best in QW lasers for 
the same loss (typically less than 90K). 



Effect Through the Recombination in Noniasing QDs 

Because of the inhomogeneous broadening, a certain fraction of QDs does not con- 
tribute to the lasing transitions while still adding to the parasitic recombination. As 
far as T„ is concerned, the effect of thermal population of nonlasing QDs is in princi- 
ple similar to (but not as strong as) that due to carriers residing in the OCL. 

The thermal population of nonlasing QDs and hence the T dependence of the 
recombination current in QDs, [the first term on the right side of (4.6)], is simply 
accounted for by the deviation of from the product of the electron and hole 

level occupancies in a mean-sized QD. The characteristic temperature for /q^is [36] 
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(4.13) 



where is the level occupancy in a mean-sized QD at the lasing threshold given by 
(4.9), and and are, respectively, the first and the second derivatives of 
with respect to the QD size taken at the mean size of the QD’s a. 

The dependence on d is nonmonotonic (Figure 4.7). The decrease of 

^oanhom ^1 small 6 is due to the increasing thermal population of nonlasing QDs. At 
large QD size dispersion, when <5 <5”“, /), approaches unity [see (4.9)] to satisfy the 



24 32 




rms of relative QD size fluctuations, <5 

Figure 4.7 Characteristic temperature as a function of the rms of relative QD size fluctua- 

tions (bottom axis) and the inhomogeneous line broadening (top axis). The vertical dashed line 
indicates d™*. (From: [36]. © 2001 IEEE. Reprinted with permission.) 
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threshold condition; full occupancy of QDs forces temperature independence of 
at the expense of a very large increase in the total threshold current. 

The characteristic temperature is much higher than given by 

(4.12): As seen from Figure 4.7, is above 1,500K over the entire range of <5. 

Such a characteristic temperature can be essentially considered infinite for most 
practical purposes. Hence, the effect of thermal population of nonlasing QDs is neg- 
ligible compared to that of the nonlasing 3D region surrounding QDs. 



Effect on the Multimode Generation Threshold 

The multimode behavior of lasing in QD structures is caused by spatial hole burning 
(Section 4.4.5) [37]. 

The multimode generation threshold dj is defined as the excess of the injection 
current density over the threshold current density for the main mode, at which the 
lasing oscillation of the next (closest to the main) mode of the resonator begins. The 
following equation is obtained for dj as a function of 6 at relatively high T [37]: 



dj =2 



c n 

4e L 



eN, 



(4.14) 



where L is the cavity length and are the thermal escape times of electrons and 
holes from QDs. These times are given by 



— 

’ > 



Op^pPl 



(4.15) 



where are the QD capture cross sections and are thermal velocities. 

We see that decreasing the QD size dispersion improves the single-mode behav- 
ior of the laser, in addition to the improvements in threshold current and tempera- 
ture stability. As (5 ^ 0, the multimode generation threshold increases indefinitely, 
diverging as <5 ' [Figure 4.5(b)]. 



Effect on the Internal Quantum Efficiency and the Output Power 

We have discussed the effect of QD size dispersion on threshold characteristics. The 
QD uniformity is of crucial importance also for the high-power characteristics of a 
laser [38, 39]. 

The general expression for the internal quantum efficiency of quantum con- 
fined lasers is (4.31) in a later section. As d approaches its maximum tolerable value 
d™* [given by (4.43)], the internal quantum efficiency and the output power both 
vanish (Figure 4.8). The more uniform the QD ensemble, the higher r]-^^ (Figure 4.8), 
the more linear the light-current characteristic (LCC) and the higher the output 
power (Figures 4.8 and 4.9). In properly optimized QD lasers, discussed later, the 
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Figure 4.8 Internal quantum efficiency (solid curve, left axis) and output power (dashed curve, 
right axis) as a function of the rms of relative QD size fluctuations (at fixed L = 1 mm, bottom axis) 
and the cavity loss (at fixed <5 = 0.05, top axis). (From: [39]. © 2003 IEEE. Reprinted with 
permission.) 
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Figure 4.9 LCC for structures with different rms of relative QD size fluctuation. The dashed line 
corresponds to the ideal situation, = 1 . The values of <3 and (from the top down) are, respec- 
tively, 0.1 3, 0.145, 0.153, 122.44, 465.32, and 1,937 A/cm\ (From: [39]. © 2003 IEEE. Reprinted 
with permission.) 



LCC can be linear and can be close to unity up to very high current densities (15 
kA/cm^); output powers in excess of lOW at higher than 95% are attainable in 
broad-area devices. These results indicate that QD lasers may possess an advantage 
over conventional QW lasers for high-power applications. 
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4.4.2 Parasitic Recombination Outside QDs 

In “traditional” QD laser structures, the QDs are surrounded by the OCL, which 
itself is conductive and transports mobile carriers to the QDs. (This situation is 
common to all semiconductor diode lasers.) Carriers are first injected from the clad- 
ding layers to the OCL and then captured into QDs. A two-step supply of carriers 
into the active region, wherein stimulated transitions occur, is detrimental to 
both the threshold and high-power characteristics. As a result of such an indirect, 
OCL-mediated injection into the active region, (1) the threshold current and its 
temperature-sensitivity both increase and (2) the internal quantum efficiency and 
the output power decrease. A new approach to the QD laser design, which elimi- 
nates the troublesome recombination outside the active region, is discussed in 
Section 4.4.5. 

Effect on the Threshold Current 

High temperature stability of operation is an essential feature required of 
long-wavelength diode lasers for telecommunications. Commercial QW lasers based 
on InGaAsP/InP heterosystem are rather poor in this respect; the characteristic tem- 
perature reaches, at best, about 90K. 

Ideally, threshold current of a QD laser should remain unchanged with the tem- 
perature, that is, T„ should be infinitely high [8]. This would be so indeed if the over- 
all injection current went entirely into the radiative recombination in QDs. 
However, a fraction of the current occurs by recombination in the OCL. This com- 
ponent of denoted as /qcl [the second term on the right side of (4.11)], is associ- 
ated with thermal excitation of carriers from QDs and hence depends exponentially 
on T [30, 35]. It is this component that is mainly responsible for the T dependence of 
at room temperature and above. Such a mechanism of T dependence is also at play 
in other semiconductor lasers, but in QD lasers it plays the central role. Inasmuch as 
the growth technology allows us to fabricate reasonably uniform QD arrays, so that 
the inhomogeneous line broadening is controlled to a high degree, it is the thermal 
exchange between the QDs and the OCL that remains the main obstacle to full reali- 
zation of the advantages of 3D confinement. 

Assuming charge neutrality, the T dependence of (Figure 4.10) is apparent 
from (4.11) and (4.8): 



OCL, neutral 



(T)ocBmjPj !xT^'^ exp 



-£n -£p ^ 

T 



(4.16) 



(Temperature dependences of the radiative constant B [30] and of the conduction 
and valence band effective densities of states have also been taken into account 
here.) 

With the increasing energy A£^j ~ ~ ^ p ~ ~ ~ )’ which 

is the sum of the localization energies of electrons and holes in a mean-sized QD, the 
free-carrier densities in the OCL decrease and hence so does This makes less 
sensitive to temperature. In [40], the OCL was made of AlGaAs, which has a wider 
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Figure 4.10 Temperature dependence of the threshold current density and its components. The 
inset shows /qd(T) and /qcl( 7) on an enlarged (along the vertical axis) scale. The dashed line 
shows /qo calculated assuming the charge neutrality in QDs. (From: [35]. © 2003 IEEE. Reprinted 
with permission.) 



bandgap than GaAs, in order to suppress the thermal escape of carriers from QDs. 
This led to a significant reduction of 

Effect on the Characteristic Temperature 

The characteristic temperature is the key parameter describing empirically the T 
dependence of the threshold current of semiconductor lasers. It is defined as 



Although /,t(T) never fits the exponential form exp(T/T„) precisely [as might appear 
from (4.17)], it is usually adequately characterized by the parameter T„ within a nar- 
row temperature range of interest. Considering a wider range, T„ itself is a function 
of the temperature. 

The dependence = Tg{T) is strong [21] and shows a deep fall-off with increas- 
ing temperature (Figure 4.11). The drastic decrease in T„ is explained [35] by the 
transition from the low-T regime, when is controlled by recombination in QDs, to 
the regime at higher T, when is controlled by the parasitic recombination in the 



follows [41]: 




(4.17) 



OCL. 



128 



Quantum Dot Lasers: Theoretical Overview 



At relatively high T, charge neutrality violation has negligible effect on the T 
dependence of /,,, (Figure 4.11) and T„ is approximately given by (4.12). The factor 
outside the square brackets in (4.12) corresponds to a characteristic temperature 
'To‘:^nhom defined for the function given by (4.16). 

As discussed in an earlier section, the nonuniformity of QDs affects the thresh- 
old current and its temperature stability primarily through the parasitic recombina- 
tion outside QDs. Equation (4.9) shows that when <5 approaches its maximum 
tolerable value d™’', the level occupancies in QDs tend to unity. Full occupancy of 
QDs requires infinitely high free-carrier densities in the OCL [see (4.10)]. Hence the 
recombination current density on the OCL [the second term on the right side of 
(4.11)] also increases infinitely. 



Effect on the Internal Quantum Efficiency and the Output Power 

Power characteristics are also strongly affected by the recombination outside QDs. 
As discussed later in Section 4.4.6, due to the noninstantaneous nature of carrier 
capture into QDs, the carrier density and the recombination current in the OCL 
both continue increasing with the injection current above the lasing threshold. This 
causes a deviation of the internal efficiency from unity. Furthermore, since the 
recombination rate in the OCL is superlinear in the carrier density (first quadratic 
and then cubic), the internal efficiency becomes a decreasing function of the injec- 
tion current, and hence the LCC is sublinear [38, 39]. 

It is the ratio of the threshold values of the parasitic recombination current out- 
side QDs to the capture current into QDs that determines and the output power 




Figure 4.1 1 Temperature dependence of the characteristic temperature. The dashed curve shows 
r„ calculated assuming charge neutrality in QDs [see (4.12)]. (From: [35]. © 1998 IEEE. Reprinted 
with permission.) 
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at a given injection current [38, 39]. Figure 4.12 shows how important the lowering 
of this ratio is to enhance and the output power. We discuss this issue in greater 
detail in a later section. 

4.4.3 Violation of Local Neutrality in QDs 

As shown in [42], the electron level occupancy in a QD may differ from that 
of a hole; that is, QDs may be charged. The QD structures are distinct in this 
sense from similar QW structures in that the difference between the hole and the elec- 
tron level occupancies in a QD, - f^, can be comparable to the occupancies, /], and 
/j,, themselves (see [42] and Figure 4.13). The distinction is rooted in the low surface 
density of QDs, (typically from several 10'“ cm^^ to 10”cm“^), compared to the 
2D-carrier density in a QW (typically above lO'^cm^^). The same amount of surface 
charge density, eN^ {f^ - fj, required to screen a local electric field inhomogeneity, 
gives a tangible charge imbalance in the layer of QDs, while being quite negligible 
relative to the overall electron or hole charge in a QW. This is the reason why QWs 
can be considered neutral [43, 44] and QDs, in general, cannot. 

The violation of local neutrality in QDs strongly affects the threshold character- 
istics of a laser. In the absence of neutrality, (4.1) alone does not determine the elec- 
tron and hole level occupancies in a QD at the lasing threshold. One needs an 
additional relation between /], and f^. This relation can be obtained by solving a self- 
consistent problem for the electrostatic field distribution across the heteroj unction. 
Generally, it can be written in the form: 

fp-fn=^ (4.18) 




Figure 4.12 Internal quantum efficiency as a function of the ratio th- Injection current 

density /= 10 kA/cm^; the variation of /t°‘^V/capt,th in the range shown (from 8x10“^ to 1) is accom- 
plished by changing from 20 x to 2.81 x 1 0^” cm"^. (From: [39]. © 2003 IEEE. Reprinted with 
permission.) 
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A specific type of the function A depends on details of the laser structure, for 
example, on the spatial distribution of donor and acceptor impurities and the band 
offsets. 

With (4.18), the level occupancies in a mean-sized QD at the lasing threshold 

are: 
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(4.19) 



When the local neutrality holds (A = 0), the threshold level occupancy is tem- 
perature insensitive [see (4.9)]. Due to the T dependence of A, the violation of charge 
neutrality is accompanied by a T dependence of and (Figure 4.13). Uncon- 
strained by the neutrality condition, and are no longer fixed by the threshold 
condition and become T dependent. As a result, the threshold current density com- 
ponent /qj, associated with the radiative recombination in QDs is also T dependent 
(Figure 4.10). Thus, even if the parasitic recombination outside QDs is fully 
suppressed, there remains a T dependence of associated with the violation of 
QD neutrality. It is this effect that keeps finite the characteristic temperature 
(Figure 4.11) at low T (as already observed in the first QD laser [21], when the ther- 
mal escape of carriers from QDs is essentially suppressed. 

The equation for defined for /qi,(T) is 



1 _1 1 dA^ 

-pQD 4 /“ /■ dT 

^ 0,VCN ' / n / p 



(4.20) 




Figure 4.13 Temperature dependence of the electron and hole level occupancies and their differ- 
ence at the lasing threshold. The horizontal dotted line shows f„p calculated assuming charge neu- 
trality in QDs. ,8 = 10 cm'^ and <3 = 0.05; Nf" =2.1 x 1 0^“ cm~^ (From: [35]. © 1 998 IEEE. 
Reprinted with permission.) 
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The obtained characteristic temperature TJ^vcn i® positive because the absolute 
value of A always decreases with T (Figure 4.13). 

At relatively low T, when is controlled by /gj,, the values of obtained 

from (4.12) (Figure 4.11, dashed curve) are far larger than the actual calculated 
taking into account violation of neutrality (Figure 4.11, solid curve). 



4.4.4 Excited States 

Ideally, there should be one electron and one hole energy level in a QD, 
since the presence of excited carrier states may degrade some of the advan- 
tages of QD lasers. This complication would not be as severe for highly symmetri- 
cal (e.g., cubic) QDs, where multiple hole levels can be tolerated provided one has 
only one electron level. The reason is that radiative transitions from the ground elec- 
tron state to excited hole states are forbidden by the selection rules in sufficiently 
symmetrical structures. However, such transitions are allowed in actual, low- 
symmetry (e.g., pyramidal) QDs. Moreover, there may also be excited electron 
states [45]. 

In the context of lowering and enhancing excited state transitions are unde- 
sirable. On the other hand, from the standpoint of increasing the maximum gain, 
their presence may even be beneficial. It is via such transitions that lasing often 
occurs in short-cavity QD structures. Interestingly, the observed switch of the lasing 
wavelength with the cavity length (see, e.g., [46]) can be attributed to the contribu- 
tion of these “forbidden” transitions [47, 48]. 

A detailed theoretical study of the effect of excited state transitions on the 
threshold characteristics of a QD laser was given in [47, 48]. Here we discuss the 
effect of excited states on the T dependence of [49]. 

The presence of excited states serves as another source of T dependence of 
because of the thermally activated parasitic recombination associated with excited 
state transitions. Denoting the characteristic temperature limited by the presence of 
excited states by the ratio T„“7T can be put in the form of a universal function 
of A“7T (where A'“ is the separation between the transition energies; see 
Figure 4.14): 
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(4.21) 



where /], is the occupancy of the ground state in a mean-sized QD, r = + Ij), and 

7j and are the rates (the reciprocals of the spontaneous radiative lifetimes) of the 
ground and excited state transitions, respectively. 

For small enough QDs, the T dependence of arising from thermally excited 
states is negligible compared to the effects of parasitic recombination in the OCL 
and charge neutrality violation. 
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Figure 4.14 Carrier population in bulk, QW, and single QD. The dashed arrow shows the excited 
state transition in a QD. (From: [49]. © 2003 IEEE. Reprinted with permission.) 



Suppression of the Effect of Excited States of Holes by p-Doping 

In QDs supporting multiple closely spaced hole levels, the effect of excited states on 
the T sensitivity of y,,, can be strong. Thermal smearing of the hole population among 
many states means that a large T-dependent fraction of injected holes is not in the 
ground state. Achieving the population inversion for lasing in such structures 
requires a T-dependent threshold current. To eliminate this problem, doping QDs 
with acceptors was proposed [26]. Owing to the larger separation of electron levels 
(due to the smaller effective mass), the injected electrons lie mostly in their ground 
state. The large hole occupancy built in by the p doping now ensures that injected 
electrons always find ground state holes to recombine. A high value of T„ (160K) 
was achieved by this method [26]. 

4.4.5 Spatial Discreteness of Active Elements: Hole Burning 

Spatial hole burning (SHE) in semiconductor [50, 51] and solid-state [52] lasers is 
due to the nonuniformity of stimulated recombination. It leads to the lasing oscilla- 
tion of higher modes of the resonator together with the main mode. The problem of 
multimode generation is of primary importance for many laser applications [10]. To 
suppress the additional modes and properly design single-mode operating lasers, it is 
essential to understand the key physical processes controlling the multimode genera- 
tion threshold. 

In a QD laser, the SHE effect can be particularly strong in view of the spatial dis- 
creteness of QDs [37]. The point is that the stimulated emission in a laser cavity is a 
standing wave (with several thousands of wavelengths accommodated along the 
cavity length). The stimulated recombination will be most (least) intensive in the 
QDs located at the antinodes (nodes) of the light intensity (Figure 4.15). This gives 
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1 . Radiative recombination in QDs 

2. Radiative recombination in the OCL 

3. Capture into QDs and thermal escape from QDs 

4. Diffusion along the longitudinal direction 



Figure 4.15 Schematic cross section of a QD laser structure along the longitudinal direction. 



rise to SHB of the population inversion — QDs located near the antinodes (nodes) 
are depleted (overfilled). 

In semiconductor bulk or QW lasers, the resultant nonuniform carrier distribu- 
tion is smoothened out by diffusion, which partly or totally suppresses the SHB 
effect [50]. 

A drastically different situation occurs in QD lasers. Here, diffusion plays a 
minor role. Because only those carriers that are localized in the QDs contribute 
to the stimulated emission, the smoothing of nonuniform population inversion 
requires a series of transport processes: thermal escape of carriers from the over- 
filled QDs, diffusion in the OCL to the depleted QDs and capture into the latter 
(Figure 4.15). This slow carrier exchange between individual QDs may result in a 
highly nonuniform population inversion, and hence a strong SHB. This in turn 
implies that the multimode generation threshold may be low. A detailed study of 
SHB based on the steady-state rate equations (for confined carriers, free carriers, 
and photons) is presented in [37]. 

We can see from (4.14) that the multimode generation threshold dj is governed 
by the characteristic times r“p of the thermal escapes from QDs. Thermal escape. 
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rather than diffusion, is the slowest process controlling the smoothing of nonuni- 
form population inversion. A similar situation arises in lasers based on band-to- 
impurity optical transitions [53, 54], 

The temperature dependence of <5/ resides in the escape times r“p [see (4.8) and 
(4.15)]. The main reason is the exponential temperature dependence of the quanti- 
ties and py Concurrent with the unwelcome increase of the increasing T leads 
to a desirable increase of A/ (Figure 4.16). This occurs because the thermal escape 
from QDs becomes much more effective at high T. (Similarly, dj increases with T in 
semiconductor bulk lasers, due to the enhanced diffusion at higher T [50].) Thus, 
provided SHE is the only (or the main) factor that allows many modes to oscillate 
simultaneously, the number of the lasing modes decreases with increasing T and 
hence the LCC becomes more linear. This may explain the observed increase with T 
of the slope efficiency in a QD laser [55]. 

4.4.6 Intrinsic Nonlinearity of the Light-Current Characteristic 

In every QW, QWR, or QD laser, the quantum-confined active elements are embed- 
ded in a bulk reservoir region, which also serves as the OCT, wherefrom carriers are 
fed via some sort of a capture process. Because the capture is never instantaneous, it 
gives rise to a current dependence of the carrier density n in the reservoir, even above 
threshold when the carrier density in the active region itself is pinned. The increasing 




Temperature (K) 



Figure 4.16 Temperature dependence of the multimode generation. Solid and dashed curves 
describe, respectively, the threshold current density for the main and the next longitudinal modes; 
the dotted curve corresponds to the multimode generation threshold. The relative multimode gen- 
eration threshold is shown in the inset. (From: [37]. © 2000 IEEE. Reprinted with permission.) 
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n leads to an increase in the parasitic recombination current in the reservoir, and 
contributes to a deviation of the internal differential quantum efficiency from 
unity. This fact was noted earlier [56-61] but the actual reduction in was quanti- 
fied only recently [38, 39]. 

The “reservoir effect,” combined with the nonlinear (super linear in n) depend- 
ence of the recombination rate in the reservoir, makes the light-current characteris- 
tic (LCC) sublinear at high injection currents [38, 39]. The resultant degradation of 
the LCC is comparable in magnitude to the entire experimentally observed degrada- 
tion, even neglecting all other known mechanisms of nonlinearity (such as the lattice 
and carrier heating). This suggests that the reservoir effect is a dominant mechanism 
limiting both the output power and the linearity of the LCC. 



Rate Equations 

The steady-state rate equations for carriers confined in the active region, free carri- 
ers in the OCL and photons can be written as follows: 



-Trim =0 



(4.22) 



/esc -W-/°"^+/=0 (4.23) 

-4;^=o (4-24) 

^ph 



where and are, respectively, the current densities of carrier capture into and 
carrier escape from the active region, and are the spontaneous and the 
stimulated recombination current densities in the active region, is the parasitic 
recombination current density in the OCL, j is the injection current density, S is the 
active layer area (the cross section of the junction), N is the number of photons in 
the lasing mode, and is the photon lifetime in the cavity. 

Taking into account that 




(4.25) 



where is the group refraction index of the OCL, it follows immediately from 

(4.24) that the modal gain spectrum peak g” pins above threshold and hence so does 
the carrier density in the active region. 

Because and are both controlled by the carrier density in the active 
region, they also clamp above threshold. On the other hand, the capture current is 
linear in the carrier density n in the OCL: 
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where is the capture velocity (in centimeters per second) and is the “capture 
time” into the active region. Thus, we obtain from (4.22) 



1 +- 



/ 



capt, th ^ 



(4.27) 



where and ,,, are the threshold values of n and respectively is not to be 
confused with the threshold carrier density in the active region). The slower the car- 
rier supply to the active region (the lower the larger is 

Using (4.22) and (4.23) and taking into account that ; pins above threshold, 
the excess injection current density / - is 

(4.28) 



where -i- is the threshold current density, with ; being the value of 

at = n,,. 

When the dominant recombination channel in the OCL is spontaneous radia- 
tion, then oc n [with n given by (4.27)]. Using this in (4.28) yields 
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(4.29) 



Solution of quadratic equation (4.29) gives as a function of / -;,y substituting 
this function into (4.27), we obtain an expression for n (Figure 4.17). 



Direct Relationship Between the Power and the Threshold Characteristics 

The internal differential quantum efficiency of a semiconductor laser is defined as 
the fraction of the excess injection current that results in stimulated emission: 




Figure 4.1 7 Internal quantum efficiency (left axis) and free-carrier density in the OCL (right axis) 
against excess injection current density, where = 336.99 A/cm^ and / /„pt ,h = 0.523 at Nj = 
2.9 X 10^“ cm~^. (From: [39]. © 2003 IEEE. Reprinted with permission.) 
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Taking from (4.29), we find the following expression [38, 39]: 
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(4.31) 
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We see that is a decreasing function of / - (Figure 4.17). 
The output optical power is of the form 



P 



hw 

e 



S(/-/,h)»7int 



_J_ 

/ 3 +«„ 



(4.32) 



where fi and are the mirror and the internal losses, respectively. Thus, the output 
power is sublinear in the injection current (Figure 4.9). This mechanism of nonline- 
arity is inherent to quantum-confined lasers of arbitrary dimensionality. Equation 
(4.31 ) for is universal — it retains the same form for QD, QWR, and QW lasers. 

For a given / - the internal quantum efficiency (Figure 4.12) and the output 
power are controlled by the dimensionless parameter , which is the ratio of 

the recombination current in the reservoir to carrier capture current, both taken at 
threshold. The lower this ratio, the closer is to unity (Figure 4.12) and the more 
linear the LCC (Figure 4.9). Ideally, when this ratio vanishes (e.g., when = 
0 — no recombination in the OCL), one has = 1 at an arbitrary injection current 
and the LCC is linear. In general, however, / is a tangible fraction of the total /,,,, 
and < 1 even at / = In optimizing the structure for minimum /],,, it is this com- 
ponent that should be suppressed first and foremost [30]. 

The conclusion that the power performance of a laser is linked to its 
threshold characteristics is of great importance. The higher the excess of the 
injection current over the threshold current, the stronger this relation is manifested 
(Figures 4.9, 4.12, and 4.17). The higher the required output power, the lower 
should be the threshold current (Figures 4.9, 4.12, and 4.17). Since QD lasers pos- 
sess the lowest among all current semiconductor lasers, these results suggest their 
other potential advantage, namely the possibility of achieving highest output 
powers. 

The higher the excess current / - /,^, the larger the fraction of it that goes into the 
parasitic recombination outside the active region. To accommodate carrier con- 
sumption by the active region, carriers accumulate in the OCL much in excess of 
their threshold amount. The resultant superlinear increase in parasitic recombina- 
tion degrades the LCC. 

Thus, at high injection currents the LCC is strongly sublinear (Figure 4.9); n and 
P increase as — j (Figures 4.17 and 4.9), while decreases as 1 / ^jj — j 

(Figure 4.17): 
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These square root dependences result from the assumed bimolecular ( oc n^) recombi- 
nation in the OCL. 

The higher the degree of superlinearity of the recombination rate in the OCL 
with respect to n, the higher the degree of sublinearity of the LCC. Because the 
nonradiative Auger recombination rate increases as n\ this recombination channel 
becomes dominant at sufficiently high injection currents. In the Auger limit, the dif- 
ference in (4.28) will be dominated by the cubic (in;,,,;_^) term, that is, 

/stim • Hence, both and P will be proportional to and (/ - jj oc 

7 / 7^ = 1 / 7^ oc 1 / (/ — /,)^^. 

/stun ' / stim ' / stim ^ ' \f /th/ 

Thus, the actual shape of the nonlinear LCC depends on the dominant recombi- 
nation channel outside the active region. It is therefore possible to identify the domi- 
nant channel by analyzing the LCC shape. 



Capture into the Active Region 

The ratio in (4.31) can be written as follows: 
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where the time constants 
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(4.37) 



(4.38) 



may be regarded, respectively, as the recombination time in the OCL at the lasing 
threshold and the “capture time” into the active region; is the level occupancy in 
the active region at the lasing threshold. (As already discussed, f„ is pinned above 
threshold.) 
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The time constant „ is the “capture time” into an empty active region. For a 
QD ensemble, 
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capt, 0 



1 



O V 




(4.39) 



For a specific structure considered in [38, 39], r^^p, „ = 10 sec. 

With (4.38), the stimulated recombination current density and the output 
power can be written in the form 
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(4.41) 



where is the OCL volume. Equations (4.40) and (4.41) reflect the obvious fact 
that the supply of carriers to the active region (the origin of all stimulated photons 
and optical power) occurs by the capture process. 

For both nonlinear recombination channels in the OCL, either spontane- 
ous radiation, or nonradiative Auger recombination, depends on (as 

1 °*^^ ocl / or 1 / w jjj, respectively). The “capture time” r^^p, is inversely propor- 
tional to the 3D density of unoccupied states in the QD ensemble (N^ / b) {1 - Q. 
Both and depend on the structure parameters (see Section 4.4.7). For this rea- 
son, rfji'^^and r^^p, are not the true time constants describing the respective processes. 
Further still, r^^p, is a characteristic of the entire QD ensemble, rather than of a single 
QD. In the strict sense, the capture time into a single QD cannot be introduced prop- 
erly (though this is sometimes done in the literature). The adequate physical quan- 
tity, describing correctly the carrier capture into a single QD, is the capture cross 
section a„. 



4.4.7 Critical Sensitivity to Structure Parameters 

As discussed earlier, the modal gain is limited by its saturation value [see (4.3)]. 
This implies that lasing in QD structures is possible only in a certain range of toler- 
able parameters. This range is given by the inequality g”“ [N^, (A£)j__^^_^] > /S (L) 
(Figure 4.18). The boundary of the tolerable region (the surface = /3 in 
Figure 4.18) determines the critical tolerable parameters of the structure — the mini- 
mum surface density of QDs N”‘", the maximum rms of relative QD size fluctua- 
tions d™* and the minimum cavity length [30, 37]: 
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Figure 4.18 Tolerable values of structure parameters. The three axes correspond to the surface 
density of QDs, the rms of relative QD size fluctuations, and the cavity length. The range of toler- 
able values of these parameters lies above the shown surface. (From: [37]. © 2000 IEEE. Reprinted 
with permission.) 



(5 



max 



I 

4 




1 r h 1 

^ (q„£„+qp£p)^ ^ 



LN, 



L™" 



4 (^]" 1 , 1 

= — — In — 



(4.43) 



(4.44) 



where R is the facet reflectivity. 

The more perfect the structure (lower <5) or the longer the cavity, the lower is 
N . The denser the QD ensemble (the greater N^) or the longer the cavity, the 
greater is <5”“. The more perfect the structure or the denser the QD ensemble, the 
shorter is L”'”. 

The threshold condition can be expressed [37] in terms of the critical parameters 
as follows: 



L+fp-i 
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Equation (4.45) describes the population inversion in a mean-sized QD 
required for the lasing at a given <5. The ratio <5 / <5”“ on the right side of (4.45) [and, 
similarly, (4.9)] can be equivalently replaced by N”‘" / Nj or L”'” / L. 

The fact that lasing is possible only for a certain range of structure parameters is 
inherent to all types of lasers. This is of particular importance for QD lasers in view 
of the great variability of their structure parameters (such as and d). In a 
well-designed QD laser, all parameters should be far away from their critical values. 

Threshold Characteristics 

Equation (4.45) shows that as a structure parameter approaches its critical value (N^ 
-»• N , or (5 (5'"“, or L L""", both and tend to unity. This means that both the 

electron and the hole QD levels become fully occupied, which requires infinitely 
high free-carrier densities in the OCE [see (4.7) and (4.10)] and hence infinitely high 
pumping: ^ oo [see (4.11) and Eigure 4.5]. 

Multimode Generation Threshold 

As any structure parameter approaches its critical value, one sees the divergence of 
not only the threshold current density for the main mode but also of the threshold 
current density for the next mode and of the multimode generation threshold dj 
[see (4.14) and Eigure 4.5]. At the same time, the relative multimode generation 
threshold dj / drops to zero (see the insets in Eigure 4.5), which means an infinite 
increase in the number of simultaneously generated longitudinal modes. 

Power Characteristics 

The level occupancy in a QD at the lasing threshold ranges within 1/2 < f^<l [here 
we assume QD charge neutrality and use (4.9)]. The low value of 1/2 corresponds to 
a vanishing QD size dispersion or negligible total loss, when the lasing threshold is 
close to the transparency threshold. 

As discussed earlier [see (4.31)], reducing /^‘^^/ ,,, is a key to enhancing the 
internal quantum efficiency and the output power. The minimum value of this ratio 
(obtained when /), = 1/2) is typically much less than unity. Thus, for a specific struc- 
ture considered in [38, 39], it is 10^^ at room temperature. 

When the structure parameter is close to its critical value, then f„~^ 1 and ; 

/capt, th ^ °o . As a result, the internal quantum efficiency and the output power both 
drop to zero (Eigure 4.8). 

In view of the critical dependence of the ratio /capt, * structure parame- 
ters, it is crucial to optimize the QD laser design. Thus, for the optimized structure 
considered in [38, 39] = 0.655), this ratio is 3x10 \ which is close to its mini- 

mum value. This means that the ECC of such an optimized structure will be linear 
up to very high injection currents (Eigure 4.19). 

Critical structure parameters for threshold and power characteristics also exist 
in QWR and QW lasers. 
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Figure 4.19 Injection current density dependence of the output power (left axis) and photon 
number (right axis) for a broad-area (fV= 1 00 ^m) optimized QD laser (N"'’* = 8.268 x 1 o'“ cm"^, 
If pi _ 0.227 fxm, and = 12.41 A/cm^). The dashed line corresponds to the ideal situation, = 

1 . Power and photon number per QD are also shown. The top axis shows the excess injection cur- 
rent. (From: [39]. © 2003 IEEE. Reprinted with permission.) 



4.4.8 Dependence of the Maximum Gain on the QD Shape 

The maximum modal gain of a laser depends on the shape of QDs [47, 48] and it 
is higher for more symmetrical QDs. It should therefore be possible to improve the 
laser performance by engineering optimal QD shapes. The crucial factor is the over- 
lap integral I between the electron and the hole wave functions, which strongly 
affects [g”“ tx; 7, see (4.3) and (4.4)]. Ideally, in QDs of highly symmetrical (e.g., 
cubic) shape, this integral is close to unity and the spontaneous radiative lifetime 
is about 1 ns or shorter. In this case, the saturation value of the modal gain for a 
single layer of QDs is a few tens of cm ', which is high enough to ensure lasing even 
in short (submillimeter) cavities. The actual self-organized QDs are of lower symme- 
try (e.g., pyramidal shape) and the overlap integral between the ground electron and 
hole states is several times less than unity [45]. This makes as low as several cm ' 
[47, 48] and lasing in short cavities becomes impossible. Clearly, it would be of tre- 
mendous value to control the shape of self-organized QDs. 

Recently, a method was developed to grow more symmetrical (truncated) 
QDs [28]. A laser diode with truncated QDs outperformed a reference sample with 
nontruncated, pyramidal QDs. The authors demonstrated almost a factor of 2 
increase in and an extremely high T„ = 380K (at temperatures up to 55°C). This 
is the highest value of ever reported in this temperature range. 

An alternative technique of shape-engineering was developed in [62], based on 
controlling the QD heights. These authors also demonstrated a significant change in 
the optical properties of their structures. 
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4.4.9 Internal Optical Loss 

Internal optical loss adversely affects operating characteristics of semiconductor 
lasers. Because of the lower value of the optical confinement factor, the effect of 
internal loss is stronger for lasers with a reduced-dimensionality active region, such 
as QW, QWR, and QD lasers, than for bulk lasers [10]. 

All different processes, contributing to the internal loss, can be grouped 
into two categories, one (such as free-carrier-absorption in the OCL, or simply 
the waveguide) dependent on the injection carrier density, the other (such as 
interface scattering or absorption in the cladding layers) insensitive to this den- 
sity [63]. Absorption in the active region of QW and QWR lasers is relatively small 
compared to absorption in the OCL, at least at high injection currents / (or high 
temperatures T — see [64, 65]); the analogous process in the active region of QD 
lasers, which is carrier photoexcitation from the discrete levels to the continuous- 
spectrum states, is also small [30, 66]. Neglecting these processes, we must be con- 
cerned only with the free-carrier density n in the OCL. Therefore, we need a relation 
between n and the occupancy of states in the quantum-confined active region, 
involved in the lasing transition. At sufficiently high temperatures and below the 
lasing threshold, this relation is given by equilibrium statistics and is of the form 
of (4.7). 

Assuming equal electron and hole occupancies (/), = and writing the total net 
internal loss coefficient (the quantity we shall refer to simply as the internal loss) 
as the sum of a constant and a component linear in n, the lasing threshold condi- 
tion is brought into the form [63] [see (4.1)]: 



~l) -/? + «0 +0'i, 



L 

i = f„ 



(4.46) 



where is the maximum (saturation) value of the modal gain g” {fj = (2/j, - 1 ) 

[see (4.2)], /S is the mirror loss, and = const(w) can be viewed as an effective cross 
section for all absorption loss processes (for the type of carrier that dominates 
absorption). 

The solutions of (4.46) are [Figure 4.20(a)] 
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is the “critical” solution [when the cavity length equals its minimum tolerable 
value — see (4.53) later] and 
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(4.49) 



is the solution in the absence of internal loss; (4.49) is an equivalent representation 
of (4.9). 

Both solutions (4.47) are physically meaningful and describe two distinct lasing 
thresholds [63]. The lower solution, is the conventional threshold, similar to /),(, 
but modified by The second solution, appears purely as a consequence of the 
carrier density-dependent in the OCL. 

In the absence of lasing, the injection current density has the following relation 
to L [30, 39]: 



; = — fn+ ebBnf (4.50) 

The lower and the upper threshold current densities, and are given by 
(4.50) wherein one substitutes either = /),, or 

The existence of a second lasing threshold stems from the nonmonotonic 
dependence of g"‘ - on /], [Figure 4.20(a)], or, equivalently, on n or / 
[Figure 4.20(b)]. The point is that the modal gain g^ifj = g"’“(2/]^ - 1) increases line- 
arly with [Figure 4.20(a)] and saturates at its maximum value as /), -> 1 [which 
corresponds to « o° and / °o — see (4.7), (4.50), and Figure 4.20(b)]. At the same 

time, is superlinear in [see (4.46) and Figure 4.20(a)] and increases infinitely as 
/), -» 1 . At a certain f^, that is, at a certain /, the rate of increase in with / will inevi- 
tably equal that of increase in g”, and hence the difference g”- will peak. Any fur- 
ther increase of / will decrease the difference g”- [see Figure 4.20(b)]. This 
corresponds to the so-called “loss-multiplication” regime, discussed in [64, 65] for 
QW lasers (and attributed to the pileup of carriers due to electrostatic band-profile 
deformation [44, 67]) and in [68, 69] for QD lasers. As evident from our analysis, 
this regime and the second lasing threshold are inherent to all structures where 
depends on n. 

Note that the second lasing threshold can also arise due to other mechanisms, 
for example, carrier heating. As the carrier temperature increases with / 
[9, 44, 70-72], the modal gain itself can become a nonmonotonic function of /, 
decreasing at high / [70, 71]. 

In a CW operation, increasing / from zero, one reaches the first lasing threshold 
/,i,j. Above this threshold, the difference between the gain and the internal loss is 
pinned at the value of the mirror loss fi and hence Figure 4.20 (which is valid for 
determining the positions of both thresholds) no longer applies. What actually hap- 
pens above is shown in Figure 4.21, derived by rigorously solving the rate equa- 
tions in the presence of light generation [63]. 

Above the second threshold and up to a maximum current both the gain- 
current dependence [Figure 4.21(a)] and the LCC [Figure 4.21(b)] are two-valued. 
At / = the two branches merge in both characteristics. The origin of this striking 
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Figure 4.20 Illustration of the threshold condition (4.46) and the two lasing thresholds. Modal 
gain ^ = g™'‘(2f„ - 1) [inclined dotted line in (a) and dotted curve in (b)], internal loss = «(, + 
(7|„j n = «o+ (7|„( r?! / (1 - Q (dashed curve) and difference of modal gain and internal loss (solid 

curve) against confined-carrier level occupancy in the active region (a), free-carrier density in the 
OCL n [(b), top axis] and injection current density / [(b), bottom axis]. The intersections of the 
solid curve and the horizontal dash-dotted line for the mirror loss/9 = (1/L) In 0/R) define the solu- 
tions (4.47) of (4.46). We assume a CalnAsP/InP-based QD heterostructure lasing near 1 .55 ,um 
[30, 39] with 1 0% QD size fluctuations and Nj = 6.1 1 x 1 o'° cm"^ (for these parameters, = 
29.52 cm~^). At T = 300 K, n, = 5.07 x 1 0^^ cm"^. The mirror loss = 7 cm"\ Parameters a„ and S|„j 
are plausibly taken as 3 cm"' and 2.65 x 1 0""^ cm"', respectively. (From: [63]. © 2003 American 
Institute of Physics. Reprinted with permission.) 



behavior is clear. As increases with the current, the gain strictly follows it so as to 
maintain the stable generation condition g” - = ji. This continues up to the maxi- 

mum pump current at which the lasing is quenched. 

At this time, we cannot propose a definite experimental technique to access the 
lower branch of the LCC [Figure 4.21(b)]. (Analysis of the stability of the lower 
branch regime will be published elsewhere.) Nevertheless, we stress that an experi- 
mental determination of the second threshold would provide us with a new and 
valuable technique for measuring the loss parameters. Indeed, with the measured 
and the values of and can be calculated from (4.50). Both a„ and can 
then be expressed in terms of and as follows [see (4.47) and (4.48)]: 
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Figure 4.21 Two-valued characteristics: (a) gain-current and (b) light-current. The branches cor- 
responding to the lower and upper lasing regimes (solid and dashed curves, respectively) merge 
together at the point which defines the maximum operating current. At j > the lasing is 
quenched. The dotted curve in (a) is the gain-current dependence for a nonlasing regime; the 
intersection of the solid (dashed) curve and the dotted curve determines (Jthi)- (b), the 
assumed stripe width w = 2 ,ttm. (From: [63]. © 2003 American Institute of Physics. Reprinted with 
permission.) 
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When only one threshold exists, the carrier density-dependent internal loss is negli- 
gible and a„ is determined from the solution in (4.47). 

The thresholds and depend on the cavity length L (Figure 4.22) and 
approach each other as L decreases. At a certain critical L that we shall call the mini- 
mum tolerable cavity length L”‘", the horizontal line for the mirror loss /S is tangent 
to the curve for g" at its maximum (Figure 4.20). In this case, the threshold con- 
dition has only one solution, her and /,|,j = For L < L”'”, there is no 

solution of the threshold condition and hence no lasing is possible. The equation for 

L min • 

IS 
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Figure 4.22 The lower and upper threshold current densities (solid and dashed curves, respec- 
tively), and against L. The curve for y,^, joins smoothly the vertical dash-dotted line at the 
critical point. The dotted curve and the vertical dotted line show the threshold current density 
and its asymptote at the critical point in the absence of internal loss. (From: [63]. © 2003 American 
Institute of Physics. Reprinted with permission.) 



min 

L”“ ^ V (4.53) 



where L”” = (1/ g”“) In (1 / i?) is the minimum cavity length in the absence of 
given by (4.44). In (4.48), yS”“ = (1 / L”'°) In (1 / R) should be entered for yS in 
this case. 

Measurement of L”'” provides yet another way of determining the internal loss 
parameters. For example, L”“ can be measured for two structures characterized by 
different mirror reflectivities with other parameters invariant. With these two val- 
ues of L”“, (4.53) will give a set of two equations for a„ and 

Note that L™” sets a considerably more stringent restriction than L”‘". Thus, for 
a QD laser similar to that considered in [30, 39] and taking plausible values Gg = 3 
cm ' and = 2.65 X 10 *^cm we find the maximum tolerable mirror loss to be yS™* 
= 10 cm '. Assuming as-cleaved facet reflectivity at both ends {R = 0.32), this yields 
L”’" = 1.139 mm, which is almost a threefold increase compared to L”‘" = 386 jum. 
Hence, the absence of lasing often observed in short-cavity QD structures can be 
attributed to the internal loss. This conclusion is consistent with the discussion 
in [68, 69]. 

All equations and analysis of this section apply equally to QW, QWR, and QD 
lasers. One specifies the type of laser by substituting the relevant expression for 
and the appropriate relation between the spontaneous radiative recombination cur- 
rent density in the quantum-confined active region and [30, 39]. 
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4.5 Novel Designs of QD Lasers with Improved Threshold and Power 
Characteristics 

4.5.1 Temperature-Insensitive Threshold 

At relatively high temperatures, the dominant source of the T dependence of in all 
semiconductor lasers originates from carriers that do not contribute to the lasing 
transition. In lasers with 3D (bulk) or 2D (QW) active regions, there is always a 
population of carriers within some range around the lasing transition energy 
(Figure 4.14). These carriers reside in the active region itself and their recombination 
contributes to a T-dependent threshold. 

It is the absence of parasitic recombination in the active medium itself that gave 
rise to the original hopes of ultra-high-temperature stability in QD lasers, where 
optical transitions occur between discrete levels. However, as discussed earlier, in all 
conventional QD laser designs the problem of parasitic recombination has not been 
removed. This recombination arises primarily from carriers residing in the OCL. 
When the entire injection current is consumed in QDs (/,|, = the remaining contri- 
butions to the T dependence come from (1) recombination in nonlasing QDs [see 
(4.13)], (2) recombination via nonlasing, excited states in QDs [see (4.21)], and (3) 
violation of charge neutrality in QDs [see (4.20)]. In this case, there should be only a 
slight T dependence of and should be very high. 

Thus, we can expect that suppression of the OCL recombination alone will 
result in a dramatic improvement of the temperature stability. 

Tunneling-Injection QD Laser 

One way of suppressing the OCL recombination is based on the idea of tunnel- 
ing injection of carriers into the QDs [36]. Basically, a tunneling-injection QD 
laser is a separate confinement double heterostructure (Figure 4.23). Electrons and 
holes are injected from n- and p-cladding layers, respectively. The QD layer, located 
in the central part of the OCL, is clad on both sides by QWs separated from the QDs 
by thin barrier layers. Injection of carriers into QDs occurs by tunneling from the 
QWs. 

A fraction of injected carriers might not recombine in QDs but escape in a sec- 
ond tunneling step into the “foreign” QW and recombine with the majority carriers 
there. The size of this fraction depends on the ratio of the escape tunneling rate to the 
QD recombination rate and is practically independent of T. Clearly, the escape tun- 
neling does not lead to a T dependence of 

The key idea of the tunneling-injection device is that carriers cannot bypass the 
QDs on their way from one QW to another. This means that QDs become the sole 
reservoir delivering minority carriers to the adjacent QW and OCL regions on either 
side. Hence, outside the QDs there will be no region in the structure where both elec- 
tron and hole densities are simultaneously high. The electron density is high where 
the hole density is negligible, and vice versa. Only in the QDs themselves will there 
be a nonvanishing spontaneous radiative recombination rate. The suppressed para- 
sitic components of would otherwise give the main contribution to temperature 
dependence. 
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Figure 4.23 (a) Energy band diagram of a tunneling-injection QD laser and (b) schematic view. 
The QWs and the QDs (not drawn to scale) are assumed implemented in the same material, 
although this does not necessarily have to be the case in general. The electron-injecting QW is 
wider than the hole-injecting QW and both QWs are narrower than the QD to accomplish reso- 
nant alignment of the majority-carrier subbands with the QD energy levels. The tunnel barrier on 
the electron-injecting side is made thicker to suppress the leakage of holes from the QD. (From: 
[36]. © 2001 IEEE. Reprinted with permission.) 



With the parasitic recombination outside QDs suppressed, there may be only a 
slight T dependence of = /pp arising from the remaining contributions items 
(l)-(3) listed earlier. 

Moreover, it is interesting to note that even these remaining contributions are 
strongly suppressed in the idealized structure (Figure 4.23) due to the resonant 
nature of tunneling injection. These “finer” effects discussed later further enhance 
the temperature stability. In an idealized structure, we can expect a literally infi- 
nite T„. 

First, the resonant nature of tunneling injection leads to an effective narrowing 
of the inhomogeneous linewidth. Indeed, such mechanism of injection inherently 
selects the QDs of the “right” size, since it requires the confined-carrier levels to be 
in resonance with the lowest subband states in the QW. When this condition is met 
by the QDs of average size, the number of active QDs will be maximized. Selective 
injection means that nonlasing QDs are not pumped at all. Second, the tunneling 
injection selectively removes the supply of carriers to the nonlasing excited states in 
a lasing QD. Third, the resonant nature of tunneling injection favors correlation of 
the QD occupancies by electrons and holes, so that all active QDs will tend to 
remain neutral. 

It is encouraging to note recent developments related to the concept of a 
tunneling-injection QD laser. In [72-74], a CW room temperature (both photo- 
pumped and diode) lasing was demonstrated in the InAlP-In(AlGa)P-InP visible- 
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red system (A = 656-679 ^m), wherein the InP QDs were coupled by resonant tun- 
neling to a single InGaP QW. In the later work [75, 76], this idea was realized in the 
AlGaAs-GaAs-InGaAs-InAs infrared system, wherein the InAs QDs were coupled 
to the InGaAs QWs. In contrast to [72-74], the QD layer in [75, 76] was sand- 
wiched between the two QWs; like the structure in Figure 4.23(b), the QWs were of 
different thickness. The use of tunnel coupling of QDs to QW(s) improved the car- 
rier collection and localization in the QD region and reduced In [77], the tunnel- 
ing transition rate from a QW to a model (disk-shaped) QD was calculated. In [78], 
introducing the tunnel-injector QW from only the n-side of the structure increased 
significantly of the InGaAs/GaAs QD laser (T„ = 237K at room temperature). 
In [79], T„ = 363K was reported in the temperature range of 278 to 333K, and = 
202K in the temperature range 333 to 373K. 

Bandgap-Engineered QD Laser 

Tunneling injection suppresses parasitic recombination by ensuring that the electron 
density is high where the hole density is negligible, and vice versa. An alternative 
approach to accomplish this goal can be based on the ability to independently con- 
trol the potential barriers and fields acting on electrons and holes in the same physi- 
cal region [49]. 

In the structures in Figure 4.24, the QD layer is embedded in the OGL in 
such a way that there are only low barriers [Figure 4.24(a)] or no barrier at all 
[Figure 4.24(b)] for injection of electrons (from the left) and holes (from the right) 
into the QDs. On the other hand, the structures are provided with large impenetra- 
ble escape barriers that block electron injection into the right-hand side of the struc- 
ture, where holes are majority carriers, and hole injection into the left-hand side of 
the structure, where electrons are in abundance. Heterostructure barriers as in 
Figure 4.24(a) can readily be found within the manifold of quaternary III-V hetero- 
junctions, both strained and lattice matched. The structure in Figure 4.24(b) is a 
limit case, which serves to illustrate that no barrier for injected carriers is necessary 
on the injecting side. 

The space within the QD layer between the QDs can comprise either of the 
two barriers or be implemented as a wider gap semiconductor that blocks both 
carrier types. 

In contrast to the ideal tunneling-injection QD laser, the three remaining minor 
sources (l)-(3) of temperature dependence will “survive” in bandgap-engineered 
QD lasers. Nevertheless, suppression of the main mechanism alone will make such 
lasers practically temperature insensitive. 

4.5.2 Enhanced Power Performance 

The radically new design strategy, proposed to improve the temperature stability of 
QD lasers [36, 49] and discussed in Section 4.5.1, will also enhance the power char- 
acteristics. Inasmuch as the two reservoirs feeding carriers into the QDs are essen- 
tially unipolar, the finite-delay capture process is not accompanied by a buildup of 
bipolar carrier density and no additional recombination occurs. We can therefore 
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(b) 



Figure 4.24 (a, b) Bandgap-engineered QD laser structures. The QDs (shown with energy levels) 
are clad by heterostructure barrier layers that block only the minority carrier transport. (From: [49]. 
© 2003 IEEE Reprinted with permission.) 



expect that lasers designed according to [36, 49] will exhibit linear behavior and 
excellent power performance. 



4.6 Other Perspectives 

The QD lasers reviewed so far in this chapter are all edge-emitting lasers with 
Fabry-Perot cavities. Also, they are all based on interband (bipolar) optical transi- 
tions. Some feasible alternatives are briefly discussed next. 

Vertical cavity surface-emitting lasers (VCSELs) are of high interest for optical 
signal transmission. The VCSEL’s active medium is embedded in a short k cavity 
and a single longitudinal mode operation is automatically realized. To keep the loss 
low, both mirrors should be highly reflective. They are usually realized as stacks of 
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A/4 distributed Bragg reflectors. The vertical cavity represents a one-dimensional 
microcavity. Using a narrow QD ensemble with the transition energy matched to the 
cavity passband, optimum photon and electron control can be achieved at a low 
Due to carrier localization in QDs, also their spreading out of the injection region 
can be suppressed. This may result in ultralow threshold currents (<70 juA) at ultras- 
mall apertures (submicrometer). The use of InGaAs QDs in GaAs-based VGSELs 
emitting at 1.3 ^m [80] — the wavelength especially important for single-mode fiber 
communication — presents one of the most apparent and successful applications of 
QDs. 

A VGSEL based on a single QD is also possible to fabricate. In such a laser, the 
inhomogeneous broadening, inherent to QD ensembles, will be absent. A single QD 
VGSEE will be a semiconductor analog of a single atom laser [81] or an ion trap 
laser [82]. 

Another promising direction is to use QDs in unipolar (intraband) semiconduc- 
tor lasers. In these lasers, stimulated emission comes from the transitions between 
states of carriers in the same band [83, 84]. This concept was realized in the unipolar 
quantum cascade laser (QGE) [85, 86]. Transition energies in unipolar lasers can be 
tailored to suit important applications at mid- and far-infrared wavelengths. 

All contemporary unipolar lasers suffer from a fundamental problem associated 
with an extremely low efficiency of intraband optical transitions: The optical transi- 
tion rate in the best QGEs is 3.5 orders of magnitude lower than the nonradiative 
relaxation rate due to phonon emission. This problem is inherent to transitions 
between the continuous-spectrum states of overlapping subbands and it cannot be 
completely eliminated in QW unipolar lasers. As a consequence, GW room tempera- 
ture operation of such lasers requires very high 

The use of QDs offers a radical solution to this problem, based on the discrete 
carrier spectrum in QDs. The phonon relaxation will be completely suppressed if the 
energy of optical transitions (both direct transitions between electron levels in a 
given QD and indirect transitions between electron levels in neighboring QDs) is 
detuned from the EO phonon energy. The amount of detuning should be greater 
than the phonon energy dispersion. Because the energy levels in a QD can be varied 
in a wide range (by controlling the size of QDs and the band offsets between the con- 
stituent materials), such control is quite feasible. The nonradiative single-phonon 
relaxation will thus be practically suppressed. As a rule, the multiple-phonon relaxa- 
tion rate is much lower than that of single-phonon relaxation and it is usually negli- 
gible. The idea for using QDs in unipolar lasers was proposed in [87-93]. 

Einally, instead of the Eabry-Perot cavity assumed so far, one may be interested 
in using distributed feedback (DEB) [10, 60] for certain applications that need stabi- 
lizing in the single-mode generation. Due to a difference in the refraction index of 
the QD and the surrounding region, a spatially periodic arrangement of QDs [94] 
will give rise to a sufficient periodic index variation for an index-coupled DEB. At 
the same time, the periodic arrangement of active QDs provides a spatially periodic 
variation of the gain. This may provide the benefits of the so-called gain-coupling 
scheme, without any phase shifter or antireflection coating [95-100]. 
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5.1 Introduction 

Compound semiconductor light-emitting diodes and lasers have become the main- 
stay of present-day fiber optic communication systems. Semiconductor lasers have 
become essential to current local area networks (LANs) and long-haul interconti- 
nental fiber optic networks [1]. Low threshold current, high output power and 
efficiency, temperature-independent operation, large modulation bandwidth, low 
chirp, and wide spectral tunability are some of the properties desirable in a high- 
performance semiconductor lasers. The use of gain media with reduced dimension- 
ality, in particular QWs, has greatly enhanced laser performance, particularly due 
to the modification of the band density of states and the resulting gain and differen- 
tial gain [2, 3]. 

Many of the properties mentioned are degraded due to hot carrier effects, slow 
carrier relaxation rates, and carrier leakage over heterobarriers in the active region 
of the laser [4-6]. It has been known for a while that incorporation of QDs in the 
active region of optoelectronic devices would drastically improve device perform- 
ance, primarily due to the enhanced carrier density of states [7]. A large density of 
states is highly desirable for optoelectronic devices such as lasers and detectors. As 
one goes from a bulk material, in which there is no quantum confinement, to a sys- 
tem in which the carriers are confined in one dimension (QWs), two dimensions 
(QWRs), or in all three dimensions (QDs), the density of states function increases in 
magnitude and becomes discrete. 

The fabrication of device-quality QDs has been a major challenge. Even when 
QDs were formed by using direct patterning or otherwise [8, 9], they lacked not 
only the large areal density that is required for device applications, but also the high 
optical quality that is essential for optoelectronic devices such as lasers, modulators, 
and detectors. Fortunately, it was observed that self-organized growth of strained 
(or mismatched) semiconductors leads to coherently strained and defect-free 3D 
islands, which have dimensions that lead to 3D confinement of carriers [10-13]. 
Following this development, various electronic and optoelectronic devices such as 
lasers [14-17], FIR detectors [18-20], single electron transistors [21, 22], and 
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electro-optic modulators [23, 24] with QDs in the active regions have been realized 
and reported. 

Some of the major advantages of lasers with QDs in the active region are (1) sig- 
nificant decrease in the threshold current, (2) a large increase in the differential 
gain (prospect for high-speed operation), (3) a vastly reduced chirp, and (4) 
temperature-insensitive operation. Researchers have been extremely successful in 
demonstrating many of the predicted characteristics of QD lasers [25-32]. How- 
ever, these devices have eluded the realization of a large modulation bandwidth at 
room temperature. Needless to say, it is essential for directly modulated QD lasers to 
have high-speed capability if they are to compete with existing QW laser technology. 
Theoretical calculations done by Vurgaftman et al. [33] have shown that the capture 
time of carriers in QD lasers is expected to be much longer than in QWs because of 
inefficient phonon scattering processes in QDs. The large density of states of the 
wetting and barrier layers of the self-organized dots creates a hot carrier distribution 
at higher temperatures. These factors tend to limit the modulation bandwidth of QD 
lasers. 

Bandwidths of 5 to 7 GHz at room temperature [34] and >20 GHz at cryo- 
genic temperatures [27] have been demonstrated in directly modulated separate con- 
finement heterostructure (SGH) QD lasers. High-frequency electrical impedance 
measurements made on QD lasers show that the capture time, which repre- 
sents the time it takes the carrier, once injected from the contact, to reach the 
lasing state, is both longer than in QW lasers and has significant temperature 
dependence. Typical carrier capture times in QD lasers at room temperature are ~50 
to 60 ps, which is a factor of 10 higher than in QW lasers [35]. From the measured 
magnitude and temperature dependence of the carrier capture time, the likely 
mechanism for hot carrier relaxation in QDs is identified to be electron-hole 
scattering. 

This chapter describes in detail the unique carrier dynamics observed in self- 
organized QDs and its effect on high-frequency performance of QD lasers. A novel 
injection technique, whereby electrons are injected into the QD ground state by tun- 
neling, is described. The enhanced performance of these tunneling-injection QD 
lasers is also described and discussed. 

5.2 MBE Growth of Self-Organized QDs and Their Electronic 
Properties 

5.2.1 Self-Organized Growth of ln(Ga)As QDs 

Formation of self-organized QDs is initiated with lattice mismatched or strained het- 
eroepitaxial crystal growth, where the deposited material has a lattice mismatch 
~2% with respect to the substrate [10]. Epitaxial growth of QDs is accomplished by 
MBE or organometallic vapor phase epitaxy (OMVPE). The formation of self- 
organized QDs occurs by the Stranski-Krastanov growth mode [36], wherein 
growth first proceeds in the 2D layer-by-layer mode, during which the “wetting 
layer” is formed, followed by the 3D growth mode in which coherently strained 
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islands, or QDs, are formed. In(Ga)As/GaAs self-organized QDs are formed for In 
compositions greater than 30%. The In(Ga)As/GaAs QDs are grown between 470° 
and 530°G, depending on the In composition in the dot. Indium adatoms have high 
surface migration and therefore QDs having high In content are usually grown at 
lower temperatures. The wetting layer thickness varies from -1.8 ML in InAs/GaAs 
QDs to -5.5 ML in In„^Ga„gAs/GaAs QDs, and these thicknesses are independent of 
growth temperature (>400°G). The size and shape of the dots are strongly influ- 
enced by the growth conditions and monolayer coverage. Data obtained from AFM, 
as shown in Figure 5.1(a), indicate that typical areal dot densities are -5 X 10'“ cm“^ 
for In(Ga)As/GaAs QDs. The dot density can also be varied by varying the growth 
temperature. In(Ga)As/GaAs QDs grown at low temperatures have a higher dot 
density due to reduced surface migration of the In adatom. 

High-resolution cross-sectional transmission electron microscopy (HR-XTEM) 
images, shown in Figure 5.1(b), indicate that the defect-free In^Gaj_^As 3D islands 
on GaAs are pyramidal to lens shaped. The facet planes of the pyramids are strongly 
influenced by the growth conditions (temperature. As over pressure, and so on). The 
typical size of the 3D islands is -15 to 20 nm at the base and -7 to 9 nm in 
height. The self-organization process inherently induces a size fluctuation of about 
10% to 15%, which results in an inhomogeneously broadened photoluminescence 
linewidth of about 40 to 60 meV. 

5.2.2 Electronic Spectra of ln(Ga)As/GaAs QDs 

To exploit the full potential of self-organized QDs in electronic and optoelectronic 
devices, the electronic spectra need to be accurately known. The energy levels in the 
dots have been calculated by several groups of authors and the calculations are sum- 
marized in the following. 




Figure 5.1 (a) AFM image of 2.4-ML InAs QDs on GaAs; (b) HR-XTEM image of a InAs/CaAs QD. 
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Strain Distribution: VFF Model 

The strain distribution in the self-organized dots has been calculated in detail by 
Jiang and Singh [37] using the valence force field (VFF) model of Keating [38]. The 
calculation shows that there is a strain relaxation at the top of the dot, which has 
been borne out experimentally. The biaxial strain changes sign from the bottom to 
the top of the dot, which means that there is more confinement for heavy holes at the 
bottom and more confinement for light holes at the top of the dot. The shear strain is 
also very large. Moreover, strong intermixing occurs between the light holes and the 
heavy holes for the valence band bound states. 

Band Structure: 8-Band k • p Formalism 

The band structure in semiconductor quantum confined structures is usually solved 
by decoupling the conduction and valence bands. The conduction band states are 
determined from a scalar effective mass approach, whereas the valence band states 
are calculated with a k • p formulation, which includes the heavy hole and light hole 
coupling. The same is true for quantum wells and wires. However, this is not true for 
self-organized QDs, which are typically highly strained. A simple decoupled conduc- 
tion-valence band picture and effective mass description may not be adequate, 
which is evident from the following observations: (1) The bandgap of bulk InAs is 
-0.36 eV, whereas the ground state transitions in InAs/GaAs dots are -1.1 eV; (2) 
large spatial variations exist in the strain; and (3) the band splittings due to large 
strain components are comparable to the interband separations in bulk material. 
Therefore, the most accurate method to determine the electronic levels in the self- 
organized QDs is to use an 8-band k • p formulation for both bands. 

In the presence of strain, the Hamiltonian has the form: 

(5.1) 

where is the kinetic energy term and H is the strain term. The spin-orbit depend- 
ent deformation potential is neglected in this approach. Using a finite-difference 
method the equation is solved numerically, with the distance between two grid 
points chosen to be equal to the lattice constant of GaAs [a = 5.6533A). For pyrami- 
dal QDs, with a base width of 124 A and a height of 64 A, the calculated electronic 
spectra are shown in Figure 5.2. These dot dimensions are very close to the ones 
measured using X-TEM. 

There are a number of discrete excited states in the conduction band. An inter- 
esting feature of the calculated spectra is the near fourfold degeneracy of the second 
excited states. This is due to the symmetry of the dot geometry. The first excited elec- 
tronic state is 62 meV higher than the ground state. Gonsiderable mixture of wetting 
layer states occurs in this state because it is less confined. It is evident that the separa- 
tion between the bound electron states is larger than the optical phonon energy in 
the dot material (-36 meV). Therefore, optical phonon scattering, the primary 
mechanism for carrier relaxation in semiconductors, is suppressed in the QDs. 
This constitutes the phonon bottleneck, which has recently been observed by us 
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Figure 5.2 Conduction and valence band energy levels for an InAs/GaAs QD with base width of 
124A and height of 62A calculated using the 8-band k ■ p. (From: [37]. © 1996 American Institute 
of Physics. Reprinted with permission.) 



experimentally. On the other hand, the separation of the bound hole states is less 
than the phonon energy and, in addition, there is considerable band mixing. There- 
fore, holes thermalize very efficiently in the dots. The ground and excited states of 
the dots are observed experimentally in photoluminescence, photocapacitance, and 
transmission spectra. 



5.3 Separate Confinement Heterostructure QD Lasers and Their 
Limitations 

Junction lasers with QDs in the active region were demonstrated nearly a decade 
ago. Since the first demonstration, great strides have been made in enhancing the 
performance characteristics of these unique devices. Significant milestones in 
the development of the QD lasers include demonstration of low threshold at room 
temperature [25], large differential gain [26, 27], low chirp [28], high output 
power [29], wide spectral tunability [30], and better temperature insensitivity of the 
threshold current than QW lasers [31, 32]. However, it is now clear that the carrier 
dynamics in QDs do not favor high-speed operation, such as direct high-speed 
modulation, of lasers. Detailed two- and three-pulse pump-probe differential trans- 
mission spectroscopy measurements made on QD heterostructures show that at 
temperatures greater than lOOK, a large number of injected electrons preferentially 
occupy the higher lying states of the dots and states in the adjoining barrier/wetting 
layer with higher density [39]. This is corroborated by recent calculations [40] and 
measurements [41] made by other groups. Therefore, there exists a significant hot 
carrier problem in QD lasers. We attribute this to be the principal reason for the 
inability to modulate QD lasers at high speeds. As the temperature is lowered, the 
hot carrier distribution is minimized and carriers relax from the higher lying states 
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by efficient electron-hole scattering. Indeed, small-signal modulation bandwidths of 
~30 GHz have been measured in SCH QD lasers at 80K [27], while in the same 
devices, the highest measured = 7.5 GHz at 300K [34]. 

5.3.1 Carrier Relaxation and Phonon Bottleneck in Self-Organized QDs 

To understand the limitations to high-speed operation of QD lasers, it is necessary to 
study the carrier dynamics in the dots as a function of temperature. This has been 
done using high-frequency impedance measurements and differential transmission 
spectroscopy. 

High-Frequency Electrical Impedance Measurements 

Measurement of the optical modulation response gives the maximum modulation 
bandwidth, and analysis of the response can determine laser dynamics. However, 
information about carrier dynamics is also contained in the small-signal electrical 
impedance. In particular, the measured impedance is a sensitive function of the cap- 
ture time. The high-frequency impedance measurements described here were per- 
formed on single-mode In(Ga)As/GaAs SGH QD lasers [35]. 

The transport and capture time in high-frequency electrical impedance meas- 
urements above threshold is given by: 

^0 =^cap (5.2) 

where ^ is 1 above threshold, Rj is the dc small-signal impedance, is parasitic 
capacitance, is the quantum capture time, and c is the velocity of light. Figure 5.3 




Figure 5.3 Measured and fit set of impedance data at a bias current of 32 and 36 mA for a 
single-layer QD laser with a threshold current of 28 mA. (From: [35]. © 1 997 IEEE. Reprinted with 
permission.) 
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shows a typical measured and fit set of impedance data at a bias current of 32 and 
36 mA for a single-layer QD laser with a threshold current of 28 mA. Using appro- 
priate carrier and photon rate equations, the capture times were extracted. Capture 
times ranging between 30 and 100 ps were obtained in interband QD lasers depend- 
ing on injection current and hetero structure used. Similar measurements in QW 
lasers yields capture times of 2 to 5 ps in InGaAs/GaAs QW lasers. The long capture 
time in QD lasers is believed to be due to the inefficient phonon scattering process, 
and this is believed to be responsible for low modulation bandwidths of single-mode 
QD lasers at room temperature. The impedance measurements do not give us any 
idea about the different components involved in carrier capture from the barrier to 
the lasing state. To measure the different relaxation time components directly, the 
technique of differential transmission spectroscopy (DTS) is used. 

Femtosecond Differential Transmission Spectroscopy 

Two- and three-pulse femtosecond pump-probe DTS measurements have been 
made by us on In^^Gao^As/GaAs QD heterostructures, similar to SCH lasers, at dif- 
ferent temperatures and for a range of excitation levels. The principle of the DT 
measurement is outlined in Figure 5.4. An amplified Ti:Sapphire laser is used to gen- 
erate a white-light source from which 10-nm-wide pulses are spectrally selected for 
the gain (800-nm), pump (980-nm), and probe pulses. The pump is tuned to gener- 
ate carriers either in the GaAs barrier states or resonantly in the excited states of the 
dots. The DT signal measures the change in the carrier occupation of the levels that 
are in resonance with the probe spectrum. When the pump and probe pulses are 
delayed with respect to each other, the transient dot level population is resolved 
directly. The temperature of the sample is stabilized in a He flow cryostat with a 
feedback -heater controller. The gain pulse establishes an interband population 
inversion and sets the quasi-Fermi level in the active region. The pump pulse 
depletes the QD ground state population. The carrier dynamics and the population 




Figure 5.4 Schematic showing the principle of DTS measurement. 
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of the various levels are then determined from the transmitted intensity of the probe 
pulse. 

The results of these experiments have been reported in detail by us previously 
and some relevant data are described and discussed here. The differential transmis- 
sion signal is proportional to the carrier population of the level probed. The carrier 
dynamics in the QDs is therefore reflected in the transient of the differential trans- 
mission signal for the ground and excited states. Figure 5.5 shows the excited state 
(n = 2) differential transmission signal for weak excitation (<1 carrier per dot) in the 
GaAs barrier at T = lOK [42]. The population of the excited state shows a fast decay, 
followed by a very slow one. We have recorded similar data at temperatures up to 
300K. The fast excited state to ground state relaxation is ~5 to 6 ps and this compo- 
nent decreases and becomes slower as the sample temperature is raised. The slow 
component is due to nongeminate capture of electrons and holes among the dots and 
is observed when the number of injected carriers is smaller than the number of acces- 
sible dots. 

We have confirmed that the fast intersubband relaxation at low temperatures is 
mediated by electron-hole scattering. As the temperature is raised, the rate of this 
process decreases and the intersubband relaxation rate also decreases. In practice, 
lasers are operated at room temperature and high injection levels. In the self- 
organized QDs, the localized QD states and the 2D wetting layer states form an elec- 
tronically coupled system and the number of wetting layer/barrier states is much 
larger than the number of available dot states at 300K. Under these conditions, the 
injected electrons predominantly reside in the wetting layer and barrier states and 
the system cannot be described by equilibrium quasi-Fermi statistics. Evidence of 
injected electrons residing in higher lying states of the dot heterostructure are shown 
in Figure 5.6. Figure 5.6(a) is the three-pulse differential transmission signal corre- 
sponding to gain recovery in a laser heterostructure [43]. The gain pulse to establish 
interband population inversion is followed 14 ps later by a pump pulse to deplete the 
electron-hole pairs in the ground state. The initial fast recovery is due to the excited 
to ground state transition and the slow component is due to carrier capture from 




Figure 5.5 Excited state (n = 2) DTS time scan in an lno 4 Ga(,gAs/CaAs QD at 1 0K. There is a fast 
component (5 to 6 ps) followed by a slow one (~1 00 ps). The slow component is due to phonon 
bottleneck. (From: [42]. © 2001 American Institute of Physics. Reprinted with permission.) 
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Figure 5.6 (a) Three-pulse DTS time scan corresponding to the gain recovery in the ground state 
of a lno 4 Cao 5 As/GaAs QD. (From: [43]. © 2002 American Institute of Physics. Reprinted with per- 
mission.) (b) DTS time scan of the wetting layer and barrier region (±20 meV of GaAs band edge) 
at various temperatures. (From: [39]. © 2002 American Institute of Physics. Reprinted with 
permission.) 



higher lying states. Figure 5.6(b) shows the differential transmission signal at GaAs 
barrier energy ±20 meV with the pump tuned to the barrier energy [39]. It is evident 
that as the temperature is increased, most of the carriers remain in the barrier and 
the dot excited states. Therefore, a reduction in the rate of electron-hole scattering 
in the dots (and phonon scattering is not operative) and the hot carrier distribution 
lead to severe gain saturation at the QD ground state lasing energy. This has also 
been recently verified experimentally by Mathews et al. [41]. The tunneling- 
injection scheme, which is described in the next section, should significantly reduce 
gain compression and carrier leakage to the cladding layers. 

5.3.2 Hot Carrier Effects in SCH QD Lasers 

The performance of SCH QD lasers has improved significantly since the first dem- 
onstration of room temperature QD lasers. Extremely low threshold currents of ~19 
A/cm^, one-half of the best reported QW lasers, have been demonstrated. High dif- 
ferential gain and low chirp have also been demonstrated in these devices. However, 
researchers have not been able to realize a temperature-insensitive QD laser with 
large modulation bandwidth. The primary reason for this is the presence of signifi- 
cant number of hot carriers in the active region of SCH QD lasers at room 
temperature. 

The carrier injection process in a conventional SCH QD laser is depicted in 
Figure 5.7(a). Electrons and holes are injected from the cladding layer regions into 
the active (guiding) region containing the QD layers. For efficient laser perform- 
ance, the carriers should be able to relax into the QDs and reach thermal equilib- 
rium with the quasi-Fermi level. If thermalization into the dot lasing states does not 
occur in any reasonable amount of time (approximately stimulated emission time 
constant), the carrier distribution will become hot [see Figure 5.7(b)]. While injected 
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Figure 5.7 Carrier injection into a QD gain region in (a) a conventional SCH laser and (b) carrier 
distribution. 



carriers lose energy and fill the lasing states, carrier heating simultaneously forces 
them out toward higher energies and causes leakage to adjoining layers. Recombina- 
tion in the regions adjoining the dots is believed to be the principal source of the tem- 
perature dependence of the threshold current of lasers and small values of the 
coefficient T„. 

For ideal QD lasers, we expect a very large T„ indicating low temperature sensi- 
tivity of the threshold current. However, due to recombination of hot carriers in the 
optical confinement layer and the barriers, the threshold current increases. Another 
source of temperature dependence of the threshold current is the dot size inhomoge- 
neity due to the self-organization process. Therefore, there are a sizable number of 
dots that do not contribute to lasing, while adding to parasitic recombination and 
therefore to the threshold current. However, this component of the threshold cur- 
rent is not very temperature dependent and hence does not lower the coefficient T„. 
The hot carrier distribution also leads to gain compression at the lasing energy and, 
as a result, a reduced small-signal modulation bandwidth. The hot carriers in and 
around the active region also increase the diffusion capacitance and result in low fre- 
quency roll-off. 



5.4 Tunnel Injection of Carriers in QDs 

The tunneling-injection scheme for electrons in a laser is illustrated in Figure 5.8(a). 
If “cold” electrons are introduced into the QD ground states by phonon-assisted 
tunneling, and the tunneling rate is comparable to the stimulated emission rate, the 
carrier distribution will be maintained close to a quasi-Fermi distribution, even at 
high injection levels [see Figure 5.8(b)]. Thus carrier leakage and hot carrier effects 
are minimized. It is important to note that the hole relaxation rates in QDs and other 
quantum confined structures are very fast due to multiplicity of the levels, band 
mixing, and efficient hole-phonon coupling. In the tunneling-injection scheme. 
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Figure 5.8 Carrier injection into a QD gain region in (a) a tunneling-injection heterostructure 
laser and (b) carrier distribution. 



fewer electrons will bypass the active region during the injection process. Gain com- 
pression effects will be minimized, since most of the electrons are injected close to 
the lasing energy. 

5.4.1 Tunneling-Injection Laser Heterostructure Design and MBE Growth 

The laser heterostructure, designed with knowledge of the QD electronic states and 
the conduction band profile in the vicinity of the QDs, is shown in Figure 5.9. The 
active region consists of the In^^jCau^As injector well, a 20A Al^^jCa^^jAs tunnel 
barrier, and three coupled In„^Ga„ gAs QD layers. The 95 A In„ 2 jGao „As injector well 
is grown at 490°G, the QD layers are grown at 525°G, and the rest of the structure is 
grown at 620°G. 
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Figure 5.9 Conduction band profile, of a tunneling-injection QD laser heterostructure grown by 
MBE, under flat-band conditions. 
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A critical aspect of the design is the alignment of the conduction band states of 
the injector layer with the bound states in the QDs, such that efficient phonon- 
assisted tunneling can take place from the injector layer to the dots. The bandgap of 
the injector layer is tuned for the optimum tunneling conditions and the tunneling 
rates are measured, as described in the next section. The wavelength of the lumines- 
cence peak for the dots is controlled by adjusting the InGaAs dot charge during epi- 
taxy such that the energy separation, in the conduction band, between the injector 
well states and the QD ground states is ~36 meV at room temperature. This energy 
separation ensures TO phonon-assisted tunneling from the injector well to the dot 
ground states through the 20A undoped Al„ j^Ga,, ^jAs barrier layer. The photolumi- 
nescence spectra from the sample, measured at 12K with 800-nm excitation, is 
shown in Figure 5.10. A dominant emission from the quantum dot with a peak at 
980 nm and a weak shoulder, believed to be from the injector layer, at 950 nm are 
seen in the data. A characteristic feature of the photoluminescence from tunneling- 
injection QD heterostructures is the extremely small linewidth (~23 meV) compared 
to normal QDs grown under identical conditions, for which the linewidth varies in 
the range from 40 to 60 meV. This is due to a selection process of the tunneling states 
in the dots, thereby artificially inducing dot uniformity for luminescence. The 
reduced linewidth of the QDs in tunneling-injection heterostructures is advanta- 
geous in high-speed operation of lasers. 

5.4.2 Measurement of Phonon-Assisted Tunneling Times 

Three-pulse pump-probe DTS is used to measure the tunneling times into the ground 
state of QDs in the tunneling-injection heterostructure. Measured DTS data at 12K 




Figure 5.10 Low-temperature photoluminescence spectrum of the tunneling-injection laser 
heterostructure. 
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are shown in Figure 5.11(a) [44], The signal at 950 nm corresponds to the injector 
layer population. The rapid decrease in the DTS signal corresponds to phonon- 
assisted tunneling of electrons from this layer to the QD ground state, and the slow 
recovery reflects the repopulation of the layer from higher energy levels by phonon 
scattering. The initial decrease in the 980-nm DTS signal is due to pump-induced 
reduction in the QD ground state population via stimulated emission. The fast 
recovery in the 980-nm DTS signal corresponds again to the tunneling of electrons 
into the dot ground state. Figure 5.11(b) shows the DTS signal in a two-pulse 
experiment (no gain pulse; pump tuned to 950 nm to inject electrons directly into 
the QW injector layer) for various temperatures; the rise times are almost identical. 
The temperature-dependent tunneling time measurements do not show any varia- 
tion in the tunneling time with temperature. This is contrary to what we would 
expect in ideal phonon-assisted tunneling. The phonon-assisted tunneling times are 
dependent on phonon number, which is temperature dependent. 

The PL spectrum from the laser hetero structure shows that there is overlap 
between the ground state of the injector layer and the ground state of the vertically 
coupled QD layers, which have level broadening due to size inhomogeneity and ver- 
tical coupling. Therefore, in addition to phonon-assisted tunneling, resonant tun- 
neling processes are also present. The presence of resonant tunneling could explain 
the nearly temperature-independent tunneling times. As mentioned earlier, the 
phonon-mediated hole relaxation rate is extremely fast and we have previously cal- 
culated and measured the relaxation time to be ~ 0.6 ps. We estimate the electron 
tunneling time constant to be -1.7 ps. Therefore, the phonon-assisted tunneling rate 
will be comparable to the stimulated emission rate for a high injection rate and the 
carrier distribution can still be maintained close to equilibrium. 
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Figure 5.1 1 (a) Three-pulse DTS signal from the tunneling-injection heterostructure with gain 

pulse at 800 nm, pump pulse at 980 nm, and probe pulses at 950 and 980-1,000 nm (inte- 
grated); (b) temperature-dependent two-pulse DTS signal with the gain pulse at 800 nm and 
probe pulse at 980 nm. 
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5.5 Characteristics of High-Speed Tunneling-Injection QD Lasers 

Tunneling-injection QD laser heterostructures were grown by MBE. The device het- 
erostructure structure consists of 1.5-^m-thick Alg^jCa^^jAs outer cladding layers 
[n,p = 5 X 10'^ cm"’) and GaAs contact layers on either side of the 0.15-^m-thick 
undoped GaAs optical confinement layer (OGL). The active region is identical to the 
one discussed in Section 5.4.1. Ridge waveguide lasers with 3-^m ridges for both dc 
and high-frequency measurements were fabricated using standard photolithogra- 
phy, dry and wet etching, and metallization techniques. 

5.5.1 Room Temperature DC Characteristics 

The room temperature dc characteristics of the ridge waveguide tunneling-injection 
QD lasers are measured with 1% duty cycle pulsed biasing (100-^s period). Typical 
light-current characteristics for a 400-^m-long device are shown in Figure 5.12(a) 
[45]. The spectral outputs were recorded [see Figure 5.12(b)] at various injection 
currents and these confirm lasing from ground state up to injection currents ~5 
kA/cm^. Threshold currents as low as 8 mA are measured for 400-^m-long Fabry- 
Perot cavities. Threshold current densities are -500 A/cm^ for long cavities 
(1,300 ^m). Devices with 200-^m-long cavities exhibit extremely high slope efficien- 
cies (-0.9 W/A) and differential quantum efficiencies rjj, - 0.7-0. 8. The internal 
quantum efficiency (?;,) is extracted from a plot of Hrjj versus cavity 1, shown in 
Figure 5.13. Typical values of are 0.8-0. 9. The cavity loss in these high- 
performance devices is - 8 cm 

5.5.2 Temperature-Dependent DC Characteristics 

Figure 5.14 shows the measured slope efficiency as a function of temperature in a 
tunneling-injection QD laser. For comparison, the temperature-dependent slope 




Figure 5.12 (a) Measured light-current characteristics of a 400-//m-long single-mode tunneling- 
injection QD laser at room temperature; (b) single-mode spectral output at -1,300 A/cm^. 
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Figure 5.1 3 Plot of inverse differential quantum efficiency versus cavity length. 




Temperature (K) 

Figure 5.14 Variation of slope efficiency with temperature in a single-mode tunneling-injection 
QD laser and a broad area SCH QD laser. 



efficiency in a conventional SCH quantum dot laser is also shown. The temperature 
variation of the slope efficiency of the tunneling-injection laser is distinctly different. 
As stated before, the tunneling process chooses the dots that contribute to lasing, 
almost independent of temperature. Therefore, the slope efficiency of the output 
remains fairly constant. A very small decrease in efficiency is noted due to a small 
amount of carrier leakage from the dots. On the other hand, in the SCH lasers at 
low temperatures, injected carriers are frozen in the dots in a nonequilibrium 
distribution. 
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Carriers that are initially captured into a dot in which the confined state energy 
does not overlap with the lasing energy will not contribute to lasing. Hence, they 
recombine nonradiatively and the output efficiency remains low. An increase in the 
ambient temperature equilibrates the carrier distribution among the dots, resulting 
in an increasing number of dots contributing to the lasing process. The slope effi- 
ciency therefore steadily increases with temperature. Beyond 170K, the slope effi- 
ciency decreases again due to carrier leakage from the dots into the cladding layers 
and their eventual nonradiative recombination. The marked difference in the 
temperature-dependent slope efficiency of the two types of lasers confirms the 
reduction in leakage of hot carriers with tunnel injection. 

The coefficient T„ is a measure of the temperature dependence of the threshold 
current of a laser. The temperature-dependent light-current characteristics of a 
400-^m-long device [46], measured under the pulsed conditions described earlier, 
are depicted in Figure 5.15(a). The measured threshold currents are plotted against 
the ambient temperature in Figure 5.15(b). From the two distinct slopes indicated by 
the continuous lines, values of = 363K for 5°C < T < 60°C and = 202K for 60°C 
< T < 100°C are derived. These are the highest values of T„ measured in these tem- 
perature ranges in QD lasers. The high device efficiencies and the high values of 
indicate minimization of carrier leakage from the gain region and parasitic recombi- 
nation in optical confinement layers [47]. 

5.5.3 High-Speed Modulation Characteristics 

The dc characteristics measured in the tunneling-injection QD lasers indicate pros- 
pects for enhanced modulation bandwidths and improved dynamic characteristics. 
Modulation measurements were made on ridge waveguide lasers with a ground- 




Current (mA) 
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Figure 5.15 (a) Temperature-dependent light-current characteristics tunneling-injection QD 
laser, (b) Variation of with temperature. The lines are fit to the data in accordance with /,^(7) = 
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signal- ground (GSG) configuration. Both small- and large-signal modulation meas- 
urements were done as a function of temperature. The small-signal modulation 
properties of the tunneling-injection lasers are described first, followed by a meas- 
urement of Auger coefficients from large-signal modulation experiments. 

Small-Signal Modulation Characteristics 

The small-signal modulation measurements made on the tunneling-injection QD 
lasers show for the first time modulation bandwidths comparable to those measured 
in QW lasers. Figure 5.16(a) shows the measured modulation response under GW 
bias for a 400-^m-long tunneling-injection QD laser cavity [7,^ (GW) = 12 mA] for 
various injection currents at 288K [45]. The continuous lines are best fit curves to 
the measured data. The spectral outputs at these injection currents confirm that 
lasing from the ground state is maintained. A bandwidth of = 22 GHz is meas- 
ured for 7 ~ 42 mA and this is the highest bandwidth measured in any QD laser at 
room temperature. The modulation response shows typical gain compression lim- 
ited behavior at higher injection currents. The modulation characteristics of the 
tunneling-injection lasers have also been analyzed by taking into account the 
detailed carrier dynamics and the appropriate carrier and photon rate equations. 
The time constants required for the analysis have all been directly measured by dif- 
ferential transmission spectroscopy. The calculated modulation response for differ- 
ent injection currents are shown in Figure 5.16(b) and agree well with the measured 
response. 

The modulation efficiency and differential gain of a laser can be determined 
from a plot of the resonance frequency /] of the modulation response as a function of 
the square root of the output power. The resonance frequency is expressed in terms 
of output power by the following relation: 




Figure 5.16 (a) Small-signal modulation response of 400-^m-long tunneling-injection laser under 
varying injection currents at room temperature, (b) Calculated modulation response obtained 
from the coupled rate equations. 
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where is the slope efficiency of the L-I curve, F is the confinement factor, dg/dn 
is the differential gain, and is the active region volume. Figure 5.17 shows the 
plot of the resonance frequency /) versus square root of the output power. The 
modulation efficiency, which is the slope of this plot in Figure 5.17, is -2.62 
GHz/mW'®. From this value of the modulation efficiency and using a fill factor of 
-28%, internal quantum efficiency f]. - 0.85 (for the measured device) and a confine- 
ment factor r - 2.5 X 10’\ a value of dg/dn = 8.85 X 10 cm^ for the differential 
gain is derived at room temperature. 

The damping factor, y, is an important parameter that determines the high- 
frequency performance of a semiconductor laser under small signal modulation. The 
modulation response of a laser in terms of the resonance frequency is given by 



r(w) ■■ 
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where Y ~ is photon lifetime in the cavity. The damping factor is also 

expressed as y = Kf^^, where K is an empirical factor related to the modulation 
response of a laser. This is valid only at low-injection levels. At high injection levels, 
the hot carrier density in the laser can become significant, leading to gain compres- 
sion. Under these conditions. 




Figure 5.1 7 The plot of resonance frequency / of the modulation response versus square root of 
power. 
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where e is the gain compression factor, is the photon group velocity, and dg/dn is 
the differential gain. A value of X = 0.171 ns was calculated using the damping fac- 
tor obtained from the best fit curves to the measured modulation response of a 
400-^m laser cavity. Correspondingly, the gain compression factor e = 7.2 X 10 
cm\ which is almost 2 orders of magnitude lower than those measured for SCH QD 
lasers. This again confirms that the tunneling-injection QD lasers have reduced hot 
carrier effects compared to SCH QD lasers. A maximum intrinsic modulation band- 
width, /^ 3 jg(int.) = 9/K(ns) = 55 GHz is also derived. It is important to realize that the 
laser performance depends more on the energy distribution of injected carriers, 
rather than the injected carrier density. 



Linewidth Enhancement Factor and Chirp 

Lateral mode instabilities become important for designing high-power semiconduc- 
tor lasers. At high levels of carrier injection, filamentation occurs due to an increase 
in the refractive index and self -focusing on the optical mode in the gain medium. As 
a result, the laser output does not exhibit a Gaussian single-mode near-field pattern, 
and increase of the stripe width to enhance output power does not follow simple 
scaling rules. The degree of filamentation is strongly dependent on the linewidth 
enhancement factor a given by 



4ji dnIdN 
X dg/dN 



(5.6) 



where N is the carrier density, n is the refractive index, and g is the gain. Below 
threshold the linewidth enhancement factor can also be written as: 



2 dX. 



( 5 . 7 ) 



where <52 is the mode spacing in the subthreshold spectrum and r. is the peak-to- 
valley ratio in the subthreshold spectrum, and X. is the wavelength of the ith peak 
in the spectrum. The linewidth enhancement factor as a function of frequency 
is obtained by measuring the subthreshold emission spectra of the single-mode 
tunneling-injection ridge waveguide lasers and by calculating the Fabry-Perot mode 
peak-to-valley ratios and shifts between two differential bias currents. Figure 5.18 
shows the wavelength (frequency) dependence of the linewidth enhancement factor 
for a 400-^m-long tunneling-injection QD laser cavity [45]. We measure values of 
a < 1 which are a factor of 5 to 6 lower than InGaAs MQW lasers with similar 
threshold and power levels. The extremely low linewidth enhancement results from 
the higher differential gain and a smaller carrier-induced modulation of the refrac- 
tive index in the active volume. These values agree with the values reported for QD 
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Figure 5.18 Measured linewidth enhancement factor versus wavelength. 



lasers by other groups [48] and are a factor of 2 to 5 lower than those reported for 
QW lasers [49]. 

Under modulation, the lasing mode shifts in wavelength and an envelope, as 
shown in Figure 5.19, is observed. The FWHM of this spectral output is the dynamic 
linewidth. It is evident that for optical communication, the dynamic linewidth or 
chirp has to be small in order to minimize channel spacing. Chirp in a semiconductor 
laser is directly proportional to the linewidth enhancement factor a. The small meas- 
ured values of a promise low chirp in tunneling-injection QD lasers. Chirp is 
measured in the lasers during direct small-signal modulation by measuring the 
broadening of a single longitudinal mode using an optical spectrum analyzer. A 
sinusoidal modulation current is superimposed on a pulsed dc bias current. The 
envelope of the dynamic shift in the wavelength is recorded and the difference 
between the half-width of the observed envelope with and without modulation is 
used to evaluate the chirp. Figure 5.20(a) shows the dependence of chirp on the 
modulation current [45]. The measured chirp for a InGaAs QW laser with similar 7,^ 
is also shown for comparison. The chirp as a function of modulation frequency, 
under fixed modulation current, is shown in Figure 5.20(b). Reduced amplitude and 
frequency dependence of chirp in tunneling-injection QD lasers confirm the reduced 
hot carrier effects in the active volume. 
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Figure 5.19 Illustration of chirp in semiconductor lasers. 
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Figure 5.20 (a) Plots of measured chirp in the tunneling-injection QD laser and a SCH QW laser 
as a function of modulation current, (b) Measured chirp as a function of modulation frequency in a 
tunneling-injection QD laser. 



Auger Recombination in High-Speed QD Lasers 

Auger recombination in small bandgap materials affects the performance of lasers 
adversely, by increasing the threshold current and damping factor, and reducing the 
modulation bandwidth. The damping factor, taking into account Auger recombina- 
tion, is given by 
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To improve the high-speed performance of lasers, it is important to reduce 
Auger recombination. The Auger recombination rates can be determined by measur- 
ing the turn-on delay, r^, of a laser under large signal modulation, which is given by 
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where R{n) is the total recombination rate and is expressed as 

ft 

R(n) = -=A^^n+Rn^ +C^n^ 
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in terms of carrier lifetime r, the Shockley-Read-Hall coefficient the radiative 
recombination coefficient R^^, the carrier density n, and the Auger coefficient Q. The 
term represents the threshold carrier density and V is the active volume of the 
laser. By measuring the stimulated emission delay times under large-signal modula- 
tion and calculation of the radiative recombination rates and the threshold carrier 
density, the Auger recombination rates can be determined. 

Large-signal modulation measurements are made on the 400-^m-long single- 
mode ridge waveguide tunneling-injection lasers at different temperatures. The 
lasers are pulse biased with a 10% duty cycle from I = 0 to I {>IJ with a 100-ps 
(20-80%) rise time electrical pulses. The output is detected with an InGaAs photo- 
receiver. The delay time between the electrical and optical signal is measured with a 
high-speed digital sampling oscilloscope, taking into account the delays due to opti- 
cal fiber, RF cables, and the photoreceiver. Figure 5.21 shows the experimentally 
determined turn-on delay times as a function of bias current density at differ- 
ent ambient temperatures for SCH QD lasers [50] and tunneling-injection QD 
lasers [51]. The increase in the bias current density decreases the recombination life- 
time and consequently the delay time. 

The gain and spontaneous recombination rates are calculated using the Fermi 
golden rule with 8-band k • p description of the bands and is determined using the 
single-mode coupled rate equations with a measured value of cavity loss. These 
parameters are used to determine the Auger coefficients. The carrier distribution in 
the wetting layers, barrier layers, and the injector well are taken into account in 
order to represent the carrier dynamics in the tunneling-injection heterostructure 
more accurately. Recombination at traps is neglected due to the observations of 
small trap density and negligible Stokes shift in the QD hetero structures. To match 
the experimental and theoretical threshold current densities at each temperature, the 
inhomogeneous broadening in the QDs is varied. The Auger coefficient is obtained 
by minimizing the RMS error between the theoretical and experimental delay times. 
The temperature dependence of Auger coefficients in SCH and tunneling-injection 
QD lasers is shown in Figure 5.22 [51]. 
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Figure 5.21 Measured turn-on delay times as a function of injection current density in (a) a SCH 
QD laser and in (b) a tunneling-injection QD laser at various ambient temperatures. 




Figure 5.22 Variation of Auger recombination coefficient with temperature. For comparison, 
Auger coefficients for a SCH QD laser are also shown. 
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As described earlier, electron-hole scattering is the dominant mechanism by 
which electrons relax from the excited state to the ground state in QDs. In this 
process, an excited state electron scatters with a ground state hole, thereby transfer- 
ring its energy to the hole and relaxing to the ground state. The excited state hole 
relaxes back to the ground state by rapid phonon scattering. Energy conservation in 
the process is achieved by self-consistent broadening of the hole levels due to hole- 
phonon scattering as shown in Figure 5.23. The electron in the ground state can then 
contribute to Auger scattering. As the temperature increases, the population of 
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Figure 5.23 A schematic of the Auger transition in a QD system. Hole occupation of the ground 
state is critical for the process to occur. 
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ground state holes decreases, due to their excitation to higher energy levels, and the 
electron-hole scattering and consequently Auger recombination decrease. This 
trend is observed in the SCH QD lasers. In the tunneling-injection structure, elec- 
trons are supplied to the dot ground states directly by tunneling from the adjoining 
injector layer, and the temperature dependence of the Auger recombination rate 
would be reduced. This is, indeed, observed in the data shown in Figure 5.22. The 
values of the Auger rates are also lower, reflecting a smaller population of electrons 
in the dot excited states. 

5.6 Conclusion 

In this chapter we describe the performance characteristics of state-of-the-art high- 
speed QD lasers. It is evident that the devices’ performance can be significantly 
improved by using phonon-assisted tunneling to inject carriers into the lasing state 
of the QDs. We have demonstrated tunneling-injection QD lasers with bandwidths 
exceeding 22 GHz at room temperature. These lasers also exhibit low-threshold 
currents, very low temperature sensitivity, high differential gains, low gain com- 
pression factors, low linewidth enhancement factors, low chirp, and low Auger 
recombination. The tunneling-injection QD lasers have, for the first time, demon- 
strated properties comparable to or better than those in high-performance QW 
lasers. 
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6.1 Introduction 

6.1.1 General Properties of ZnO 

ZnO is an oxide of the group II metal zinc, and belongs to the P63mc space 
group [1,2]. ZnO is on the borderline between a semiconductor and an ionic mate- 
rial. Under most growth conditions, ZnO is an n-type semiconductor, though 
p-type conductivity of ZnO has also been reported for growth under certain condi- 
tions [3, 4]. ZnO exhibits a wurzite structure (hexagonal symmetry) or rock salt 
structure (cubic symmetry). However, ZnO crystals most commonly stabilize with 
the wurzite structure (hexagonal symmetry), whereas the crystals exhibit the rock 
salt phase (cubic symmetry) at high pressure. The wurzite crystal structure and the 
projection along the [0001] direction are shown in Figure 6.1. Even though it is tet- 
rahedrally bonded, the bonds have a partial ionic character. The lattice parameters 
of ZnO are a = 0.32495 nm and c = 0.52069 nm at 300K, with a da ratio of 1.602, 
which is close to the 1.633 ratio of an ideal hexagonal close-packed structure. In the 
direction parallel to the c-axis, the Zn-O distance is 0.1992 nm, and it is 0.1973 nm 
in all other three directions of the tetrahedral arrangement of nearest neighbors. 

The lattice consists of interpenetrating hexagonal close-packed lattices, sepa- 
rated along the c-axis hy u = 0.3825 (fractional coordinates). In a unit cell, zinc 
occupies the (0, 0, 0.3825) and (0.6667, 0.3333, 0.8825) positions and oxygen 
occupies the (0, 0, 0) and (0.6667, 0.3333, 0.5) positions [5, 6]. 

The close-packed (0001) planes are made up of two subplanes (A and a), each 
consisting of the cationic (Zn) and the anionic (O) species, respectively, as shown in 
Figure 6.1. The crystal can be considered to have the stacking sequence ...AaB- 
bAaBb... as compared to ...AaBbCcAaBbCc... in diamond cubic silicon and sphaler- 
ite (GaAsh This results in a remarkable difference in the properties between (0001) 
and (0001) planes of ZnO, the former being Zn terminated and the later being O 
terminated. This structure does not possess a center of symmetry. The lack of inver- 
sion symmetry in ZnO leads to piezoelectricity. The polarity of the c-axis results in 
the Zn-terminated and O-terminated planes displaying vastly different properties. 

The (0001) planes in ZnO are polar and hence, with no reconstruction or passi- 
vation, have the maximum surface energy among the low-index planes. This is in 
fact observed under most conditions during vapor phase growth. Crystals grown via 
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Figure 6.1 (a) Crystal structure of ZnO (wurzite). (b) Projection along the [0001] direction 

(pointing out of the plane of paper, denoted by the "X" mark at the center). 



the vapor phase usually are needle shaped with a hexagonal cross section. The crys- 
tals are elongated dong the [0001] direction and the prismatic sides of these crystals 
are usually the {1010} or {1120} planes, implying that the (0001) plane has the high- 
est energy. As a result, the growth rate along the c-axis is the highest. Thus, oriented 
nanowires are easily formed in the c-direction. 

The wurtzite structure of ZnO has a direct energy bandgap of 3.37 eV at room 
temperature. The lowest conduction band of ZnO is predominantly s-type, and the 
valance band is p-type (sixfold degenerate). Direct interband transition occurs at the 
Brillouin zone center {k = 0). The valance band splits into three subbands A, B, and 
C, by spin-orbit and crystal-field interactions, as illustrated in Figure 6.2 {7}. 

Table 6.1 lists the calculated and measured values of crystal-field splitting {AJ 
and spin-orbit splitting (A^^), where a quasi-cubic model was used to calculate the 
crystal-field splitting and spin-orbit splitting. 

The free exciton binding energies associated with the A, B, and C valence bands 
are 63, 50, and 49 meV, respectively [8}. The high exciton binding energy leads to 
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Figure 6.2 Valence band splitting in hexagonal ZnO by crystal-field and spin-orbit coupling. The 
figure is not drawn to scale. (After: [7].) 



Table 6.1 Crystal-Field Splitting (A„) 
and Spin-Orbit Splitting (A,„) in Bulk 
ZnO 



Calculated Measured 
A„ (eV) -rO.0408 [9] -r0.0394 [7] 

A„ (eV) -0.0047 [9] -0.0035 [7] 



excitonic recombination even at room temperature, in contrast to conventional 
electron-hole-plasma (EHP) transition, which is promising for high-efficiency, low- 
threshold photonic devices. Optical anisotropy exists near the band edge due to 
different selection rules for light polarization perpendicular and parallel to the 
c-axis [10, 11]. Transition for the A and B exciton is mainly allowed for light polari- 
zation perpendicular to the c-axis, whereas transition for the C exciton is mainly 
allowed for light polarization parallel to the c-axis. By alloying with Cd and Mg, the 
direct bandgap of ZnO can be tuned from 2.8 to 4.0 eV. Table 6.2 summarizes some 
important physical properties of bulk ZnO. 



6.1.2 ZnO One-Dimensional Nanostructures 

One-dimensional nanostructures have attracted intensive attention because of 
their unique physical, optical, and electrical properties resulting from their low 
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Table 6.2 Some Important Physical Properties of Bulk ZnO 
Properties Parameters 



Crystal structure 


Wurzite 


Space group 


P 63 mc 


Lattice constants at 300K (nm) 


a = 0.32495 
c = 0.52069 
da =1.602 
u = 0.3825 


Thermal expansion coefficient (10 ‘K *) 


a = 6.5 
c = 3.02 


Density at 300K (g-cm^h 


5.606 


Bandgap (eV) at 300K 


3.37 


Bandgap temperature coefficient (eV-K ') 


2.9 X 10^ [14] 


Exciton binding energy (meV) 


60 


Electron mobility (cm^-V ‘-S ’) at 300K 


205 [15] 


Hole mobility (cm^-V ‘-S ') at 300K 


180 [16] 


Saturation electron drift velocity (107 cm-S^') 


3 [17] 


Static dielectric constant 


8.47 [18] 


Index of refraction 


(1 fjim) 

(0.45 ^m) [19] 



dimensionality. The electron-hole interaction will have orders of magnitude 
enhancement in a nanostructure, due to the dramatically increased electronic den- 
sity of states near the van Hove singularity. ZnO has an effective electron mass of 
-0.24 m^, and a large exciton binding energy of 60 meV. Thus bulk ZnO has a small 
exciton Bohr radius (-1.8 nm) [12, 13]. The quantum confinement effect in ZnO 
nanowires should be observable at the scale of an exciton Bohr radius. An example 
is the well-width-dependent blue shift in the PL spectra observed in both of 
ZnO/MgZnO MQW epitaxial films and nanorods [20, 21], with the ZnO well 
widths ranging from 1 to 5nm. Blue shift of emission from free excitons was 
reported for ZnO nanorods with diameters smaller than 10 nm, which was ascribed 
to the quantum size effect [22] . On the other hand, the giant oscillator strength effect 
could also occur in ZnO nanowires with diameters larger than the bulk exciton Bohr 
radius but smaller than the optical wavelength [23, 24]. 

According to the cross-sectional geometry, ID ZnO nanostructures can be hol- 
low nanotubes or solid nanowires/nanorods (cylindrical). Isotropic materials tend to 
form nanowires via covalent and electrostatic interactions, whereas nanotubes are 
most likely exhibited in anisotropic structures, which have strong in-plane forces 
and weak interlayer van der Waals forces [25]. Other types of ID nanostructures 
include nanobelts (rectangular), nanowhiskers (triangle), and so on. 

Compared with bulk materials, a significant characteristic of nanostructures is 
their high surface-to-volume ratio. ZnO nanowires have the same lattice constants 
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and crystal structure of bulk, confirmed by powder X-ray diffraction (XRD) and 
TEM data [26-28]. Therefore, many bulk properties are still preserved. The Zn-O 
bond is half ionic and half covalent. Doping in ZnO is much easier compared with 
other covalent-bond wide bandgap semiconductors, such as GaN. By appropriate 
doping, the electrical conductivity of ZnO can be tailored from semiconducting to 
semimetal, keeping high optical transparency to the visible and UV spectrum 
regime. ZnO nanotips are attractive for field emission due to their low emission bar- 
rier, high saturation velocity, and high aspect ratio. ZnO is more resistant to radia- 
tion damage than Si, GaAs, and GaN [29], which is preferred for the long-term 
stability of field emission emitters in high electric fields. These make ZnO an ideal 
candidate among transparent conducting oxides (TGOs) for field emission displays. 



6.2 Growth Techniques 

The growth techniques of ID ZnO nanostructures discussed in this section are 
based primarily on bottom-up approaches via either self-assembly or directed 
assembly (e.g., template-assisted growth). As compared with top-down techniques 
using nanolithography, bottom-up techniques do not have to follow Tennant’s 
law [30], which is a fundamental technical trade-off designed to achieve high resolu- 
tion and high throughput simultaneously in the nanofabrication, but they are still 
capable of creating nanosize features. In the general case, a self-assembly growth 
could be a self-limited process. For example, it could be a growth spatially defined 
by the template or a self-ordering process established on a dynamic balance of two 
opposite physical or chemical interactions, such as attractive and repulsive forces, 
diffusion and dissolution, and so on. 

6.2.1 Growth Mechanisms 

Mechanisms for ID ZnO nanostructure growth include vapor/liquid/solid (VLS), 
screw dislocation growth, catalyst-free self-nucleation growth, and vapor/solid (VS) 
mechanisms. 

VLS Mechanism 

Among the various mechanisms for anisotropic growth of nanostructures, the VLS 
mechanism is well established and most widely accepted. So far, a variety of growth 
techniques have been employed in the synthesis of ZnO nanowires via the VLS 
mechanism, including chemical vapor transport and condensation (GVTG) and 
catalyst-assisted MBE [19, 31-34]. Gontrol over the nanowire diameter and its 
morphology has been demonstrated by VLS growth. The as-grown ZnO nanowires 
also show promising structural and optical properties. 

The VLS mechanism was proposed by Wagner and Ellis in 1964 to explain the 
growth of Si whiskers using An as a metal catalyst [35]. The VLS process consists 
primarily of three steps: (1) formation of the liquid alloy droplet, (2) crystal nuclea- 
tion upon gas adsorption and supersaturation, and (3) axial growth from the crys- 
talline seeds to form nanowires [36]. According to the VLS mechanism, a liquid 
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phase is formed initially, due to formation of a eutectic phase or the presence of a 
low-melting-point phase in an alloy system, which consists of the substrate or gas 
phase constituent. The liquid surface adsorbs the reactant gaseous species much 
more efficiently than does the solid surface. On supersaturation of the liquid alloy, a 
nucleation center forms, and serves as a preferred site for the axial growth of a 
nanowire. The adsorbed gas reactants are then diffused through the liquid phase to 
the solid/liquid interface, and the growth of the solid phase proceeds. Due to the 
much larger accommodation coefficient of the reactants in the liquid, growth 
is much faster at the solid/liquid interface compared to the solid/vapor inter- 
face [37-39]. 

The characteristic of VLS growth is the existence of metallic nanoparticles on 
top of the nanowires obtained [34, 40-43], typically observed by using TEM. 
Figure 6.3 illustrates the growth of nanowires by a VLS process [44]. 

The diameter of a nanowire via VLS growth is primarily determined by the liq- 
uid alloy droplet, and the thermodynamic-limited minimum radius is given by [45]: 

Rmin =2a,v V, /i^T Ins 

where is the liquid/vapor surface free energy, is the molar volume of liquid, 
and s is the vapor phase supersaturation. 

Selection of metal catalyst species depends on the formation of a eutectic phase 
at the deposition temperature according to the phase diagram, as well as vapor/liq- 
uid/solid interfacial energies and chemical stability in the reaction product [35]. The 
catalyst species reported in ZnO nanowire growth are Au, Ag, Se, Cu, and transition 
metal oxides [34, 40, 45-47]. Another metallic particle candidate is Zn, which could 
be formed as a result of decomposition of the Zn precursor and condensation, 
though controversy about the growth mechanism in this case still exists if only pure 
Zn presents in the synthesis [48, 49]. 

Screw Dislocation Mechanism 

The screw dislocation growth is a structural defect evolved process that forms 
nanowhiskers [50, 51]. When the line of a screw dislocation is parallel to the growth 
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Figure 6.3 Illustration of growth of a nanowire by a VLS process. (After: [44].) 
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axis of the nanowire, for example, the c-axis in the case of ZnO nanowires, the spi- 
ral plane perpendicular to the screw dislocation line possesses a low-energy step, 
which acts as a site for sequential growth. Thus, the growth rate along the disloca- 
tion line is much faster compared to that in the radial direction. This results in the 
formation of a ID nanostructure [52, 53]. Typically, the end tips of the nanowires 
obtained from this mechanism are conical with a spiral honeycomb-like morphol- 
ogy. A characteristic of screw dislocation growth is the presence of axial screw dis- 
locations, which is often evident from TEM. 

Catalyst-Free Self-Nucleation Mechanism 

Another possible mechanism to explain the growth of nanowires with sharp pris- 
matic tips is that of catalyst-free, near-equilibrium, self-nucleation growth. ZnO 
nucleates on the surface of the substrate as a result of the reaction between adsorbed 
oxygen and zinc from diethyl zinc, similar to ZnO epitaxial growth. The nucleation 
can be enhanced by the presence of impurities, high temperature, or presence of a 
secondary phase, which reduces the nucleation energy. As-formed ZnO nuclei could 
follow an epitaxial relationship with a lattice-matched substrate. The nuclei thus 
formed then reach a critical size and begin to grow in all directions. The growth 
habit of the nuclei depend on the relative growth rates of the different crystal faces 
bounding the nuclei. The growth rate (R) relationship for different ZnO crystal 
faces is R^„oi> > ^<ioi> > ^<ioo> > ^<oo.i>- Thus, growth aloi^ the c-axis [0001] has the 
highest growth rate, while the negative c-axis [0001] has the lowest growth 
rate [54]. Because the growth rate is much more favored along the c-axis and it is the 
direction of free growth without size limitation, it grows into nanowires with sharp 
prismatic tips. These nanowires not only grow in height but also increase in width. 
The aspect ratio of the nanowires can be adjusted by control of the growth condi- 
tions [52, 55]. 

VS Mechanism 

The VS mechanism is also a catalyst-free process that forms ID nanostructures. It 
involves direct vaporization of the solid at a higher temperature, followed by the 
deposition of the nanostructures at a lower temperature. The VS mechanism has 
been used to explain the growth of dendrite ZnO nano wires [56] and nanobelts [28]. 

VS growth is based on Sears’s model. During VS growth, dendrite ZnO 
nanowires with abruptly narrowed sharp tips [“terminal-bottleneck,” shown in 
Figure 6.4(a)] or “terminal coalescence” are formed. Terminal coalescence refers to 
two nanotips, belonging to different dendrite branches, crystallographically coa- 
lescing during the growth, as shown in Figure 6.4(b). In 1950s, G. W. Sears pro- 
posed a VS-based whisker growth model [57-59]. According to his theory, the 
atoms are impinged onto a whisker side surface, adsorbed onto the surface, and dif- 
fused along the lateral surface into an atomic sink at the tip of the whisker. Those 
atoms not reaching the tip are removed by reevaporation because of their unstable 
energies [56]. As a result, ID crystal growth occurs at the tip of the nanowire, where 
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(a) 



Figure 6.4 TEM images of (a) terminal-bottleneck and (b) terminal-coalescence structures in a VS 
growth. (After: [56].) 




an enormous atomic sink exists for sequential growth, and the growth is a 
diffusion-limited process. 

During ID dendrite growth, multiply twinned ZnO particles are deposited onto 
the substrate surface by evaporation and condensation of zinc vapor. These fine par- 
ticles act as nucleation centers. If supersaturation is not large enough to form the 
euhedral morphology of ZnO crystal, anisotropic ID growth in specific crystal 
directions occurs. Typical morphologies observed in a multiple twinned particle ini- 
tialized growth could be multiple twinned joint faults and stacking faults related to 
pseudo-twin planes [56]. 

In a VS growth of nanobelts, the preferential growth direction is determined by 
surface energy, whereas the morphology is determined by growth kinetics. As ZnO 
is half ionically bonded, the cation and anion coordinated configuration is likely 
preserved to keep the charge neutral during the evaporation and condensation 
process. The surface with lower energy tends to grow larger and flat, forming the 
enclosure surfaces of the nanobelts. As a result, the reactant gas species tend to dif- 
fuse toward the growth front, leading to fast growth along the growth front to form 
the nanobelts [28]. Unlike VLS, where the crystal growth always takes place at a 
solid/liquid interface, VS-governed growth proceeds at the vapor and solid crystal 
interface. 



6.2.2 Growth Techniques 

A wide variety of growth techniques have been used in the synthesis of ZnO nanos- 
tructures, from simple thermal evaporation to more sophisticated state-of- 
the-art epitaxial growth techniques. The common techniques reported are 
vapor phase transport, mainly being thermal evaporation and CVTC, and includ- 
ing sputtering and pulse laser deposition (PLD) [60, 61], MBE, CVD, and 
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MOCVD. Other techniques include template-assisted growth [62] and solution- 
based synthesis [63-65]. 

Vapor Phase Transport 

Vapor phase transport (VPT) is an atomic deposition process in which material 
physically or chemically vaporized from a solid source is transported onto a sub- 
strate where it condenses and deposits. According to the approaches of source 
vaporization, VPT can be in the form of thermal evaporation (by heat), laser abla- 
tion (by photons), sputtering (by positive ions), or electron beam and CVTC. When 
the source species are gas, evaporating liquids, or chemically gasified solids, the 
deposition process is categorized as chemical vapor deposition [66]. So far, a major- 
ity of the vapor deposition techniques just mentioned have been developed for the 
growth of single-crystal ID ZnO nanostructures. The growth mechanism of VPT 
has been attributed to either VLS or VS, depending on the presence of a metal 
catalyst. 

Thermal evaporation is one of the simplest methods available to synthesize ID 
ZnO nanostructures without the presence of a catalyst [28, 48, 67]. The starting 
ZnO powders are heated and vaporized at a high temperature, mostly in the range 
of 1,100°C to 1,400°C. Deposition of ZnO nanostructures occurs on the substrate 
placed downstream of the carrier gas. The ZnO nanobelts formed under these con- 
ditions have widths of 50 to 300 nm, lengths up to several millimeters, and a width- 
to-thickness ratio of 3 to 10 [48]. Certain growth directions and surface planes are 
exhibited. The formation of nanobelts is ascribed to a VS process. The morphology 
and optical properties of nanostructures greatly depend on the specific substrate 
temperature as well as the carrier gas species, though no clear conclusion has been 




Figure 6.5 Room temperature PL spectra of ZnO nanostructures prepared by thermal evapora- 
tion. (After: [48].) 
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drawn on the size-dependent UV to green emission ratio [28, 51, 48]. Figure 6.5 
shows the room temperature PL spectra of ZnO nanostructures grown at different 
temperatures [48]. Nanostructures grown at a higher temperature display stronger 
UV but weaker green band emission. 

ZnO nanowire growth based on a CVTC method has been reported [24, 45, 
68]. CVTC involves a chemical reaction between the gaseous species. These gaseous 
species are usually generated by evaporation, reduction, or some other gaseous reac- 
tion. The reaction product then condenses onto the substrate, which is at a lower 
temperature than the products. The gaseous products of the reaction leave the sys- 
tem. Nanostructures then result from the proper control of the supersaturating spe- 
cies, as in this case, ZnO [53]. Figure 6.6 shows a schematic diagram of a CVTC 
system for ZnO nanowire growth. 

A CVTC growth may use Zn vapors in an oxygen ambience. Zinc evaporated 
over the substrate reacts with oxygen to form ZnO, which then condenses onto the 
substrate surface [27, 45]. The growth temperatures reported for vapor transport 
systems are typically higher than 900°C. CVTC growth requires a few hours of pre- 
annealing if An has been predeposited on the surface. Preannealing of An results in 
the formation of small An islands, which act as nucleation centers for the subsequent 
growth of ZnO nanowires. The size of the ZnO nanowires obtained depends greatly 
on the size (diameter and thickness) of these An islands. The growth mechanism of 
CVTC is proposed to be either VLS or VS, depending on the presence or absence of 
the metal catalyst. Figure 6.7 shows a TEM image of a ZnO nanowire with an alloy 
droplet on the tip, clearly indicating a VLS mechanism [6 8] . 

Other approaches to prepare single-crystal ZnO nanowires include wet oxida- 
tion of a zinc and selenium mixture in a heating furnace [40], where Se serves as a 
liquid-forming agent in VLS growth, or thermal evaporation of zinc and carbon 
mixture in an oxygen ambient [48, 69]. In the latter, Zn or Zn suboxides are pro- 
posed to be the nucleation center for nanowire growth via a VLS-like mechanism. 
The diameter of the nano wires obtained via CVTC typically is tens of nanometers. 
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Figure 6.6 Schematic diagram of a CVTC system for ZnO nanowire growth. {After: [68].) 
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Figure 6.7 TEM image of a ZnO nanowire with an alloy droplet on the tip, clearly indicating a 
VLS growth mechanism. (After: [68].) 



and the length several to tens of microns, resulting in a wide range for the aspect 
ratio. Selected area electron diffraction (SAED) confirms the single-crystal quality 
of these nanowires. 

Control of morphology is obtained by proper selection of the substrates and 
metal catalyst and by use of different vapor sources and evaporation condi- 
tions [68]. Metal catalyst islands on the substrate surface were used to control the 
positions of the nanorods. The thickness of the catalyst layer was found to be an 
important factor governing the aspect ratio of the ZnO nanotips. The density of the 
nanowires achieved is in the range of 10“^ to 10'“ cm~^, controlled by the thickness of 
the thin An layer and annealing temperature. Proper selection of substrate is neces- 
sary to achieve oriented growth of nanowires, similar to an epitaxial growth [70]. 
As an example, the ZnO a-axis and the sapphire c-axis have less than 0.08% mis- 
match, giving rise to a good epitaxial interface between the (0001) ZnO and the 
(11-20) sapphire. Thus ZnO nanowires can be grown vertically on an a-plane 
(11-20) sapphire substrate. Since m-plane (10-10) sapphire has a tilt angle of 30° 
with respect to the a-plane, and (0001) ZnO is incommensurate with the (10-10) 




Figure 6.8 (a) FESEM image of ZnO nanowires grown on m-sapphire, showing a tilt angle of ~30 
with the substrate normal, (b) Top view of the ZnO nanowires. (After: [70].) 
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plane, ZnO nanowire with a preferential [0001] growth axis on m-sapphire will tilt 
30° with the substrate normal. Figure 6.8 shows a field emission scanning electron 
microscope (FESEM) image of ZnO nanowire arrays grown on m-sapphire using an 
Au-assisted carbothermal reduction VPT approach [70]. The majority of the 
nanowires grow with their longitudinal axes making an angle of -30° with the sub- 
strate normal, showing epitaxial crystalline nanowire growth. 

The nanowire growth on Si substrate was primarily randomly oriented as 
observed from SEM pictures and XRD data [45, 71]. Multiple ZnO peaks were 
present in the X-ray scan, with the (001) peak being prominent. This suggested that 
c-axis growth is preferred, even though there is a random orientation. An oriented 
growth along (001) was reported for (llO)-oriented sapphire substrates, wherein 
the only X-ray peaks observed were (002)- and (004)-oriented ZnO. 

Recently, dendrite growth of ZnO nanowires has been reported [56, 72]. 
Dendrite growth is a hierarchical crystal assembly consisting of joint branches. 
Figure 6.9(a) shows an SEM image of comb structures of ZnO nanowires by den- 
drite growth. A comb-like periodic array made of single-crystal ZnO nanowires was 
synthesized via the CVTC method [72]. The nanowires have uniform diameters of 
10 to 300 nm and lengths of 0.5 to 10 ^m. They are evenly distributed on the side of 
a stem with a periodicity of 0.1 to 3 ^m. XRD confirms that [0001] is the preferred 
growth direction. Dendrite growth occurs when zinc vapor at large supersaturation 
is rapidly condensed and crystallized in an oxygen ambient. Figure 6.9(b) shows a 
high-resolution TEM image of a comb structure showing the atomically sharp tip 
and Figure 6.9(c) shows the electron diffraction pattern of the comb structure. 

To facilitate the production of ZnO nanowires at a lower temperature, pre- 
growth reduction is utilized to decompose high-melting-point ZnO (~1,975°C) into 
low-melting-point Zn or Zn suboxide (~419°C). The Zn vapor is then transported 




Figure 6.9 (a) SEM image of comb structures of ZnO nanowires, (b) High-resolution TEM image 
of a comb structure showing atomically sharp tip. (c) Electron diffraction pattern of the comb 
structure. {After: [72].) 
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and reacts with the metal catalyst to form liquid alloy droplets preferred for a VLS 
growth. Several reduction approaches are employed to produce Zn vapor: 

1. Carbothermal reduction of ZnO. In this approach, graphite is added to pure 
ZnO powders [45, 48, 69]. At a high source temperature (~1,100°C), Zn or 
Zn suboxides are produced by the following reactions: 

ZnO + C Zn + CO^ 

ZnO + CO ZnOj. + CO^ (O < x < 1) 

2. Hydrogen reduction. A wet oxidation condition (10% O^, 5% H^, 85% Ar) 
is advantageous because of the much lower bonding energy of the H-O bond 
as compared to the 0-0 bond to produce atomic oxygen and form ZnO 
[40, 73]. 

3. Reduction of zinc salts. Reduction and further oxidation of ZnS powder has 
been explored to grow tubular ZnO whiskers [74, 75]. At a high tempera- 
ture (~1,100°C), ZnS reduction follows: ZnS (solid) Zn (gas) -i- S (gas). 
Partial oxidization of ZnS leads to S-doped ZnO nanowires [76]. 

Due to condensation of Zn vapor onto the substrate surface, a metal catalyst 
precoating is not necessary for the preparation of ZnO nanowires. 



CVD and MOCVD 

Chemical vapor deposition is a process based on pyrolytic reactions. The precursor 
compound, mostly an organic compound, used in the CVD system has a reasonable 
vapor pressure and a low melting point. A carrier gas transports the vapors of the 
reacting species. The reaction then proceeds on the substrate surface heated at the 
growth temperature. The CVD technique has several advantages, such as chemical- 
and thermodynamic-dependent growth, low growth temperature, control at the 
atomic level, large area deposition, and high growth rate. CVD also provides the 
flexibility of in situ doping processes. 

CVD 

ZnO nanorod growth using CVD has been reported for various substrates, such as 
sapphire(OOl), sapphire(llO), fused silica, and Si(lOO) substrates [52, 77]. The 
growth temperature is relatively low (~500°C). Zinc acetylacetonate hydrate was 
used as the zinc source, and its vaporizing temperature was reported to be 130°C to 
140°C. A mixture of NJO^ was the carrier gas. The SEM pictures for growth on 
sapphire(OOl) and sapphire(llO) do not reveal well-aligned characteristics. Typical 
diameters for the nanotips are in the range of 60 to 80 nm, with a height of about 
500 nm, resulting in an aspect ratio of about 8:1 to 6:1. The X-ray scans reveal the 
presence of ZnO(llO) accompanying the ZnO(002) and ZnO(004) peaks. The 
selected area diffraction (SAD) pattern reveal both c-axis and a-axis orientation of 
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ZnO on sapphire(llO). ZnO nanowires grown on fused silica and Si(lOO) substrates 
are, however, uniform, well oriented, and dense. 

The SEM and TEM pictures do not reveal the presence of a metallic particle on 
the nanowire tip, suggesting that the growth mechanism is a non-VES, catalyst-free 
mechanism. X-ray images show only the presence of the (002) peak of ZnO, indicat- 
ing that ZnO nanowires are typically c-oriented with single-crystal quality, which is 
confirmed by high-resolution TEM. PE characteristics revealed a strong UV light 
emission peak at around 386 nm at room temperature. TEM pictures, for the 
growth on Si(lOO), revealed the existence of a SiO^ amorphous zone between the Si 
substrate and ZnO nanotips, suggesting oxidation of the Si substrate to from a thin 
layer of amorphous SiO^ during ZnO deposition. 

MOCVD 

Metalorganic chemical vapor deposition or metalorganic vapor phase evaporation 
(MOVPE) is different from the conventional CVD in its choice of metalorganic 
precursors as the reactant species. These metalorganics have only one dan- 
gling bond and can be easily converted to chemical vapors. This allows for the use of 
a low growth temperature, depending on the vapor pressure of the precursor. 
Among all of the growth techniques, MOCVD offers the capabilities of mass pro- 
duction, selective growth, and controllable in situ doping. Moreover, energy band 
engineering can be realized by appropriately choosing reactant species and growth 
conditions. The MOCVD technique is compatible with well-developed semiconduc- 
tor processing technology due to the low growth temperatures. The catalyst-free 
nature of MOCVD growth of ZnO nanowire eases the postgrowth purification 
process. 

ZnO nanorod or nanotip growth on various substrates, such as c-plane sap- 
phire, fused silica. Si, and GaN using MOCVD has been reported [78-82]. Selective 
growth of ZnO nanotips has been realized on patterned silicqn-on-sapphire (SOS) 
structures, in which ( 100 ) silicon is deposited on r-plane ( 1120 ) Al^Oj substrates, 
and on patterned amorphous SiO^ on r-sapphire substrates [80]. ZnO nanowire 
growth was carried out in a low-pressure MOCVD system. Diethylzinc (DEZn) and 
oxygen were used as the Zn metalorganic source and oxidizer, respectively. Eilm 
deposition was carried out at a substrate temperature in the range of 300°C to 
500°C. Prior to nanowire growth, a thin ZnO buffer layer could be grown at a low 
temperature followed by substrate annealing. 

Eigure 6.10 shows a EESEM image of ZnO nanotips grown on various sub- 
strates, including (a) c-plane Al^Oj, (b) epitaxial GaN film grown on C-AI 2 O 3 , (c) 
fused silica, and (d) thermally grown SiO^/Si. ZnO has a wurtzite structure with a 
close lattice match to GaN. ZnO also satisfies the epitaxial relationship with sap- 
phire. The epitaxial relationship between ZnO and c-sapphire is (0001) ZnO // 
(0001) AbOj and [1010] ZnO // [2111] Al^Oj, while the epitaxial relationship 
between ZnO and a-sapphire is (0001) ZnO // (1120) Al^Oj and [1120] ZnO // 
[0001] AI 3 O 3 . Therefore, ZnO on these substrates grows with the c-axis perpendicu- 
lar to the substrate plane. Very dense and smooth epitaxial films of ZnO have also 
been grown on various orientations of sapphire and GaN. 
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Figure 6.10 FESEM image of ZnO nanotips grown on various substrates, including (a) c-plane 
AI 2 O 3 , (b) epitaxial CaN film grown on C-AI 2 O 3 , (c) fused silica, and (d) thermally grown Si 02 /Si. 
(After: [80].) 



Under certain growth conditions, columnar growth can be obtained on these 
substrates. In the case of columnar growth on various substrates, ZnO nanotips are 
all preferably oriented along the c-axis; they have a base diameter of ~40 nm and 
terminate with a very sharp nanoscale tip. The crystalline orientation of the ZnO 
nanotips was determined using XRD measurements as shown in Figure 6.11(a). 
Figure 6.11(b) shows a dark field TEM image of a single ZnO nanotip, and 
Figure 6.11(c) shows an electron diffraction image obtained from the single ZnO 
nanotip aligned to the [2110] zone axis. Defects in single-crystal materials are better 
characterized in the dark field imaging mode. The dark field TEM image of a single 
ZnO nanotip shows very few defects. The indexed diffraction pattern further con- 
firms the single-crystal quality of the ZnO nanotips. 

The growth mechanism by MOCVD is attributed to a catalyst-free self- 
nucleation process and a layer-by-layer growth mode. The columnar growth is a 
result of the high growth rate along the ZnO c-ax^. ZnO is a polar semiconductor, 
with (0001) planes being Zn terminated and (0001) being O terminated. These two 
crystallographic planes have opposite polarity; hence, they have different surface 
relaxation energies, resulting in a high growth rate along the c-axis. Therefore, by 
controlling the ZnO growth parameters, ZnO nanotips with the c-axis perpendicu- 
lar to the substrate and with a high aspect ratio can be grown on these substrates. In 
contrast to the columnar growth, ZnO films grown on r-Al 203 under the same 
growth conditions result in a flat film with a smooth morphology. The ZnO film 
shows a flat surface with the epitaxial relationship (1120) ZnO // (0112) AI 2 O 3 , and 
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Figure 6.1 1 (a) XRD analysis of ZnO nanotips grown on silicon substrate. The preferred orienta- 

tion of the nanotips is along the c-axis. (b) Dark field TEM image of a single ZnO nanotip. The 
arrow points to a single defect in the column, (c) Electron diffraction image obtained from the sin- 
gle ZnO Nanotip aligned along the [21 10] zone axis. The spots marked by X are those due to for- 
bidden reflections. (After: [80].) 



[0001] ZnO // [0111] AI 2 O 3 [13]. Hence, the c-axis of ZnO lies in the growth plane. 
This is different from the ZnO films grown on c-sapphire and a-sapphire substrates. 
The FWHM a»-rocking curve was measured to be 0.25° for the ZnO film grown on 
r-Alj 03 using MOCVD. The significant difference in the growth of ZnO film on 
r-sapphire substrates and silicon or SiO^ has been used to obtain selective growth of 
ZnO nanotips on patterned SOS substrates [80]. 

The patterning of the SOS substrates was realized by first depositing a thin Si02 
film on the SOS substrate using LPCVD, which serves as a mask for etching the sili- 
con film. Then, a KOH solution and buffered oxide etchant (BOE) were used to 
selectively etch silicon and SiO^, respectively. Figure 6.12 shows a ZnO grown on 
patterned SOS substrate. The ZnO nanotips are only observed on the exposed sili- 
con top (100) surface and the sidewall (111) surface as KOH anisotropically etches 
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Figure 6.12 FESEM image of selective growth of ZnO nanotips grown on a patterned SOS sub- 
strate. (After: [80].) 



(100) Si producing sidewalls oriented along the <11 1> direction. The growth of 
ZnO nanotips on the sidewalls of the silicon islands can be avoided by using dry 
etching methods, such as inductively coupled plasma (TCP) or reactive ion etching 
(RIE), which give a vertical etching profile. Similar selective growth was also 
obtained for patterned amorphous SiO^ deposited on r-sapphire substrates. The as- 
grown ZnO nanotips using MOCVD show n-type conductivity. 

MOCVD growth and in situ n-type Ga-doping of ZnO single-crystal nano- 
tips on fused silica substrates has been reported very recently [81]. ZnO nano- 
tips with different Ga doping levels were grown on fused silica substrates using a 
vertical flow MOGVD system. DEZn, oxygen, and triethylgallium (TEGa) were 
used as the Zn metalorganic source, oxidizer, and Ga metalorganic sources, respec- 
tively. The Ga/Zn mole ratio was altered from 10^ to 10“^ during the Ga-doped 
ZnO film growth. Epitaxial ZnO films were simultaneously grown on (0112) 
r-sapphire substrates to serve as reference samples for doping information of the 
ZnO nanotips. The resistivities of the epi-ZnO films were characterized using the 
four-point probe method. Eigure 6.13(a) shows the measured resistivities of Ga- 
doped epitaxial ZnO films versus Ga/Zn mole ratios, whereas Eigure 6.13(b) shows 
a EESEM image of Ga-doped ZnO nanotips grown on fused silica substrate. 
Eigure 6.13(c) shows the top view of the ZnO nanotips. The diameter of the bottom 
of nanotips is in the range of 40 to 60 nm and the height is -850 nm, giving an aspect 
ratio of -17:1. 

Eigure 6.J^(c) shows a dark field TEM image of the Ga-doped ZnO nanotip 
along the [2110] zone axis. The selected area electron diffraction and the high- 
resolution images are shown in insets (a) and (b), respectively. The electron micros- 
copy confirms the single-crystal quality of the Ga-doped ZnO nanotips. High- 
resolution lattice images show a single-crystalline nanoscale tip. No significant 
structural change between undoped and Ga-doped ZnO nanotips is observed. 
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Figure 6.13 (a) Measured resistivities of Ga-doped epitaxial ZnO films versus Ca/Zn mole ratios, 
(b) FESEM image of Ga-doped ZnO nanotips grown on fused silica substrate, (c) Top view of the 
ZnO nanotips. (After: [81 ].) 




Figure 6.14 (a) Selected area diffraction pattern of a single Ga-doped ZnO nanotip along 
the [21 1 0] zone axis, (b) Image of a single-crystalline tip from high-resolution TEM. (c) Dark field 
TEM image of a single Ga-doped ZnO nanotip. (After: [81].) 
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Under certain growth conditions, ZnO grown on various substrates shows a 
columnar structure with rods ending in tips. Columnar growth is usually considered 
to result from a high growth rate along the c-axis of ZnO. ZnO is a polar semicon- 
ductor, with (0001) planes being Zn terminated and 0001 planes being O termi- 
nated. These two crystallographic planes have opposite polarity and, hence, 
different surface energies. Because the fused silica layer is amorphous, the initial 
ZnO crystals that nucleate on the fused silica surface presumably also do not have a 
specific epitaxial arrangement, resulting in randomly oriented nuclei. A columnar 
structure may result from either competitive blocking of all crystallites (by other 
crystallites) whose c-axis is pointing away from the surface normal, or a preferential 




(a) 




Photon energy (eV) 

(b) 

Figure 6.15 (a) Room temperature PL spectra of undoped and Ca-doped ZnO nanotips, (b) 77K 
PL spectra of undoped and Ga-doped ZnO nanotips. Curve 1 is for the undoped ZnO nanotips 
with a reference resistivity, of 40 x cm, curves 2, 3, and 4 correspond to Ca-doped ZnO nano- 
tips with p,gf of 0.58, 4.0 x 1 0"^ and 3.0 x 1 0"^ Qcm, respectively. (After: [81 ].) 
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orientation of the ZnO nuclei on the relatively flat SiO^ surface once they reach some 
critical size. 

Figure 6.15(a) shows the room temperature PL spectra of undoped and Ga- 
doped ZnO nanotips. Curve 1 is for the undoped ZnO nanotips with a reference 
resistivity, of 40 Qcm; curves 2, 3, and 4 correspond to Ga-doped ZnO nanotips 
with of 0.58, 4.0 X 10“^, and 3.0 X 10“^ Qcm, respectively. It has been reported 
that due to excess exciton impurity and crystalline defect scattering, there exists a 
deep-level emission around 2.4 eV in the undoped ZnO nanowires or whiskers. The 
almost negligible deep-level emission in Figure 6.15(a) suggests good optical quality 
for the Ga-doped ZnO nanotips grown on the amorphous silica substrates. For ZnO 
nanotips, the near band-edge recombination monotonically increases with progres- 
sively increasing Ga doping [curves 1, 2, and 3 in Figure 6.15(a)]. With a further 
increase in the Ga doping level, the peak intensity starts to decrease [curve 4 in Fig- 
ure 6.15(a)]. Note also that half-width broadening can be seen in the spectra when 
is at 4 X 10’^ Qcm or less [curves 3 and 4 in Figure 6.15(a)]. 

Figure 6.15(b) shows the 77K PL spectra of the same set of samples. At 77K, 
undoped ZnO nanotips (curve 1) display a dominant near band-edge emission 
around 3.36 eV, which is slightly lower than the free exciton emission energy near 
3.37 eV and lies in the spectral range of multiple emission lines associated with neu- 
tral donor bound exciton recombination. This near band-edge emission may arise 
from bound exciton emission involving donor-like complexes. Meanwhile, two 
weak shoulders appear on the low-energy tail of the dominant 3.36-eV peak. These 
shoulders disappear gradually with Ga incorporation giving rise to a new emission 
line around 3.35 eV that dominates the spectra. This 3.35-eV emission line shows 
the same trend as the main peak at room temperature in terms of the intensity and 
half-width versus doping. Such doping-related behavior has been reported in low- 
temperature PL spectra of Ga-doped ZnO epitaxial films, where a Ga donor bound 
exciton complex has been proposed to be responsible for the increase of PL intensity 
from Ga doping. Figure 6.15(b) suggests that the 3.35-eV peak could be related to 
the Ga donor in view of its contribution to the near band-edge emission. Therefore, 
at low or moderate Ga doping levels, the increase of PL intensity is primarily caused 
by the increase of the impurity emission presumably due to an increased Ga dopant 
concentration. 

In heavily Ga-doped ZnO nanotips, the competition between the two processes 
(i.e., radiative and nonradiative transitions) becomes prominent. Excess Ga atoms 
can create nonradiative recombination centers, such as impurity complexes likely 
involving native defects, or impurity-assisted nonradiative transition channels, 
resulting in a reduction of the near band-edge luminescence. As the 3.35-eV peak 
follows the same half-width versus doping trend as observed at room temperature, 
the linewidth broadening in Ga-doped ZnO nanotips might result from potential 
fluctuations in the nanostructures that arise from random microscopic distribution 
of the dopants. 

Gonductive-tip atomic force microscopy (G-AFM) is another useful method that 
is used to explore nanoscale electrical characteristics (such as carrier transport) in 
nanoscale materials. Gurrent-voltage (I-V) spectra were taken at room temperature 
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Figure 6.16 Tunneling l-V spectra for both undoped and Ga-doped ZnO nanotips. Curves 1, 2, 
and 3 correspond to the spectra of undoped and Ga-doped ZnO nanotips with of 40 Qcm 
(undoped), 0.58 Qcm (Ga doped), and 4.0 x 10"^ Qcm (Ca doped), respectively. (After: [81].) 



using a JEOL vacuum scanning tunneling microscope/ AFM system that was oper- 
ated in a C-AFM mode. Multiple I-V spectra on different ZnO nanotips as well as 
calibration experiments were performed to ensure reproducibility. Figure 6.16 
shows the tunneling I-V spectra for both undoped and Ga-doped ZnO nanotips. 
Curves 1, 2, and 3 correspond to the spectra of undoped and Ga-doped ZnO nano- 
tips withp^^f of 40 Qcm (undoped), 0.58 Qcm (Ga doped), and 4.0 X 10 * Qcm (Ga 
doped), respectively. The asymmetry in the rising slopes of the conduction and 
valence bands show that the “undoped” ZnO nanotips are intrinsically n-type, in 
agreement with the observations in the as-grown epitaxial ZnO films. Significantly 
steeper rising slopes in I-V spectra are clear in Ga-doped ZnO nanotips (curves 2 
and 3) in comparison with those in the undoped nanotips (curve 1). These confirm 
the conductivity enhancement in ZnO nanotips due to Ga doping. The 
conductivity-tailoring achieved in Ga-doped ZnO nanotips opens up the possibili- 
ties for the fabrication of novel nanoscale devices. 

By introducing a Mg precursor into the reactor, MgxZnl-xO/ZnO MQW 
nanorods were grown on c-sapphire substrates using MOVPE [21]. DEZn, oxygen, 
and bis(cyclopentadienyl)magnesium (GP2Mg) were used as the reactants and the 
Mg precursor, respectively, with the Mg composition controlled through the partial 
pressure and the ZnO well width controlled through growth time. The composi- 
tions of Mg^Zoj ^O were determined by energy dispersive X-ray spectroscopy (EDS) 
and X was approximately 0.2. 

The diameters of the nanorods were in the range of 20 to 70 nm, with 
lengths of 0.5 to 2 jum, and appear to be well aligned vertically from the FESEM 
image [Figure 6.17(a)]. The nanorods were epitaxial with in-plane alignment and 
the c-axis oriented along the substrate normal. Figure 6.17(a) shows FESEM images 
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Figure 6.17 (a) FESEM images of Mgo 2 Zn„gO/ZnO MQW grown on the tips of ZnO nanorods. 
Scale bar: 0.5 /^m. (b) 1 0K PL spectra of Mg„ 2 Zn„ gO/ZnO heterostructure and MQW nanorods. 
(After: [21 ].) 



of Mg^Zrij ^O/ZnO MQW nanorods. Figure 6.17(b) shows the PL spectra of 
Mgg 2 ZnggO/ZnO heterostructure and MQW nanorods measured at lOK. The PL 
peak blue shift is indicated by a decreased well width and is almost negligible at a 
well width of 1 1 nm, exhibiting the quantum confinement effect. Based on the sim- 
ple effective-mass theory, the emission photon energy is given by [22]: 
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where E is the photon energy, is the free exciton energy of bulk ZnO, m/'' and 
are the effective mass of electron and hole, respectively, and / and d are length 
and diameter of ZnO nanowire, respectively. 



Other Growth Techniques 
Catalyst-Assisted MBE 

MBE is a widely used thin-film deposition technique involving the reaction of one or 
more thermal beams of atoms or molecules with a crystalline surface in an ultrahigh 
vacuum (-10 “ Pa). MBE provides for delicate control of atomic -level deposition and 
dopant species. It does not depend on the low vapor pressure of certain metalorganic 
sources [83, 84]. Gas phase MBE was used to grow ZnO nanowires and nanorods. 

Growth of ZnO nanorods on SiOj-terminated Si substrates using catalyst-driven 
MBE has been reported [34, 85]. This nanowire growth was achieved on Ag islands 
coated with SiOj-terminated Si substrates, where 2- to 20-nm-thick Ag is deposited 
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using electron beam evaporation. A Knudsen effusion cell was used for high-purity 
Zn (99.99%), whereas an oxygen/ozone mixture was used as the oxidizer. The 
growth temperatures were reported to be on the order of 300°C to 500°C, with a 
growth rate of about 1 ^m/hr. The growth mechanism is proposed to be the VLS 
mechanism, where Ag acts as the metallic catalyst [26, 29]. 

The diameter of the ZnO nanorods ranges from 15 to 40 nm, with height of 
about 2 ^m. The ZnO nanorods appear to be dense and entangled from the SEM 
picture. The nanorod are single crystal with the c-axis oriented along the long axis 
of the rod indicated by SAD. Similar to other VLS-driven growths, TEM image 
shows the embedded Ag particle at the tip of the rod. A broad green emission at ~2.8 
eV is observed at room temperature PE spectrum [34]. 

Template-Assisted Growth 

Template-assisted growth is a conceptually simple and straightforward way to syn- 
thesize ordered nanowire arrays. It is a versatile technique in terms of the com- 
pounds from which nanowires can be made. In template-assisted growth, a highly 
ordered nanopore array is formed in a host material, followed by chemical or elec- 
trochemical filling of these nanopores using selected materials [62, 86, 87]. Tem- 
plates can be polymetric filtration membranes or nanoporous alumina films that 
contain cylindrical holes with diameters down to 4 nm [88]. 

Eor template-assisted growth, fabrication of a high-quality template is critical. 
The self-assembled nanopores are generated from two processes: (1) pore formation 
determined by the dynamic balance between diffusion-related template growth and 
template dissolution, and (2) pore ordering, which relies on the delicate balance of 
the attractive force and the repulsive force between the pores [44]. 

Anodic alumina membrane (AAM) is a widely used template due to its chemical 
and thermal stability and high mechanical strength. AAM is made by anodization of 
an A1 substrate. The nanopores typically have a diameter of 10 to 200 nm, length up 
to 100 ^m, and a density of 10'“ to 10‘^cm“^. In a three-step template-assisted elec- 
trodeposition process [62], a hexagonal nanopore array was prefabricated by a 




Figure 6.18 TEM image of ZnO nanowire array embedded in AAM. (After: [62].) 
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two-step anodization, then Zn was embedded in the alumina template to form Zn 
nanowires. Oxidation of Zn nanowires leads to ZnO nanowires. The control of 
nanopore diameters depends on the cell temperature, applied voltage, and acid solu- 
tions in the anodization. Figure 6.18 shows a TEM image of ZnO nanowire array 
embedded in AAM. 

Polycrystalline ZnO nanowires with no preferred crystal orientation are formed 
in template-assisted growth. A broad green band emission centered around 515 nm 
dominates the room temperature PL spectrum, which is due to emission from struc- 
tural defects, such as singly ionized oxygen vacancies, in ZnO nanowires. 

T o achieve high crystalline nanowires by means of template-assisted growth, an 
alternative approach is to use the pressure injection technique [44]. However, 
because ZnO has a high melting point, it is unlikely that the conventional pressure 
injection technique is applicable for achieving single-crystal ZnO nanowires from 
the template-assisted growth. 

6.2.3 Summary 

Among various growth techniques for ZnO nanowires, template-assisted growth is 
conceptually the simplest but may have difficulties in producing single-crystal 
nanowires. Solution-based methods are of low cost, but complicated in the growth 
control. So far, VPT is the most widely adopted method, probably due to the sim- 
plicity of the required facilities. VPT is shown to be primarily a high-temperature 
growth process following either the VLS or VS mechanism, depending on the pres- 
ence or absence of a metal catalyst. 

The VLS mechanism has been combined with a wide variety of growth tech- 
niques, including catalyst-assisted MBE. The VLS growth leads to incorporation of 
metallic impurities in the as-grown ZnO nanowires. By carefully controlled growth 
conditions, hierarchically ordered ZnO nanowire arrays have been demonstrated 
using the CVTC method. The VLS-based growth methods require predeposition and 
annealing of a thin layer of metal catalyst (such as An or Ag) on the substrate surface 
to achieve nanowires. Control of the morphology and aspect ratio of the nanowires 
greatly depends on the size (thickness and diameter) of the metallic islands thus 
formed. 

CVD growth, including MOCVD, follows a catalyst-free growth mechanism, 
which is preferred to reduce the impurity incorporation. MOCVD provides much 
faster growth rates and a more uniform and large area deposition; thus, it is suitable 
for industrial applications. The ZnO nanowires/nanorods achieved are very dense 
and well oriented with a preferred c-axis orientation. 

MOCVD and MBE, on the other hand, can provide better control of the compo- 
sition and dopants as compared to CVD and other growth techniques. The growth 
temperatures are low, in the range of 300°C to 500°C, which is compatible with the 
mainstream semiconductor processing technology thus suitable for device integra- 
tion. Energy band tailoring using (Mg,Zn)0/ZnO MQW structures and in situ 
n-type doping has been achieved by MOCVD. Moreover, selective MOCVD growth 
of ZnO nanotips on various substrates, including Si and SOS substrates, has been 
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reported, which offers the integration of ZnO nanotips, ZnO epitaxial films, and Si 
microelectronics onto a single chip, which opens up the possibility of fabrication of 
novel ZnO-based nanoscale devices. 



6.3 Characterizations 

Inventions and advances in various characterization techniques for nanostructures, 
such as scanning probe microscopy (the so-called “eyes of the nano world”), have 
led to visualization of nanostructures down to an atomic scale. Many characteristics 
of the nanostructures, such as structural, optical, and electron transport properties, 
can be examined. 



6.3.1 Structural Characterizations 
SEM 

Because the ID nanostructure is primarily defined by its geometrical size (with 
a diameter of <100 nm), the structure and morphology characterization of 
nanoscale features should play an important role in its physical properties. 
However, in a traditional optical microscope, the spatial resolution is limited 
by the wave nature of light. The Abbe limit regulates the smallest feature size that 
can be resolved to be -0.5/1, which is several orders of magnitude larger than an 
atomic scale. In an electron microscope, on the other hand, the microvolume to be 
analyzed is irradiated with a finely focused electron beam, and an energetic electron 
gives rise to a much shorter de Broglie wavelength than that of visible light. The spe- 
cific emission volume (“penetration teardrop”) determines the achievable image 
resolution (in the nanometer range). Various secondary signals can be produced 
from the electron beam/specimen interaction, including secondary electrons, 
backscattered electrons. Auger electrons, characteristic X-rays, and photons [89]. 
Among these signals, SEM mainly detects secondary electrons and backscattered 
electrons. 

SEM has been commonly used to analyze the general morphology of 
ZnO nanostructures, including various geometrical and structural features, 
such as uniformity, orientation, length and diameter distribution, and spatial 
density. Eigure 6.19 shows an SEM image of ZnO nanotubes grown on Si 
substrates using thermal wet oxidation of Zn-ZnO powders [90]. These nano- 
tubes exhibit lengths of several microns and outer diameters of 30 to 100 
nm. The white arrows in the images indicate the open ends of ZnO nano- 
tubes, revealing that their tubular structures may have round or hexagonal 
morphologies. 

Eigure 6.20 shows SEM images of patterned ZnO nanowires grown on an 
a-sapphire substrate via CVTC [24]. ZnO nanowires originate from the Au-coated 
sapphire region, whereas no growth proceeds on the region where the catalyst is 
absent, indicating a VES-controlled growth. 
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Figure 6.19 SEM images of ZnO nanotubes. White arrows indicate the open ends of nanotubes. 
(After: [90].) 




Figure 6.20 SEM images of patterned ZnO nanowires grown on an Au-coated a-sapphire sub- 
strate via CVTC. (After: [24].) 



TEM 

TEM, including high-resolution TEM (HRTEM), has become a routine and power- 
ful tool to characterize the fine structure of nanomaterials, whereby an atomic scale 
resolution (in the angstrom range) can be provided. By combining TEM with SAED 
patterns, a wealth of information, such as growth direction, defect or dislocation, 
crystallinity, and lattice constants, can be studied. 

Eigure 6.21(a) is an HRTEM image of a ZnO nanowire grown on an a-plane 
sapphire by CVTC. A lattice spacing of 2.56 ± 0.05A between two adjacent ZnO 
planes is observed, confirming that the preferential growth direction for a ZnO 
nanowire is along the c-axis [24]. Eigure 6.21(b) shows an HRTEM image of an 
S-doped ZnO nanowire grown by VPT. The inset is the corresponding SAED pat- 
tern. The white arrow indicates the growth direction along [102], which corre- 
sponds to an adjacent lattice spacing of 1.911A [76]. HRTEM has also been used to 
reveal structural defects and dislocations. Eigure 6.22(a) is an HRTEM image of a 
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Figure 6.21 (a) HRTEM image of a ZnO nanowire showing its [0001] growth direction. {After: 

[68].) (b) HRTEM image of an S-doped ZnO nanowire grown by VPT. The inset is the correspond- 
ing SAED pattern. The white arrow indicates the growth direction along [102]. (After: [76].) 




(a) (b) 



Figure 6.22 (a) HRTEM image of a pseudotwin plane in a dendrite ZnO nanowire. The white 
arrows label the stacking faults, (b) Core shell structure of ZnO nanowires. (After: [56].) 



pseudotwin plane in a dendrite ZnO nanowire. The white arrows label the stacking 
faults [56]. The dendrite ZnO nanowires were prepared by evaporating metal zinc 
onto thermally oxidized Si substrates. The revealed multitwinned feature is associ- 
ated with the formation of multiple twinned particles (MTPs) due to minimized sur- 
face energies. MTPs are usually present in the preparation of fine crystalline 
particles (such as Si and Ge) by gas evaporation. Based on the TEM observation, the 
initial nucleation centers have been attributed to the MTPs, where the observed 
staking faults were incorporated to accommodate lattice packing mismatch or to 
release lattice strain. 

Another example is the observation of fine surface structures through 
TEM [56, 91]. Eigure 6.22(b) shows the core shell structure of ZnO nanowires. A 
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thin amorphous shell with a thickness of ~4 nm is present beside a single-crystalline 
ZnO nanowire core. The amorphous shell could consist of zinc oxide as determined 
by EDS [56], 

During the last decade, more advanced imaging tools have been developed, for 
example, scanning transmission electron microscopy (STEM) and in situ TEM. 
STEM images obtained from a high-angle annular dark field (HAADE) detector 
originate from incoherent scattering, which follows 7} dependence (Z is the atomic 
number) of the Rutherford scattering cross section, giving rise to the Z-contrast 
imaging. The Z-contrast TEM technique has been used to visualize the composi- 
tional variation in ZnO/(Mg, Zn)0 MQW nanorods [21]. In situ TEM allows for 
the investigation of nanowire growth at the initial stage [36]. 

XRD 

Similar to the characterization of bulk and epitaxial films, XRD and X-ray EDS are 
commonly used in the characterization of ZnO nanowires for structure and compo- 
sition analysis. The XRD patterns provide information on crystallinity and pre- 
ferred growth direction of the ZnO nanowires. Another application of XRD, when 
combined with the SEM technique, is to show the alignment of the nanowire array. 
EDS has been used to check the impurity content (such as doping level and residue of 
metal catalyst in a VES growth [70, 78]), component incorporation [e.g.. Mg com- 
position in (Mg, Zn) O nanorods] [21, 85], and stoichiometry of ZnO nanowire. 
However, due to a much shorter X-ray wavelength compared with the size of the 
nanowire, the scattering effect and thus spectrum broadening may not be ignored. 

Scanning Probe Microscopy 

The scanning tunneling microscope (STM) was developed in the early 1980s [92]. In 
STM, the sample is probed by a very sharp tip. Unlike a conventional diffraction- 
limited far-field technique, STM operates in the near field and is sensitive to the 
variation of the tip-sample separation. The electron tunneling mechanism is used to 
control the distance between sample and tip, where the tunneling current depends 
exponentially on the tip-sample separation. Therefore, it is capable of an atomic 
scale resolution (~0.1 nm). The invention of STM has inspired the development of a 
wide variety of scanning probe microscopy (SPM) techniques, for example, AEM, 
magnetic force microscopy (MEM), electric field gradient microscopy (EEM), and 
near-field scanning optical microscopy (NSOM). Table 6.3 summarizes properties 
of various scanning probe techniques [88]. 

Because of its high resolution, SPM has been employed to study the surface 
reconstruction of nanowires [93]. AEM imaging has shown ZnO growth on a-plane 
sapphire at the very initial stage under different growth conditions using MOVPE, 
including various substrate temperatures and gas flow rates [22]. It was found that a 
low temperature (<700°C) is preferred for three-dimensional nucleation toward the 
growth of ZnO nanorods, whereas two-dimensional layer-by-layer growth occurs at 
a high growth temperatures (~900°C). At high growth temperatures, the deposited 
species have sufficient diffusion lengths to migrate along the substrate surface. 
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Table 6.3 


Properties of Scanning Probe Microscopy 


Technique 


Mode 


Property 


AFM 


nc/ie, mech, phase/amp 


vdW interaction, topography 


EFM 


nc, mech, phase/amp 


Electrostatic force 


MFM 


nc, mech, phase/amp 


Magnetic force, current flow 


SSPM, KPM nc, elec, first harmonic 


Potential, work function, adsorbate enthalpy/entropy 


SCM 


c, F, cap sensor 


Capacitance, relative dopant density 


SCFM 


c, F, third harmonic 


dC/dV, dopant profile 


SSRM 


c, F, dc current 


Resistivity, relative dopant density 


SGM 


nc, elec, amp 


Current flow, local band energy, contact potential variation 


SIM 


nc, elec, phase/amp 


Interface potential, capacitance, time constant, local band 
energy, potential, current flow (in combination with SSPM) 


NIM 


c, F, freq spectrum 


Interface potential, capacitance, time constant, quantitative 
dopant profiling 


PFM 


c, elec, amp 


433 


NPFM 


c, elec, second harmonic 


Switching dynamics (relaxation time and domain nucleation) 


SNDM 


c, F, first or third harmonic 


dCldV, dielectric constant 


SMM 


c, F, phase 


Microwave losses, 433 


Source: 188]. 







Note: mode: c = contrast, nc = noncontact, ic = intermittent contact, mere = cantilever is driven by a mechanical oscillation, elec = cantilever is 
driven of responds to an oscillating electrical signal, F = constant force feedback, phase = detection or feedback on phase, amp = detection of 
amplitude at preset frequency. 



giving rise to a successive atomic crystal plane and resulting in epitaxial growth. At 
low growth temperature, each deposited atom remains at its initial position, form- 
ing uniformly distributed small islands on the substrate surface, which act as the 
nuclei for nanowire growth. The tunneling current in ZnO nanotips was measured 
using C-AFM [81]. The asymmetry in the rising slopes of the conduction band and 
valence band proves that the undoped ZnO nanotips are intrinsically n-type, and 
conductivity tailoring is achieved in Ga-doped ZnO nanotips, from semiconductor 
to semimetal. 



6.3.2 Optical Characterizations 
PL 

PL spectroscopy provides a simple, nondestructive, and sensitive way to character- 
ize the optical properties of ID ZnO nanostructures. It does not require the fabrica- 
tion of nanoscale metal contacts. The spatial resolution of the PL spectrum is 
defined by the diffraction limit of the excitation source. In combination with near- 
field optics techniques, such as fiber probes and NSOM, a subwavelength resolution 
can be achieved [94]. On using an optical cryostat and an ultrafast laser source, 
temperature-dependent (down to 4.2K or lower) emission and its temporal relaxa- 
tion behavior (in the picosecond range) can be studied. PL is also a powerful tool for 
characterizing the quantum confinement effect in nanowires because of the large 
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Figure 6.23 (a) PL spectrum of ZnO nanorods grown on c-sapphire by MOVPE at 1 0K. Inset shows the 
detailed peaks, (b) Temperature-dependent PL spectra of the same sample. (After: [95].) 

electron-hole oscillator strength near the singularity in the joint density of states. As 
an example, a QW width-dependent PL peak blue shift was recently reported in 
ZnO/(Mg, Zn)0 nanorods measured at lOK [21]. 

ZnO nanowires exhibit good optical properties [95]. Figure 6.23(a) shows a PL 
spectrum of ZnO nanorods grown by MOVPE at lOK. The near band-edge emission 
consists of four peaks at 3.359, 3.360, 3.364, and 3.376 eV with a FWHM of 1-3 
meV, respectively. The PL peak at 3.376 eV is due to free exciton transition. The 
peaks at 3.359-3.364 eV, which have slight lower energies than that of free exciton 
emission, are attributed to neutral-donor bound exciton peaks. The free exciton 
emission has a FWHM of 3 meV at lOK, comparable to that of high-quality epitax- 
ial thin films and bulk single crystals. On the other hand, the deep-level emission 
centered at 2.28 eV, which is related to structural defects or impurities, is extremely 
weak. The sharp excitonic emission and very weak deep-level emission peaks indi- 
cate that the ZnO nanorods are of high optical quality. It is known that at very low 
temperature, free excitons are easily localized or bound by impurities and intrinsic 
defects and thus form bound excitons. The presence of the free exciton peak suggests 
that the nanorods have low defect concentration, which could result from the 
catalyst-free MOCVD growth. Shown in Figure 6.23(b) are the temperature- 
dependent PL spectra. The free exciton peak at 3.376 eV increases with increasing 
temperature from 10 to 25K but the intensities of the bound exciton peaks at 3.364, 
3.360, and 3.359 eV decrease. This is due to thermal ionization of bound excitons 
into free excitons. 

Temperature-dependent PL spectra of ZnO nanowires grown on sapphire and 
Si substrates by an Au catalytic VPT process were investigated [96]. Figure 6.24 
shows the 80K PL spectra of ZnO nanowires grown on Si substrates. The dominant 
transition is related to a donor-bound exciton. A second intense peak, which is 
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Figure 6.24 80K PL spectra of ZnO nanowires grown on Si substrates by an Au-assisted VPT 
process. (After: [96].) 



labeled as £„, is attributed to a free-to-bound transition. Up to three longitudinal 
optical (LO) -phonon replicas of the Ey^ transition were observed. The energy sepa- 
ration between the free A exciton and £„ is about 60 meV at 80K, and this energy 
separation decreases with increasing temperature. ZnO nanowires grown on sap- 
phire and Si substrates show a similar spectrum, except that the free A exciton is 
stronger in the sample grown on Si substrates, indicating a low background doping 
concentration. The £„ transition has a similar temperature-dependent characteris- 
tic to the free-to-bound transition and thus is identified as a free-to-bound transi- 
tion. The bound state has a binding energy of 124 meV. This free-to-bound 
transition also contributes to room temperature UV emission. 

The time-resolved PL spectrum of ZnO nanowires grown on a-sapphire by an 
Au catalytic CVTC process was also measured [24]. The relaxation process of the 
radiative recombination in ZnO nanowires consists of a fast component (70 ps) and 
a slow component (350 ps), compared to 200 ps in ZnO thin films. It is known that 
defects and impurities, for example, zinc vacancy complexes [97], lead to electron 
or hole traps that generate nonradiative recombination channels, resulting in a 
reduced luminescence lifetime. The long lifetime obtained thus shows the high crys- 
tal quality of ZnO nanowires. 

Raman Spectrum 

Raman spectroscopy is a useful tool to characterize many properties (such as crys- 
tallinity, strain, and oxygen vacancy) of ZnO bulk and epitaxial materials [98-100]. 
It is based on the Raman scattering process that corresponds to the interaction 
between incident photons and the optical modes of lattice vibration. Wurtzite ZnO 
belongs to the space group C6v‘* with two formula units per primitive cell, giving 
rise to Raman-active phonon modes of (low), (high), Aj EO, A, transverse opti- 
cal (TO), Ej (EO), and Ej (TO). The zone center optical phonons are Aj -i- 2E^ + £, 
[98]. Compared to bulk ZnO, the decreased dimensions of ZnO nanowires lead to 
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Figure 6.25 Raman spectrum of ZnO nanowires at room temperature. (After: [70].) 



spatially confined phonons, giving rise to the phonon quantum confinement effect. 
Characteristics of phonon confinement could be [44]: (1) frequency downshift and 
Raman lineshape broadening, whereas structure defects and residual stress could 
also contribute to the phonon linewidth broadening; and (2) generation of new fea- 
tures absent in the corresponding bulk spectra. Figure 6.25 shows a typical Raman 
spectrum of ZnO nanowires with a mean diameter of 149 nm [70]. 

Four major bands, centered at 577, 1,152, 1,734, and 2,319 cm ', with 
linewidths of 30, 46, 55, and 53 cm ', are attributed to the Raman LO-phonon scat- 
tering and its overtones, respectively. The Lorentzian curve fitting results show that 
the first-order LO mode consists mostly of the Ajmode, which has been observed in 
ZnO nanoparticles but not in bulk ZnO, suggesting that the ZnO nanowires exhibit 
the phonon quantum confinement effect. The multiphonon linewidth broadening 
can be also attributed to phonon quantum confinement in the ZnO nanowires. 

Nonlinear Optical Properties 

ZnO has a hexagonal crystal structure. Lack of inversion symmetry leads to nontriv- 
ial physical parameters represented by a third-order tensor, for example, to char- 
acterize second-harmonic generation (SHG). The nonlinear optical effect in ZnO 
has been the subject of many recent studies because of its large second-order non- 
linearity, high polarization selectivity (-100%), and ultrafast temporal response (on 
the order of tens of femtoseconds). In addition, nonresonant SHG is mostly wave- 
length independent > 400 nm), which is in the transparent region of ZnO. 
These can be utilized to fabricate broad bandwidth photonic devices, such as fre- 
quency converters and high-speed optical switches. In particular, the nonlinear opti- 
cal response is shown enhanced in ZnO nanowires [101]. ZnO nanowires have a 
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large effective second-order susceptibility (>5.5 pmA^), which is larger than 2.0 
pm/V oi fi-barium borate (BBO), a commonly used frequency-doubling crystal, and 
the measured SHG has a large polarization dependence (>90%). Due to the dra- 
matically increased surface area, surface effect plays an important role in the nonlin- 
ear optical process of ZnO nanowires, and consists of contribution from the 
bulk and the surface. It was found that as the nanowire diameter is decreased, the 
ratio of decreased, where z is along the longitudinal axis of ZnO 

nanowire, and x is perpendicular to the longitudinal axis, which is the direction 
confined by the ID nanowire. This is because the contribution of the surface effect 
iXsarhJ^'') is enhanced compared to the bulk as well as the surface effect having 

a larger contribution to than to 



6.4 Device Applications 

6.4.1 Optical Devices 

Nanowire Laser 

UV laser sources are of strong research interest because of their broad applications, 
including nonline-of-sight covert communication, bioagent detection, high-density 
optical storage, and UV photonics. ZnO has a high exciton binding energy of 60 
meV, much greater than the thermal energy at room temperature (26 meV). Thus 
the exciton in ZnO could be stable even at room temperature, which facilitates effi- 
cient excitonic recombination. Nanowire UV lasers and laser arrays could serve as 
miniaturized light sources for optical interconnections, quantum computing, the 
microanalysis for biochemical and environmental applications toward the integra- 
tion of “lab-on-a-chip.” So far, p-type doping in ZnO thin films has been 
reported [3, 4]. However, it is still a technical challenge to achieve reliable and 
device quality p-type ZnO materials. 

Optically pumped ZnO nanowire laser arrays as well as single ZnO nanowire 
lasers have been demonstrated [24, 72, 102]. The nanowire array was grown on an 
Au-patterned a-sapphire substrate via a VLS growth mechanism. By proper control 
the growth conditions, ZnO nanowires with a high area density of 10'“ cm“^ are 
achieved. The nanowires have diameters of 20 to 150 nm and lengths up to 40 ^m. 
The samples are directly pumped by the fourth harmonic of an Nd:YAG laser at 
room temperature. Light emission was collected along the c-axis of the nanowire. 
Figure 6.26(a) is the emission spectra from ZnO nanowire array below and above 
the lasing threshold. 

Surface-emitting lasing was observed at 385 nm, with a FWHM of less than 0.3 
nm, much narrower than that of spontaneous emission pumped by a He-Gd laser. 
The nanolaser has a low lasing threshold of -40 kWcm^^, which is one order lower 
than that of bulk and epitaxial ZnO thin films (-240 kWcm^^) [103]. The low lasing 
threshold is presumably due to an enhanced photon and carrier confinement in the 
ZnO nanowires, where single-crystalline and well-facetted nanowires function as 
self-contained optical resonance cavities. The effective coupling between nanowires 
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Figure 6.26 (a) Emission spectra from ZnO nanowire array below and above the lasing threshold. 
(After: [24].) (b) Far-field optical image of spatially resolved light emission from the comb structural 
nanowire array. (After: [72].) 



could also contribute to the lowering of the threshold. The adjacent lasing mode 
spacing for the nanolaser array is determined by: 

V p =c/2nL 

where c is the speed of light, n is the refractive index, and L is the resonance 
cavity length. The possible lasing mechanism due to the amplified stimulated 
emission based on closed-loop random scattering was precluded by measuring 
the lasing spectrum from a sparsely distributed nanowire with average spacing of 2 
to 3 ^m. 

The single nanowire lasing behavior is further proved by using NSOM 
[102]. The nanowire was removed by sonication in an alcohol solvent and dispersed 
onto a quartz substrate. The emitted light was collected by the fiber probe of an 
NSOM. The emission spectrum shows that the single nanowire serves as an active 
Fabry-Perot optical cavity. 

Another configuration is the comb structural nanowire array. The growth of 
dendrite ZnO nanowire array was described earlier. Figure 6.26(b) shows the far- 
field optical image of spatially resolved light emission from the comb structural 
nanowire array. Far-field optical image shows the spatially resolved light emission 
from the comb structural nanowire array, as well as from individual nanowire [72]. 
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Nanowire Photodetector 

ZnO is suitable for an UV photodetector because of its direct wide bandgap and 
large photoconductivity. ZnO epitaxial film-based photoconductive and Schottky- 
type UV photodetectors have been demonstrated [104, 105]. More than 4 orders in 
magnitude of a UV-visible rejection ratio has been achieved. 

Large photoconductivity of a single ZnO nanowire has been reported [106]. 
The ZnO nano wires with diameters ranging from 50 to 300 nm were dispersed on 
prefabricated gold electrodes. Electrical resistivities without and with UV light irra- 
diation were measured in a four-terminal configuration. The conductivity of ZnO 
nanowire under UV irradiation increases by 4 to 6 orders of magnitude compared 
with the dark current with a response time in the order of seconds. The photore- 
sponse has a cutoff wavelength of -370 nm. 

It is known that the photoresponse of ZnO consists of two parts: a fast response 
due to reversible solid-state processes, such as intrinsic interband transition, and a 
slow response mainly due to the oxygen adsorption-photodesorption and defect- 
related recombination processes [107-110]. A two-step process gives rise to the 
slow photoconductivity: ( 1 ) oxygen adsorption on the surface states without light 
incident as a negatively charged ion by capturing a free electron: 

O 2 + e O 2 

and (2) photodesorption of by capturing a photogenerated hole: 

h^ -l- O2 O2 

Therefore, the photogenerated electrons increase the conductivity. The slow 
process can be suppressed by reducing the trap density and background carrier con- 
centration. ZnO nanowires also show a reversible switching behavior between dark 
conductivity and photoconductivity when the UV lamp is turned on and off. These 
suggest that ZnO nanowires are good candidates for optoelectronic switches. 



6.4.2 Electronic Devices 

Field Emission Devices 

Field emission sources are widely used in flat-panel displays. In thermionic elec- 
tronic emission, electrons are emitted from a heated filament. Field emission is a 
cold-cathode emission, in which electrons are emitted from a conductor into vac- 
uum through its surface barrier under the applied electric field even at room tem- 
perature. Compared with thermionic emission, field emission has the advantages of 
less thermal shift, low energy spread, and low operating voltage. Traditional field 
emission devices (FEDs) require complicated fabrication processes. An ideal field 
emitter should be highly conductive, very sharp at the tip end, robust, and easy to 
fabricate. ZnO has a high melting point, low emission barrier, and high saturation 
velocity. Furthermore, ZnO is more resistant to radiation damage than Si, GaAs, 
and GaN, preferred for long-term stability for the field emitters in the high electrical 
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field. As a widely studied transparent conductive oxide [111], ZnO can be made 
both highly conductive and optically transparent from the visible to near-UV range 
through proper doping. These properties make ZnO nanotips a promising candidate 
for FEDs. 

The field emission properties of ZnO nanowires were first studied by C. J. Lee’s 
group in 2002 [112]. In their work, ZnO nanowires were grown on Si substrate 
using a metal vapor deposition method. Before growth, nanoscale Co particles 
(average diameter ~6-8 nm) were distributed onto Si substrate as the catalyst. The 
average length and typical diameter of the ZnO nanowires grown at 550 °C were 
13 ^m and 50 nm, respectively. ZnO nanowires grown at higher temperatures 
showed larger heights and diameters. XRD, HRTEM, and electron diffraction char- 
acterization proved the single crystallinity of the ZnO nanowires. Field emission 
properties of the as-grown ZnO nanowires were characterized in a vacuum chamber 
(2 X 10'^ Torr) at room temperature. 

Figure 6.27 shows the relationship between emission current density and electric 
field. The turn-on voltage was found to be about 6.0 V/^m at current density of 0.1 
fj. Aleva . The emission current density is ~1 mA/cm^ at an applied field of about 11.0 
Vlfiva. The inset of Figure 6.27 is the Fowler-Nordheim (FN) plot, from which the 
field enhancement factor /S is calculated to be 847. These figures of merit are inferior 
to those of carbon nanotube field emitters, which may be due to the flatness of the 
nanowire tops. 

ZnO nanoneedle arrays with sharp-tips show improved field emission perform- 
ance [113]. The nanoneedles were grown via selenium-assisted vapor phase deposi- 
tion. The height and diameter of the nanoneedles were about 3 ^m and 100 nm, 
respectively. Figure 6.28(a) shows the TEM image of the ZnO nanoneedles. The 
sharpness of the nanotip is highlighted in the inset. Figure 6.28(b) shows the field 
emission I-V curves of the ZnO nanoneedles, which were measured in a vacuum 
chamber with a pressure of less than 3 X 10'^ Pa. The turn-on field was found to be 
about 2.4 V/^m. The emission current density can reach 2.4 mA/cm^ at an applied 




Figure 6.27 Emission current density from ZnO nanowires grown on silicon substrate at 550°C. 
The inset reveals that the field emission follows FN behavior. (After: [1 1 2].) 
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E (V/fim) 

(b) 

Figure 6.28 (a) TEM image of the ZnO nanoneedles. We can see that the needles have a tiny tip 
of several nanometers. The inset is the boundary contour of a nanoneedle with a tip size as small 
as 7 nm. The initial-half angle is around 4°, which reveals that the nanoneedles have excellent con- 
figuration for field emission applications. {After: [1 1 3].) (b) Field emission l-V curve from the ZnO 
nanoneedle arrays at working distance of 510/^m. The emission current density can be as high as 
2.4 mA/cm^ at the field of 7 V/^m, and the turn-on field of our sample is about 2.4 Ml/xm. The 
inset depicts the FN plot, which indicates that the emission satisfies the FN mechanism by showing 
linear dependence. (After: [1 1 3].) 



field of about 7.0 V/jum. The field enhancement factor /S is calculated to be about 
2.3 X 10*^ at 3.8 kV by curve-fitting the FN plot in the inset of Figure 6.28(b). These 
parameters are comparable to those of carbon nanotube field emitters. It was specu- 
lated that introducing Se into the growth process leads to the sharpness of the ZnO 
nanoneedle, and thus improves the quality of the field emitters. The field emission 
property of single nanowires was also reported [114]. ZnO nanowires were formed 
on tungsten substrates using a vapor transport method. Gold served as the catalyst 
during the growth. The lengths of the nanowires are several tens of microns, and 
their diameters range from 25 to 200 nm. Measurement of the I-V current for an 
individual ZnO nanowire was carried out under a vacuum of 5 X 10 * Torr using a 
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movable Faraday cup. Emission currents fluctuate as a function of time at both 
room temperature and 750°C. 

Field Effect Transistor 

A field effect transistor (FET) based on a single ZnO nanobelt has been 
reported [115]. ZnO nanobelts with thickness of 10 to 30 nm were synthesized by 
thermal evaporation of ZnO powders in an alumina tube. A gold electrode array 
was deposited on a SiO^/P-i- Si substrate. A 120-nm SiO^ layer acted as the gate oxide 
layer. The as-grown nanobelts were dispersed in ethanol by ultrasonication, then 
dried onto prefabricated gold electrode arrays, with varying gaps from 100 nm to 6 
^m. The back gate electrode was fabricated by evaporation of gold on P* Si side of 
the substrate. A ZnO nanobelt FET has showed a high threshold voltage of -15V, 
which is due to the high resistive contact resulting from simply depositing the ZnO 
nanobelt on top of the gold electrodes. It has a switching ratio of nearly 100 and a 
peak conductivity of 1.25 X 10-3 (£2-cm) '. It also shows UV sensitivity. 
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7.1 Introduction 

7.1.1 Antimony 

Antimony (Sb) is a semimetal and has an atomic number of 51 and atomic weight of 
121.760. It is located in group 15 (V-A) and period 5 in the chemical periodic table. 
Antimony is solid at room temperature and standard state. In its elemental form it is 
a silvery white, brittle crystalline solid. It is not acted on by air at room temperature, 
but burns brilliantly when heated and forms white fumes. It is a poor conductor of 
heat and electricity. The physical data for antimony are summarized in Table 7.1. 

Antimony has been known and used since ancient times. The name antimony 
comes from the Greek words anti + monos, meaning “not alone,” because it is often 
found in ores such as stibnite and valentines. The origin of the symbol Sb comes 
from the Latin word stibium, meaning “mark.” 

Upon heating, antimony reacts with oxygen in air to form the trioxide anti- 
mony(III) oxide, Sb^Oj: 



4Sb(s) + 30 2 (g) 2Sb jO 3 (s) 

At red heat, antimony reacts with water to form the trioxide antimony(III) 
oxide, Sb^Oj. Antimony reacts more slowly at ambient temperatures. 

2Sb(s)-t3H20(g)^2Sb203(s) + 3H2(g) 

Antimony reacts under controlled conditions with the halogens fluorine (F^), 
chlorine (Cl^), bromine (BrJ, and iodine (I^) to form the respective trihalides anti- 
mony(III) fluoride (SbFj), antimony(III) chloride (SbCl 3 ), antimony(III) bromide 
(SbBrj), and antimony(III) iodide (Sbl 3 ): 

2Sb(s) + 3 F 2 (g) 2SbF3 (s) 

2Sb(s)-l- 3 Cl 2 (g) 2 SbCl 3 (s) 
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Table 7.1 


Summary of Physical Data for Antimony 




Symbol 


Sb 




Atomic number 


51 




Atomic weight 


121.760 amu 


Steric 


Atomic radius 


I. 53 A 




Ionic radius 


0.76A 




Covalent radius 


1.40 A 




Atomic volume 


18.23 cm^mol 




Density (293K) 


6.684 g/cm^ 




Crystal structure 


Rhombohedral 


Electronic 


Shells 


2,8,18,18,5 




Orbitals 


[Kr] 4d“ 5s" 5p" 




Electronegativity 


1.8, 1.9 




Oxidation states 


5, 3, -3 




Electrical resistivity 


4 X 1 0 " Qm 


Thermal 


Melting point 


630.74°C 




Boiling point 


1,587°C 




Specific heat 


0.21 J/g K 




Heat of fusion 


19.870 kj/mol 




Heat of vaporization 


77.140 kJ/mol 




Thermal conductivity 


0.243 W/cm K 



2Sb(s) -I- (g) ^ ISbBij (s) 

2Sb(s) -I- 312 (g) 2Sbl3(s) 

Antimony is alloyed with lead to increase lead’s durability. Antimony alloys are 
also used in batteries, low-friction metals, type metal, and cable sheathing, among 
other products. Antimony compounds are used to make flame-proofing materials, 
paints, ceramic enamels, glass, and pottery. Some over-the-counter cold and flu 
remedies use antimony compounds. One of the most important applications of anti- 
mony is in semiconductor technology for making infrared detectors, diodes, and 
Hall effect devices. 

7.1.2 Sb-Based lll-V Semiconductor Alloys 

When antimony combines with group III, it forms III-V binary compounds such as 
InSb, GaSb, and AlSb. Table 7.2 lists the fundamental physical parameters of these 
Ill-Sb binaries as well as several others such as GaAs, InAs, and InP at 300K. These 
binary compounds are the basis for more complex Sb-based ternary or quaternary 
compounds. 

When one additional element is added into a binary compound and distributed 
randomly in the crystal lattice, IIIj JII^V or IIIVyVj_y ternary alloys can be formed, 
where x and y are indices with values between 0 and 1. The lattice parameter and the 
bandgap energy of the alloy can be modified by varying the value of x. 
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Table 7.2 Physical Properties of Some lll-V Binary Compounds at 300K 





InSb 


GaSb 


AlSb 


InAs 


GaAs 


InP 


Lattice parameter (A) 


6.47937 


6.09593 


6.1335 


6.0584 


5.65321 


5.86875 


Bandgap energy (eV) 


0.17 


0.73 


1.58 


0.36 


1.424 


1.35 


Refractive index 


4.0 


3.820 


3.4 


3.520 


3.655 


3.450 


Effective mass: {m Jm^ 


0.0145 


0.044 


0.39 


0.022 


0.065 


0.078 


Effective mass: 


0.44 


0.33 


0.5 


0.41 


0.45 


0.8 


Effective mass: 


0.016 


0.056 


0.11 


0.025 


0.082 


0.012 


Dielectric constant (e/£„) 


17.7 


15.7 


14.4 


14.6 


13.1 


0.012 


Electron affinity x (eV) 


4.69 


4.03 


3.64 


4.45 


4.5 


12.4 



The bandgap energy E^{x) of a ternary compound varies with the composition x 
as follows: 



E^(x)= E^(0)+bx + cx^ (7.1) 

where £^(0) is the bandgap energy of the lower bandgap binary compound and c is 
called tbe bowing parameter. Bowing parameter c can be theoretically deter- 
mined [1]. The compositional dependence of the bandgap energy of Sb-based ter- 
naries at 300K is given in Table 7.3 [2]. 

The lattice parameter a of ternary compounds obeys Vegard’s law. According to 
Vegard’s law the lattice parameter of the ternary alloys can be expressed as follows: 

^dloy = +(1- (7-2) 

where and are the lattice constants of the binary alloys A and B. 

Similarly, Sb-based quaternary compounds can be formed when antimony and 
three other group III or group V elements are distributed uniformly in the crystal lat- 
tice. Compared with ternary compounds, quaternary compounds have the freedom 
to adjust the lattice constant and the bandgap energy independently by varying the 
composition. So it’s possible to obtain the desired bandgap energy and still maintain 
the lattice match to the substrate. 



Table 7.3 Compositional Dependence of the 
Bandgap Energy of Sb-Based Ternary Solid Solu- 
tions at 300K 

Ternary Direct Bandgap Energy (eV) 



AhGai_^Sb 
AHn, ^Sb 
Ga3nj_^Sb 
GaAs,Sbj_, 
InAs^Sb,_^ 

Source: [ 2 ]. 



E^[x) = 0.726 + 1.139X + 0.368x" 
E^[x) = 0.172 + 1.621x + 0A3x~ 
EJ^x) = 0.172 + 0.139X + 0.145x" 
E^(x) = 0.726 - 0.502x + 1.2x 
E^(x) = 0.18-0Alx + 0.5Sx^ 
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Ilegems and Panish [3] calculated quaternary phase diagrams by decomposing 
the solid into ternary alloys: ABC, ACD, ABD, and BCD (where A and B are group 
III elements and C and D are group V elements). Jordan and Ilegems [4] obtained 
equivalent formulations by considering the solid as a mixture of binary alloys: AC, 
AD, BC, and BD. Assuming a linear dependence of lattice parameter on the compo- 
sition of the binaries, the lattice parameter of the alloy A^Bj ^C^D,^ can be expressed 
as: 



^ Axi,\-xCy\n-y xju + x{\ + {\ x)yflgj,-l-(l :v)(l y)Agjj (7.3) 

Similarly, if bowing parameter c is neglected, the bandgap energy can be 
approximated from the binaries by assuming a linear dependence on the composi- 
tion: 

f^jA^Bl-a:CyDl-y ~ AC ^ “ 7 ) ^ AD (l “ BC (l ~ ^)( 1 ~ ^ BD (7.4) 

The Sb-based quaternary V-III alloys that can be used for multiplayer het- 
erostructures are listed in Table 7.4 together with the binary compounds to which 
they are lattice matched. 

7.1.3 Bulk Single-Crystal Growth 

Most of the Sb-based semiconductor materials are grown on substrates such as InP, 
GaAs, In As, GaSb, or InSb. The substrate is made entirely of a single material and 
one crucial feature of the substrate is that it is one single crystal across its entirety 
without grain boundaries. For the single-crystal growth of IITV compounds, several 
methods have been developed, among which the Czochralski, Bridgman, and verti- 
cal gradient freeze methods are most popularly used. 

7.1.4 Applications 

Techniques for IR detection and emission have advanced a long way since IR radia- 
tion was first discovered by William Herschel in 1800. Because objects at 



Table 7.4 Binary to Sb-Based Quaternary lll-V Lattice- 
Matched System 



Quaternary 


Lattice-Matched Binary 


Wavelength (m) 


Al^Ga,_As,Sbj_j 


InP 


1 


AhGai_As,Sbi_j 


InAs 


3 


AhGaj_As,Sbj_, 


GaSb 


1.7 


Gadnj_^P^Sb,_y 


InP, GaSb, AlSb 


2 


Ga4nj_^ASjSbj_j 


InP, InAs, GaSb 


1. 6-4.1 


In(PAs,_J,Sb,_, 


AlSb, GaSb, InAs 


2-4 


(AhGa._JJn,_^Sb 


AlSb 


1. 1-2.1 



Source: [ 1 , 5 ]. 



Transmittance (percent) 
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temperatures between 0 and 1,000°C emit most of their energy as radiation with an 
infrared wavelength of 1< A < 20 ^m and the atmosphere has a transmission window 
in the 3- to 5-^m (MWIR) and 8- to 14-^m (LWIR) regions (Figure 7.1), IR detec- 
tors and lasers at these wavelength are of great importance for various applications. 
On the other hand, the 5- to 8-^m region also has applications in the proximity 
fuzes where high atmospheric absorption is important to detect only those targets in 
proximity. IR detectors in the very long wavelength range (VLWIR) have applica- 
tions such as space-based astronomy and early detection of long-range missiles. 

HgCdTe (MCT) is a well-established material system that has been the domi- 
nant system for MWIR and LWIR photodetectors. However, MCT suffers from 
instability and nonuniformity problems over a larger area due to the high Hg vapor 
pressure. This has intensified the search for an alternative IR material system. Sb- 
based materials including Ill-Sb binary and its ternary and quaternary alloys are 
suitable candidates for applications in the IR range. Figure 7.2 shows the bandgap 
versus lattice constant diagram of III-V alloys. InSb has a bandgap energy of 0.18 eV 
at room temperature and 0.23 eV at 77K, enabling it to cover the entire MWIR 
region up to 5.5 ^m. For longer wavelengths, arsenic can be added into InSb to form 
InAsSb, which shows reduced bandgap energy. As an alternative to the InAsSb sys- 
tem, InTlSb is also a potential material for 2 > 8 ^m detectors. Besides adding As or 
T1 to an InSb lattice, it is also possible to substitute Bi. As a result, a rapid reduction 
of the bandgap is expected. However, the large miscibility gap limits T1 and Bi 
incorporation to high composition and thus further reduction of bandgap. To 
exceed the limitations imposed by the miscibility gap, arsenic can be added to 



|J^ear infrare d M iddle infrared 



Far infrared 



•I 




1 trl ‘ > I Ll 1 I LJ L 

o ' — • ' H,0 CO, o, H,o coTTL H,0 CO, co7 

'-'2 H2O COj 2232 23 22 2 

Absorbing molecule 



Figure 7.1 Transmittance of the atmosphere for a 6,000-ft horizontal path at sea level. 
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5.2 5.4 5.6 5.8 6.0 6.2 6.4 6.6 

Lattice constant 

Figure 7.2 The bandgap versus lattice constant diagram of lll-V alloys. 



InTlSb to form a quaternary material with an extended photoresponse cutoff 
wavelength. 

The development of a laser source for the MWIR (3- to 5-^m) region has been 
particularly difficult because of lack of suitable high-quality heterostructure semi- 
conductor materials. InAsSb/InAsSbP is one of the new material systems that has a 
good carrier and optical confinement with good lattice matching, which make it 
very promising for laser diode fabrication. Double heterostructure (DH) MQW, and 
superlattice structure lasers using InAsSbP alloy system can cover the 3- to 5-^m 
region by adjusting its alloy composition. 

Recently, type II superlattices have been proposed as an alternative to HgCdTe 
for the strategic windows of the 3- to 5-^m and 8- to 12-^m regions as well as longer 
wavelengths. Unlike HgCdTe, type II superlattices are constructed from the III-V 
material system, and hence they have much better mechanical properties and mate- 
rial uniformity. The electron effective mass in these superlattices is higher than the 
electron effective mass in HgCdTe and InAsSb, therefore the tunneling current is 
less. The bandgap of the superlattice can be changed to cover a wide IR range (from 
~2 ^m to above 2 ^m) by changing the thickness of the layers rather than the mate- 
rial composition. Also, in comparison to QWIPs, type II superlattices have much 
higher quantum efficiency, and they do not require surface gratings for absorption 
of normal incident light. 
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7.2 Ill-Sb Binary Compounds: GaSb, AlSb, and InSb 

7.2.1 GaSb 

GaSb is an intermediate-gap semiconductor, since its gap of 0.8 eV is neither as wide 
as that of GaAs and InP nor as narrow as that of InAs and InSb. It is particularly 
interesting as a substrate material because it is lattice matched to solid solutions of 
various ternary and quaternary III-V compounds whose bandgaps cover a wide 
spectral range from 0.3 to 1.58 eV (i.e., 0. 8-4.3 ^um), as has been shown in 
Figure 7.2. GaSb, AlSb, and InAs and their related compounds form a nearly 
lattice-matched family of semiconductors known as the 6.1 A family, because the 
lattice constants of these material are about a = 6.1 A. The physical properties of 
GaSb are summarized in Table 7.5. 

Growth of GaSb 

In 1926, Goldschmidt synthesized GaSb and determined its lattice constant [6]. The 
phase diagram and the calculated solidus of GaSb are shown in Figure 7.3. Bulk 
GaSb crystals have been mainly grown by the Gzochralski (GZ) technique. There 
are a few reports on the Bridgman (BG) technique, and the traveling heater method 



Table 7.5 Physical Properties of GaSb 



Lattice constant (A) 


6.094 


Density (g/cm’) 


5.61 


Melting point (K) 


985 


Expansion coefficient 


6.2x10^ 


Thermal conduct! vity(WK^'cm^') 


0.4 


Energy gap (eV) 


0.725 at 300K 
0.822 at OK 


Spin-orbit splitting energy, A„ (eV) 


0.76 


Electron mobility {cmfW-s) 


5,000 at 300K 


Hole mobility (cmfV-s) 


880 at 300K 
2,400 at 77K 


Electron effective mass 
Hole effective mass 


0.042»tj 


Heavy hole mass 


0.28 


Light hole mass 


0.05 


Spin-orbit split mass 


0.13 


LO phonon energy at zone center 


28.8 meV 


TO phonon energy at zone center 


27.7 meV 


Refractive index 
Dielectric constant 


3.84 at 10 /tm 
3.79 at 2 fim 
3.92at 1.55 ^m 




15.69 


r. 


14.44 
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Weight percent antimony 




Figure 7.3 Phase diagram of GaSb. 



(THM), and the vertical gradient freeze (VGG) technique. Epitaxial growth of GaSb 
has been largely carried out by LPE. A few reports exist on VPE, MOGVD, and 
MBE. The details are discussed later. 

Liquid Phase Epitaxy 

Eirst, growth of GaSb by the EPE technique has been carried out [7]. Ga-, Sb-, Sn- 
and Bi-rich melts have been used for the growth in the temperature range of 330°G 
to 680°G. By carrying out growth at low temperatures, the native acceptor concen- 
tration could be reduced to a level of 10'“^ cm The Sb-rich melt is the most effective 
solution to reduce the native acceptor concentration; however, growth from Sb-rich 
solutions is limited by the eutectic point in the Ga-Sb phase diagram at T = 588.5°G 
for 0.884 atom fraction of Sb. Woelk and Benz [8] have grown undoped p epilayers 
from Ga- and Sb-rich solutions in the temperature range of 330°C to 470°G and 
635°G to 680°G, respectively. 

In recent studies, it has been found that the growth temperature range of 500°G 
to 550°G with Ga melt is optimal for obtaining high-quality layers with excellent 
surface morphology [9]. The epilayers grown at low temperatures produce low 
native defect concentration but they exhibit poor morphology and hence are not 
suitable for device applications. Similarly, the Sb-rich melt, even though it efficiently 
reduces the native defect content, results in faceted growth, which is again undesir- 
able for device applications. The luminescence efficiency for layers grown from Sb- 
rich solutions was less compared to those grown from Ga-rich solutions. This has 
been attributed to higher contamination of impurities, which is expected for high 
growth rates in the case of Sb-rich solutions. By carrying out growth from a two- 
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phase solution technique, abrupt p-n junctions with epilayer thicknesses of about 
1 have been obtained. 

Te has been used for «-type doping. Capasso and coworkers [10] have achieved 
very low net donor concentration in the range of cm'^ from undoped Ga- 

rich solutions in the 300°C to 375°C range and by Te compensation using Ga-rich 
melt at 500°G. Miki and coworkers [11] grew undoped «-type layers at 400°G from 
Ga-rich melt with net donor concentration of ~10“ cm“^ and mobility as high as 
7,700 cvnN s. 

MOCVD 

MOGVD growth of GaSb has been carried out [12-15] using trimethylgallium 
(TMGa) or TEGa and Sb-containing metalorganic precursors in the temperature 
range of 450°G to 625°G. From these studies, trisdimethylaminoantimony 
(TDMASb) has been found to be an excellent precursor for MOVPE growth over a 
wide range of growth temperatures [16]. The main source of background impurities 
during MOGVD growth comes from the carbon during pyrolysis of TMGa or 
TEGa, yielding a high concentration of unintentional acceptors. TESb and TMSb 
decompose insufficiently at low temperatures and need to be thermally precracked 
at high temperatures. However, in spite of the residual carbon contamination, the 
dominant acceptors have been found to be the native defects. The TDMASb is 
expected to produce low carbon contamination due to the absence of direct Sb-G 
bonds and effective decomposition at low temperatures (~300°G). 

MBE 

The main difficulty in growing GaSb by MBE is the low vapor pressure of anti- 
mony [17]. As a result, during crystal growth Sb will have a low surface mobility 
and tend to aggregate together forming clusters and precipitates. This leads to 
vacant Sb sites. Thus, antisite defects like Gag,, are formed. Therefore, to improve the 
quality of MBE-grown layers, an Sb-rich environment is needed. One can achieve 
this by using proper orientation of the substrate such (311)B, (lll)B, and so on. 
Eongenbach and Wang [18] used (311)B-oriented substrates to reduce the native 
p-type centers in the grown layers. Usually the growth rate varied from 0.6 to 2.5 
pm/hr for the growth temperatures in the range of 500°G to 600°G. A very low 
acceptor concentration of ~10“ cm"’ could be obtained using this approach. 
Undoped GaSb epilayers have shown G, O, and Si impurities. The origin of these 
impurities can vary from one growth system to another and can be due to different 
sources. 

Generally, Te doping is accomplished in MBE-grown layers by the use of a PbTe 
cell since this provides better control of temperature than the use of elemental 
Te [19]. There appears to be a trace incorporation of Pb in the grown layer. Donor 
concentrations of above 10'* cm ’ are readily obtained. Other compounds that may 
be used for Te doping are GaTe, SbTe, GeTe, and SnTe. The p-type conductivity 
may be accomplished by Ge, Sn, or Be doping in the MBE process [20]. The covalent 
radius of Sb (1.41A) is larger than that of Ga (1.25A) and therefore group IV atoms 
tend to occupy the Sb sites. Sn (1.40A) is a larger atom than Ge (1.22A) and. 
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consequently, it is more difficult to achieve heavy doping with Sn. Silicon, because it 
is a small atom, gets distributed among the two sites and the compensation ratio is 
high. Hence, Si is not generally used as a p-type dopant. 

Properties of GaSb 
Structure Properties 

At room temperature, the lattice parameter is 6.09593A. The density of GaSb at 
300K is measured to be 5.6137 g cm \ GaSb crystallizes in a zinc-blende structure. 
The (100) surfaces are stepped and contain both Ga and Sb atoms. The nature of 
chemical bonds in III-V compounds is of the mixed covalent-ionic type. The ionicity 
of GaSb is 0.33. The presence of a slight ionic component in the bonds and the fact 
that there are equal numbers of Ga and Sb atoms on the (111) planes results in the 
(110) cleavage of the compound. The zinc-blende lattice structure and partial ionic 
bonding impart to the crystal a polarity along the o-axis. The (111) planes can be 
prepared with either Ga or Sb atoms on the surface. The (111) plane composed of 
Ga atoms is designated (lll)A. The (-1, -1, -1) plane is composed of Sb atoms and 
is designated (lll)B. These two surfaces exhibit striking differences in their chemi- 
cal, electrical, and mechanical properties. 

Electronic Properties 

Figure 7.4 shows the band structure of GaSb obtained at 300K. The lowest mini- 
mum of the conduction band is at the T point. The next higher minima are the L 
points at the surface of the Brillouin zone and the X points. Owing to the small T - L 
energy separation in GaSb and the much lower density of states at the T minimum, at 

Energy Eg = 0.726 eV 




Figure 7.4 Band structure of GaSb obtained at 300K. 
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room temperature a significant fraction of the electrons occupy L-valley states. 
Temperature dependence of the energy gap is 

=0.813 -3.78- 10"" ■ T"(T = 94)(eV) (7.5) 

where T is temperature in degrees Kelvin (0 < T < 300). 

Optical Properties 

The dielectric constants and £„ and were found to be 15.69 and 14.44, respec- 
tively, at 300K using the reflectance technique and oscillator fit. The real and imagi- 
nary parts of the dielectric constant measured by ellipsometric technique are shown 
in Figure 7.5. The values for refractive index n, extinction coefficient k, and reflec- 
tance R calculated from these data are given in Table 7.6 for various wavelengths. 

Johnson and coworkers have studied absorption, PL, and injection lumines- 
cence as a function of temperature [21]. The band-band peak increases with the free 
hole concentration. In p-type samples, compensated with Se or Te, several new 
bands appear, some of which are characteristic of pure Se or Te. At high donor dop- 
ing levels the band-band peak shifts higher energies due to the Burstein-Moss effect. 

7.2.2 AlSb 

AlSb is an indirect-gap semiconductor with a bandgap of 1.69 eV at room tempera- 
ture. It has a lattice constant of 6.136A, which is nearly lattice matched to GaSb and 
InAs. Heterostructures composed of AlSb, GaSb, and InAs are of interest for several 
electronic and optoelectronic device applications. For example, AlSb can serve as a 




2 3 4 5 6 

~hcj (eV) 



Figure 7.5 Real and imaginary parts of the dielectric constants versus photon energy. 
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Table 7.6 Optical Constants of CaSb 



Energy (eV) 


£i 


Si 


n 


k 


R 


1.5 


19.135 


3.023 


4.388 


0.344 


0.398 


2.0 


25.545 


14.442 


5.239 


1.378 


0.487 


2.5 


13.367 


19.705 


4.312 


2.285 


0.484 


3.0 


9.479 


15.738 


3.832 


2.109 


0.444 


3.5 


7.852 


19.267 


3.785 


2.545 


0.485 


4.0 


21.374 


25.138 


3.450 


3.643 


0.583 


4.5 


28.989 


10.763 


1.586 


3.392 


0.651 


5.0 


25.693 


7.529 


1.369 


2.751 


0.585 


5.5 


25.527 


6.410 


1.212 


2.645 


0.592 


6.0 


24.962 


4.520 


0.935 


2.416 


0.610 



barrier material to confine electrons in InAs-channel high-electron-mobility transis- 
tors [21] or magnetoelectronic hybrid Hall effect devices [22], AlSb layers also can 
function as tunneling barriers in resonant tunneling diodes [23] and as barriers 
in “W” IR lasers (i.e., hetero junction lasers with type II band offsets) with 
InAs/InGaSb/InAs active regions [24], 

Properties of AlSb 

Compared with other Ill-Sb compounds, little work has been done on the investiga- 
tion of the AlSb due to the facts that large, high-quality single crystals are rare and 
that the surfaces of this materials react rapidly with air. Some of the important mate- 
rial properties of AlSb are listed in Table 7.7. 

Electronic Properties 

The direct gap in AlSb was measured using modulation spectroscopy by Alibert et 
al. [25] and spectroscopic ellipsometry by Zollner et al. [26]. Bulk AlSb samples 
were found to exhibit a gap of 2.35 to 2.39 eV at liquid-helium temperature, and a 
T dependence similar to that in GaSb. The conduction-band minima ordering is 
believed to be the same as in GaP and AlAs: X - L - T, with the L valley only 60 to 90 
meV above the T valley. 

Te has been investigated as an w-type dopant in AlSb [27]. Be has been used as a 
p-type dopant in AlSb for InAs-channel high-electron-mobility transistors [28] and 
InAs/AlSb superlattices [29]. Thick epitaxial layers of AlSb (Si) and AlSb (Be) were 
grown by MBE and characterized by variable-temperature Hall measurements [30]. 
Si is shown to be predominantly an acceptor in AlSb, with an energy level of 33 meV 
above the top of the valence band. Be is also an acceptor, with an energy level of 38 
meV above the top of the valence band. It was demonstrated that Be is a robust dop- 
ing source for p-AlSb for carrier densities ranging from 10^^ to 10^^ cm'^ 

Optical Properties 

Zollner et al. [26] have studied optical properties of AlSb by spectroscopic ellipso- 
metry. They reported room temperature optical constants of this material for 
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Table 7.7 Physical Properties of AlSb 



Lattice constant (A) 


6.136 


Density (g/cm^) 


4.26 


Melting point (K) 


1,338 


Expansion coefficient 


4x10^ 


Thermal conductivity(WK ' cm^’) 


-0.7 


Energy gap (eV) 


1.63 at300K 
1.666 at77K 


Electron mobility (cmW-s) 


200 at 300K 


Hole mobility (cm^A^-s) 


375 at 300K 


Electron effective mass 


0.12 


Hole effective mass 


0.98 


LO phonon energy at zone center 


42.1 meV 


TO phonon energy at zone center 


39.5 meV 


Refractive index 


2.995 at 20 ^m 
2.08 at 15 fim 
3.1 at 10 /tm 
3.3 at 2 f^m 


Dielectric constant (static) 


12.04 



energies E from 1.4 to 5.8 eV. Adachi [31] calculated the optical dispersion of AlSb 
and compared it with the experimental results. Figure 7.6 shows the numeri- 
cally calculated spectral dependence of the refractive index (n) and the extinction 




ta> (eV) 

Figure 7.6 Numerically calculated spectral dependence of n and k for AlSb. The open and solid 
circles are the experimental data. 
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coefficient {k) for AlSb. The circles are experimental data from Zollner’s work. The 
absorption coefficient a (o») has also been calculated and is shown in Figure 7.7. 



7.2.3 InSb 

InSb is a direct small energy gap semiconductor whose semiconductor properties 
were first reported by H. Welker in 1952 [32]. It was soon discovered that InSb had 
the smallest energy gap among any semiconductors known at that time and natu- 
rally its application as an IR detector became obvious. The bandgap energy of 0.18 
eV at room temperature indicated that it would have a long-wavelength limit of 
approximately 7 ^m and when cooled with liquid nitrogen the gap increased to 0.23 
eV, enabling it to cover the entire MWIR up to 5.5 ^m. Furthermore, it is a relatively 
robust material with high quantum absorption efficiency and sensitivity in the 
MWIR. The interest in InSb stemmed not only from its small energy gap but also 
from the fact that it could be prepared in high-quality, single-crystal form. As shown 
in the phase diagram of Figure 7.8 [33], InSb exhibits a congruent melting point at 
525. 7°C, allowing it to be grown from the melt by the conventional technique. 
Today, 2- and 3-inch InSb substrates are commercially available. 

The material parameters and characteristics of bulk InSb have been investigated 
and refined over the years. The experimental bandgap, and intrinsic carrier con- 
centration n., have been measured as a function of temperature and the following 
expressions [34] have been found to agree well with the experimental data: 



Eo(T) 



r 

L 



0.235 - 



3.2X 

(220 +T) J 



(eV) 



(7.6) 




Figure 7.7 Calculated absorption coefficient a as a function of energy. 
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Figure 7.8 Temperature-composition binary phase diagram of InSb, describing the equilibrium 
of solid with a liquid InSb. 



3 

M, =5.63xl0''*T2exp(-0.127//fe5T)(cm-') (7.7) 

Other important parameters such as lattice constant, electron and hole masses, 
refractive index, and thermal expansion coefficient are summarized in Table 7.8 [35]. 

InSb has been utilized for many purposes due to the properties just described. 
Because of the low electron effective mass and the resulting large electron mobility, 
InSb can be used for very high speed electronic devices and is being used in magneto- 
resistive sensors in the automotive industry. High-performance InSb detectors have 
been fabricated with this material for decades [36, 37]. The InSb detector arrays are 
p-n junctions made mostly by implanting Be* into w-type InSb substrates. Such 
processes yield high-quality p-n junctions with low leakage currents and high break- 
down voltage, which are desirable characteristics for detector arrays. Surface passi- 
vation is carried out to minimize the surface leakage current, which can be 
significant in small-sized detectors (pixels) in high spatial resolution arrays. 

A fully monolithic structure, in which all optical detection and signal processing 
functions are performed on the same material, is the most ideal architecture. Such 
monolithic structures have been reported using InSb metal-oxide semiconductor 
FETs [38] but the low breakdown voltage in narrow bandgap material has led to 
low charge handling capabilities. Additionally, serious problems involving noise 
and charge trapping in narrow-gap semiconductors reduce its charge transfer effi- 
ciency. These disadvantages have limited the development of a fully monolithic 
structure using narrow-gap material. 

An alternative method is the hybrid integration approach in which the photon 
detection process is performed by the narrow bandgap detector array and the signal 
is transferred to a Si-based charge storage and multiplexed readout. Indium bump is 
normally used as the interconnect between the optical and the electrical compo- 
nents. Current manufacturing device processes require that bulk materials be 
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Table 7.8 Physical Properties of InSb 





T(K) 


InSb 


Crystal structure 




Cubic (ZnS) 


Lattice constant (A) 


300 


6.47877 


Coefficient of thermal expansion 


300 


5.04 


( W K ‘) 


80 


6.50 


Density y {g/crn) 


300 


5.7751 


Melting point (K) 




803 


Energy gap (eV) 


4.2 


0.2357 




80 


0.228 




300 


0.180 


Thermal coefficient of 


100-300 


-2.8 X 10" 


lm„ 


4.2 


0.0145 




300 


0.0116 




4.2 


0.0149 




4.2 


0.41 


Momentum matrix element P (cm^A^- s) 




9.4 X 10 * 


Electron mobility (cmW-s) 


300 


8 X 10" 




77 


10‘ 


Hole mobility (cmW-s) 


300 


800 




77 


10" 


Intrinsic carrier concentration (cm^^) 


77 


2.6 X 10’ 




200 


9.1 X 10‘" 




300 


1.9 X 10“ 


Refractive index 




3.96 


Static dielectric constant 




17.9 


Optical phonon (cm ') 






LO 




193 


TO 




185 



thinned before or after hybridization to achieve backside illumination with reason- 
able quantum efficiency and minimum crosstalk. The advantage of the hybrid archi- 
tecture is that the performances of two different devices can be separately optimized. 
However, this structure suffers from the difference in the thermal expansion coeffi- 
cients between the detector and the multiplexer materials. In addition, the substrate 
thinning process is a very delicate process that can lower the yield and the reproduci- 
bility of the detectors. 

The best solution is the pseudomonolithic integration architecture in which InSb 
detectors can be integrated with GaAs- or Si-based electronic readouts on a common 
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substrate. This would require the ability to grow and fabricate InSb detectors on 
GaAs or Si. Advantages of such integration are threefold. First, back-illumination 
detector structures will not suffer from having to thin the substrate since it is trans- 
parent in the 3- to 5-^m range. Second, the integration eliminates the indium bump 
process. Third, a larger array scan be realized because larger (greater than 3-inch 
InSb substrates that are available) substrates are available in GaAs or Si. Therefore, 
successful pseudomonolithic integration will permit the production of larger reli- 
able focal plane arrays. 

Growth of InSb 
MOCVD 

The growth of InSb was performed on InSb-, GaAs-, and GaAs-coated silicon sub- 
strate with low-pressure MOGVD. TMIn and TMSb were used as precursors. The 
growth conditions were studied using TMIn and TMSb by varying the growth tem- 
perature and V/III ratio. Table 7.9 summarizes the growth parameters and condi- 
tions. The low melting temperature of InSb (525°G) requires a low growth 
temperature, typically no greater than 475°G, to prevent surface deterioration. At 
these growth temperatures, TMIn and TMSb decompose at a reasonable rate. The 
growth rate of InSb films was approximately 1 ^m per hour. 

For InSb growth using TMIn, the surface morphology was found to be very sen- 
sitive to the V/III ratio and closely reflected the crystallinity of the as-grown films. 
Based on the morphology, only a narrow range of V/III ratio around 11.5 at 465°G 
was found to be optimum. At a lower V/III ratio of around 9, the morphology 
degraded and the surface was covered with indium droplets. With an increase in 
the V/III ratio, the droplets were replaced by hillocks whose density gradually 
decreased as they approached the optimum value. At a higher V/III ratio than the 
optimum, the morphology deteriorates with Sb-related hillocks. The observed sur- 
face dependence on the V/III ratio is related to the low vapor pressure of In and Sb. 
Therefore, excess In can easily deposit on the surface, leading to VLS three-phase 
growth [39, 40]. On the other hand, excess Sb forms a solid second phase, which 
leads to the growth of hillocks. Because Sb has a melting point of 630°G, VLS 
growth does not occur. 



Table 7.9 Growth Parameters and Conditions Used for 
the Deposition of Normally Undoped InSb Epilayers 



Growth temperature 


425-475°C 


Growth 


pressure 


76 Torr 


Substrate orientation 


InSb-, GaAs-, GaAs-coated Si 


TMIn 


Temperature 


18°C 




Flow rate 




TMSb 


Temperature 


0°C 




Flow rate 


16-36 seem 




Flow rate 


1.5 L/min 
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Similar studies of the V/III ratio dependence on the morphology have also been 
carried out at various temperatures. Note that the optimum V/III ratio increases as 
growth temperature decreases. This is due to incomplete decomposition of TMSb. 
While TMIn completely decomposes around 425°C [41], TMSb only starts decom- 
posing at 400°C and decomposition efficiency increases as the temperature 
increases [42]. Therefore, a higher flow rate for TMSb is required at lower tempera- 
ture. However, growth carried out at a temperature close to the melting point should 
be avoided since poor-quality films are obtained from thermal degradation. Based 
on the results given earlier, the optimum growth parameters have been determined 
and summarized in Table 7.10. 

MBE 

InSb on (100) GaAs The growth of InSb was optimized using an EPI Modular 
Gen II Solid source MBE system using an elemental uncracked source. Group III 
materials were 6N (six nines: 99.9999%) pure and the group V materials were 7N 
pure. The system is equipped with a reflection high-energy electron diffraction 
(RHEED) system for calibrating growth rate and monitoring the growth surface as 
well as a mass spectrometer for monitoring molecular species in the chamber. Sub- 
strates were epi-ready GaAs (or GaAs/Si). 

Growth conditions were calibrated using RHEED oscillations for careful con- 
trol of the V/III ratio, and static RHEED for monitoring the surface temperature. 
Optimum conditions on (100) GaAs were found for a 1.2/1. 0 Sb/In incorporation 
rate and a substrate temperature 5°G above the transition temperature (~395°G). 
This gave excellent material quality with a mirror-like surface across the entire 
wafer. The structural quality was examined with five-crystal XRD. Excellent uni- 
formity is indicated by the ±3-arcsec variation of the rocking curve EWHM for a 
10-^m InSb layer on a 3-inch semi-insulating GaAs substrate. 

InSb on (lll)B GaAs Growth of InSb on (111) GaAs was investigated [43] 
because properly passivated (111) surfaces have been found to have lower surface 
recombination and provide better electrical isolation than (100) surfaces [44]. The 
substrates used for this study were 3-inch (111) GaAs from Eockheed Martin 
Eairchild Systems. 

The Sb/In ratio and the substrate temperature were varied to determine opti- 
mum conditions for InSb growth on (111) GaAs. The Sb/In ratio was varied from 
1.0 to 1.5, and the substrate temperature was varied from 380°G to 460°G. The 



Table 7.10 Optimum Growth 
Conditions for InSb 

Growth temperature 465°C 
Growth pressure 76 Torr 

TMIn flow rate 5 0 seem 

TMSb flow rate 20 seem 

Total H, flow rate 1.5 L/min 



7.2 Ill-Sb Binary Compounds: GaSb, AlSb, and InSb 



247 



optimum conditions were found to be different for the growth of InSb on (lll)B 
surfaces compared to those for (100) surfaces as described previously. For a given 
Sb/In ratio, it was found that the optimum growth temperature was higher for the 
growth of InSb on (lll)B surfaces than on (100) surfaces. This difference has been 
attributed to the bonding characteristics at the surface. The (lll)B surface has three 
dangling bonds for Sb atoms and one dangling bond for In atom, whereas the (100) 
surfaces has two bonds for both atoms. 

The epilayers were first characterized using high-resolution XRD. The X-ray 
FWHM versus thickness measurements show that the crystallinity is nearly identi- 
cal for (100) and (lll)B InSb at a given thickness under optimum growth condi- 
tions. As expected, the crystallinity improves with increasing thickness, but there is 
no large increase in the FWHM for thinner samples, which might indicate that the 
crystallinity is optimized under these growth conditions. 

The substrate temperature has a greater effect than thickness on the crystal 
quality. The optimum crystallinity is obtained with growth temperatures between 
420°C and 440°C, whereas, for (100), the optimum crystallinity is obtained for 
samples grown at ~395°C. The difference in optimum growth temperature is most 
likely due to the difference of dangling bonds at the surfaces. 

The room temperature electron mobility as a function of epilayer thickness for 
InSb grown on (100) and (lll)B GaAs was compared. It has been found that the 
data of (lll)B and (100) GaAs agree with each other exceptionally well. It appears 
that when InSb is grown under optimized conditions on (lll)B and (100) GaAs, the 
quality of the material produced is independent of the substrate orientation. 

Structure Characteristics 

Under optimum conditions, mirror-like InSb epilayers were grown on InSb, GaAs, 
and Si substrates [45]. The film grown on InSb showed X-ray FWHM of 14 arcsec, 
whereas those on GaAs and GaAs/Si had FWHM of 171 and 361 arcsec, respec- 
tively. The broader peaks on GaAs and Si substrates are due to higher dislocation 
density from lattice mismatch. 

For films grown on lattice-mismatched substrates, the overall crystalline quality 
of the film is expected to depend on its thickness. Hence, XRD measurements were 
performed on InSb films of various thicknesses on GaAs and Si substrates. The 
FWHM of InSb on both substrates decreases with increasing thickness, indicating 
improved crystalline quality away from the highly mismatched epilayer/substrate 
interface. 

Eiectricai Characteristics 

The Hall mobility is found to improve with increasing thickness. Similar to the 
X-ray results, this trend reflects the decrease in dislocation density away from the 
interface. The Hall coefficient was negative and the carrier concentration of the 
InSb was generally in the range of 1 X 10'^ cm^^ to 3 X 10'*^ cm"’ at 300K. 

The Hall coefficient remained negative at 77K, but the Hall mobility 
decreased dramatically far below expected values for n-type InSb. This might 
indicate that the as-grown layer is p-type. A more detailed analysis on this behavior 
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has been done suing a three-layer model [46], consisting of a surface electron accu- 
mulation layer as postulated by Soderstrom et al. [47], an interface layer with high 
density of dislocations [48], and a bulk-like layer with a highly reduced defect den- 
sity. The theoretical results, which assumed a p-type InSb layer, showed good agree- 
ment with experimental results, verifying the growth of p-type InSb on GaAs 
substrates. 

A special-grade TMSb was used instead of the electronic-grade TMSb in an 
attempt to improve the electrical properties. InSb films with thickness ranging from 
1.2 to 3.6 ^m were grown under growth conditions identical to the previous growth 
conditions described. Compared with the previous sample grown with electronic- 
grade TMSb, the structural quality from XRD was comparable and no noticeable 
change in the room temperature Hall motilities was observed. However, the most 
striking difference was the low-temperature electrical characteristics. The Hall 
mobility of the new InSb films remained relatively low for film thicknesses below 
2 ^m, but it drastically improved beyond this thickness. A 3.6-^m-thick InSb film 
showed mobility of 56,000 cmW-s at 300K, which increased to about 80,000 
cmVV • s at 77K. This temperature dependence of the Hall mobility differs from our 
previous result and resembles that of an «-type bulk material. The background car- 
rier concentration at 77K was comparable to the previous InSb samples up to 2 ^m 
but decreased by nearly an order of magnitude to 10'^ cm"^ for thicker samples. 
These Hall data are comparable to the best epitaxially grown InSb results, irrespec- 
tive of the growth technique. 

Because the growth conditions are identical between the growths with 
electronic -grade and special-grade TMSb, the changes in electrical properties are 
attributed to an absence of some impurities in the special-grade TMSb that were oth- 
erwise present in the electronic-grade TMSb. The impurities, which have not yet 
been identified, most likely provided a strong p-type background in the previous 
samples. In the new samples the background is predicted to be «-type since the Hall 
measurements reflected the high-mobility electron characteristics 

For the materials grown by MBE, the 300K mobility levels off near that of bulk 
InSb (75,000 cm /V- s) as the thickness is more than 2 ^m, whereas the 77K mobility 
continues to increase. The background concentration is about 10'*^ cm \ Mobility 
measurement on the 6N purity material showed typical tt-type characteristics. 

Subsequent cell charge with 7N resulted in a background concentration of 10'^ 
cm \ All materials grown with this higher purity source showed slightly higher 
mobility at 300K, but drastically decreased mobility (5,000 cmW- s) at 77K. Similar 
to our discussion in an earlier section, the three-layer model for MOCVD material 
was applied here to explain why the 77K mobility could be so low while excellent 
material quality was indicated by RHEED, X-ray, room temperature mobility, and 
the device characteristics. In this analysis, the epilayer is assumed to be made up of 
three layers: an interface layer with high dislocation density, a bulk-like layer, and a 
surface inversion layer. When the lower purity Sb source was used, the higher back- 
ground concentration ensured that the 77K mobility measurements characterized 
the high-mobility bulk-like layer as well as the interface and surface layers. How- 
ever, with the higher purity Sb source, the bulk -like layer is 10 times less conductive 
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due to the order of the magnitude decrease in carrier concentration, which makes 
the high dislocation density interface layer dominant. When the material was doped 
w-type in the range of 5 X 10^^ cm^^ to 1 X 10'*^ cm'^, the 77K mobility would be lev- 
eled up to that of lower purity Sb result. This, however, did not rule out the possibil- 
ity of compensation, because the «-type doping would negate the inversion and 
would again make the bulk-like layer more significant. 

However, the possibility of compensation was effectively eliminated by the fol- 
lowing experiment. Several thick InSb/GaAs samples grown with the higher purity 
Sb were epoxied to glass slides and the substrates were etched off leaving only the 
InSb epilayer with mirror-like morphology. A 5-^m sample exhibited mobility of 
65,000 cmW-s at 300K and 95,000 cmVV-s at 77K. Before removing the sub- 
strates, this sample had mobility of 60,000 cmW-s at 300K and 4,230 cmW-s at 
77K. This indicated that the InSb/GaAs interface was indeed dominating the 77K 
measurement. This etching procedure also shows that the interface does not pre- 
clude the growth of high-quality InSb away from the interface. 

Optical Characteristics 

The experimental transmittance spectra of 3.1-^m-thick InSb display a sharp 
absorption edge around 1,200 cm ' at 300K, which shifts to 1,700 cm ' at 77K; 
however, an accurate assessment of the absorption edge is difficult because of 
Fabry-Perot oscillations. The period of the oscillations yields the phase shift for light 
traveling trough the epilayer, from which the product n ■ d can be extracted where n 
is the refractive index of the epilayer, and d is the thickness. 

From the transmission measurements, the absorption coefficient of InSb was 
extracted. To take Fabry-Perot oscillation into account, we have modeled the InSb 
epilayer as a conventional Fabry-Perot cavity filled with absorbing medium. The 
reflection and transmission coefficients of each interface were determined using 
tabulated values for the refractive index of GaAs substrate and InSb. The phase shift 
through the epilayer was determined from the position of the experimental extrema. 
Photoconductivity measurements were carried out at 77K and showed a sharp cut- 
off at 5.5 ^m, which corresponds to a bandgap energy of 0.23 eV. 

Doping Characteristics 

N-Type Doping TESn was used as «-type dopant. The TESn bubbler was kept at 
a temperature of-25°G and the flow rate was varied from 7 seem (0.7 nmol/min) to 
80 seem (8.0 nmol/min), resulting in a doping level from 5 X 10'“^ cm'^ to 1.2 X 10'* 
cm"'. No degradation in morphology and X-ray FWHM were observed. Further- 
more, no noticeable memory effects were associated with TESn. 

P-Type Dopant P-doping was first carried out using DMZn. There was no 
observable effect on the growth rate or the morphology. With a 10-sccm capacity 
mass flow controller, a controllable doping level no lower than 3 X 10'* cm 'was 
obtained. The doping level remained steady down to 4K without any singularity, 
which indicates complete ionization of the acceptors as well as absence of noticeable 
surface and interface layer contributions. 
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To expand the p-doping levels to lower ranges, DEZn was considered because of 
its lower vapor pressure. With the bubbler temperature at 10°C, the flow of DEZn 
was varied from 0.05 seem (0.02 pmol/min) to 0.2 seem (0.08 pmol/min). These 
flows yield doping levels from 2.5 X 10'^ cm'^ to 7.5 X 10*^ cm^^. In conjunction with 
the results of DMZn, the successful Zn doping of InSb in the range of 10‘^ to 10'^^ 
cm“^ was achieved, which is sufficient for the p* layer in InSb photodiode structure. 

InSb Photodetectors 

The InSb photodiodes were grown on 3-in. Si and (111) GaAs substrates. The InSb 
photodiodes typically consisted of a 2-pm n* region (~10'* cm“^ at 77K), an ~6-pm 
unintentionally doped region {n ~ 10'^ cm“^ at 77K), and an ~0.5-pm p* (~10'* cm“^) 
contact layer. The crystallinity of these structures was excellent as confirmed by 
XRD, which showed EWHM <100 arcsec for structures grown on (100) and (111) 
GaAs and Si substrates. Photodiodes were fabricated with 400 X 400-pm^ mesa 
structures by photolithography and wet chemical etching. Au/Ti ohmic contacts for 
both n- and p-type layers were made by an electron beam evaporator. The contact 
pattern was defined again by standard photolithography and selective etching. The 
chips were assembled using standard circuit technologies including die separation, 
mounting, and Au-wire bonding. 

The relative photoresponse of these devices was measured using a ETIR system. 
The absolute responsivity was obtained by measuring the signal using a calibrated 
blackbody source and a lock-in amplifier system. 

These devices showed an excellent response comparable to that of bulk detec- 
tors, with detectivities of ~ 3 X 10'“ cmHz'“/W at 77K. Note that the detectors oper- 
ate up to room temperature, even though these devices were not optimized for room 
temperature operation. 

7.3 InAsSb 

The cutoff of InSb is -5.5 pm at 77K and -7 pm at 300K. Many applications require 
longer wavelength detection. Because 300K radiation has a peak around 9 to 1 1 pm, 
IR detectors that detect in this region are useful for thermal imaging applications. 
Thus, there is a great amount of work in IR detector material covering the 8- to 
12-pm wavelength region. 

Among III-V semiconductor alloys, InAsSb has the lowest bandgap (with the 
exception of Tl- and Bi- containing alloys). Experimental results have showed that 
InAsSb can cover the entire 8- to 12-pm range at near ambient temperature 
(200-300K). It is a promising material system for uncooled photon detectors for 
EWIR applications. 



7.3.1 Physical Properties 

Bandgap 

The IuAsj_^Sb^ alloy has a zinc-blende structure and direct gap at the Brillouin zone 
center. The shape of the electron band and the light hole band is determined by k • p 
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theory. According to Wieder and Clawson [49], the energy gap of InAsj_^Sb^ may be 
described by the following expression: 



E lx, T) = 0.411- 



3.4xlO“'*T' 

210+T 



■ 0.876X + 0.70x" + 3.4 x 10“" xT(l - x) (7.8) 



Some recent studies show that the minimum bandgap can be considerably 
less compared to that predicted by (7.8). Bethea et al. [50] estimated the 300K 
bandgap of InAso^iSbo^g to be 0.095eV. They also measured significant photocon- 
ductivity at 10 pm at 77K. Chiang and Bedair [51] reported an ~9-^m cutoff wave- 
length of X = 0.6 for a photovoltaic detector operating at 77K. Our 300K absorption 
measurements give a = 500 cm ' for A = 15 ^m for x = 0.65, which corresponds to 
= 0.083 eV. Therefore, the practical limitation for long-wavelength operation at 
room temperature is not due to a wide gap but rather to a high generation recombi- 
nation rate. 

Effective Masses 

To obtain good agreement between experimental room temperature effective 
masses and calculations, Rogalski and Jozwikowski [52] have taken into account 
the conduction-valence-band mixing theory. In this approximation, the resultant 
conduction band effective mass can be written as follows: 



l_l_^d£[' 1 1 ^ 1 



(£^+A„) 



(7.9) 



Here, the difference dE = E^^ — £^is determined by the effect of the periodic 
potential due to the disorder. The terms E^ and can be approximated by these 
expressions: £^„ = 0. 351-0. 176x and A^ = 0.39 -i- 0.42x. Masses m m and m ^ 
are the effective masses of the heavy hole, light hole, and split-off bands, respec- 
tively. Finally, m is the effective mass for the conduction band in the absence of 
conduction band mixing. The m J,x) dependence obtained from (7.9) gives good 
agreement with the experimental data. 

Intrinsic Carrier Concentration 

The intrinsic carrier concentration in InAsj_^Sb^ as a function of x for various tem- 
peratures has been calculated in terms of the k • p theory. In the calculation, the 
nonparabolic bands were taken into account and a parabolic shape was assumed for 
the heavy hole band. By fitting the calculated nonparabolic n. value to the expres- 
sion for parabolic bands, the following approximation for the intrinsic carrier con- 
centration has been obtained [25]: 
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n, = (1.35 -h 8.50x -h 4.22 X 10“^ T = 1.53 X 10"' xT - 6.73x^) 

3 3 

X 10 exp(-£^/2y^T) 



where is in cm \ 

Little information is available on the physical properties of InAsSb alloys. It is 
reasonable to assume that the InAsSb ternary semiconductor will exhibit properties 
similar to those of both InAs and InSb, although additional process occurs, for 
example, an additional scattering process due to the random scattering potential. 
Table 7.11 summarizes material parameters for InAs, InAso^jSbo^j and InSb. 



Table 7.1 1 Physical Properties of InAsSb 




T(K) 


InAs 


InAs„,,Sb„,, 


InSb 


Crystal structure 




Cubic (ZnS) 


Cubic (ZnS) 


Cubic (ZnS) 


Lattice constant (A) 


300 


6.0584 


6.36 


6.47877 


Coefficient of thermal expansion 


300 


5.02 




5.04 


(10 ‘K"') 


80 






6.50 


Density y (g/cmh 


300 


5.68 




5.7751 


Melting point (K) 




1210 




803 


Energy gap (eV) 


4.2 


0.42 


0.138 


0.2357 




80 


0.414 


0.136 


0.228 




300 


0.359 


0.1 


0.180 


Thermal coefficient of 


100-300 


-2.8 X 10" 




-2.8 X 10" 


tm^ 


4.2 


0.023 




0.0145 




300 


0.022 


0.0101 


0.0116 




4.2 


0.026 




0.0149 




4.2 


0.43 


0.41 


0.41 


Momentum matrix element P (cm^A^-s) 




9.2 X 10 * 




9.4 X 10^ 


Electron mobility (cm^A^-s) 


300 


3 X 10" 


5 X 10" 


8 X 10" 




77 


8 X 10" 


5 X 10" 


10" 


Hole mobility (cmlW -s) 


300 


500 




800 




77 






10" 


Intrinsic carrier concentration (cm^^) 


77 


6.5 X 10' 


2.0 X 10“ 


2.6 X 10’ 




200 


7.8 X 10“ 


8.6 X 10“ 


9.1 X 10'" 




300 


9.3 X 10‘" 


4.1 X 10“ 


1.9 X 10'" 


Refractive index 




3.44 




3.96 


Static dielectric constant 




14.5 




17.9 


High-frequency dielectric constant 




11.6 


16.8 




Optical phonon (cm ‘) 










LO 




242 


»210 


193 


TO 




220 


»200 


185 



Source: [4]. 
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7.3.2 Growth of InAsSb 

MOCVD 

For our investigation of the growth of InAsSb, a test structure, consisting of an InSb 
buffer layer grown for 30 minutes followed by an InAsSb layer for 2 hours, was 
adopted. InSb buffer layers were grown under the optimum conditions determined 
from InSb investigation (as described earlier). The growth of InAsSb layers has been 
performed in the following sequences. First, TMIn flow was directed to a vent line 
to interrupt the growth of InSb. Second, under the TMSb overflow, the flow rate of 
TMIn was decreased to about 90% of the original value for the InSb growth. It was 
found experimentally that the V/III ratio needs to be increased for the InAsSb 
growth. This might be caused by the parasitic reaction between arsine and TMSb. 
Third, arsine flow was introduced into the growth chamber. TMIn was redirected 
to growth chamber as the last step to initiate the growth of InAsSb. The average 
growth rate of these layers was about 0.8 ^m/hr. 

MBE 

The growth of InAsSb, especially for high Sb composition, is very similar to the 
growth of InSb. The layers were grown on GaAs substrate using an EPI Modular 
Gen II Solid source MBE system with a V/III ratio of ~>1.2. The composition was 
controlled by RFIEED calibration of the In and Sb cell, and by using an overpressure 
of As, the substrate temperature was varied to obtain correct composition, which 
resulted in an optimum temperature of ~400°G as determined by IR pyrometer. 

Generally, as the As composition increases from InSb, the X-ray EWHM 
increases. The mobility of InAsSb layers was less than InSb, decreasing with increas- 
ing As content. Room temperature mobility was in the 5,000 to 50,000 cmW-s 
range, and was in the few thousand cmW • s at 77K. Photoluminescence measure- 
ments were performed on samples. The PE linewidths at 77K were in the 30- to 60- 
meV range. 

In addition to InAsSb, AllnSb and GalnSb were investigated for these detector 
structures. These layers have wider bandgaps, so that carriers can be confined to the 
active region. Also, if doped properly, the layers can be barriers to one type of car- 
rier while allowing the other type of carrier through to a contact. 

7.3.3 Characterizations 
Structural Characteristics 

The grown layer surfaces are mirror-like. The alloy composition was estimated 
from XRD using Vegard’s law. At first, the dependence of Sb composition of 
InAsj_^Sb^ films on various parameters was studied. Keeping the TMSb flow at 35.4 
^mol/min and AsH^ flow at 13.4 ^mol/min, flow of TMIn has been varied from 
3.06 to 4.60 ^mol/min at a growth temperature of 465°G. The corresponding V/III 
ratio varied from 15.93 to 10.62. A further increase in the V/III ratio resulted in 
lower crystal quality and a decrease in the V/III ratio caused In-related droplets on 
the surface. As the V/III ratio was increased, the composition of Sb was decreased 
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from 0.8 to 0.63. The morphology and crystallinity dependence of the InAsSb layers 
on the V/III ratio was not as critical as that of the InSb layer. However, the best mor- 
phology and crystallinity were obtained at a slightly higher V/III ratio than that of 
InSb growth. This might be caused by the parasitic reaction between the TMSb and 
AsHj 

The composition dependence on the growth temperature was also investigated. 
When the temperature increased, the Sb composition decreased, which might be due 
to the fact that ASH3 decomposition increases as the temperature increases. 

The dependence of Sb composition on the group V partial pressure ratio 
was also studied. The growth temperature was set at 465°C and the V/IIII ratio 
was 12.5. The group V input partial pressure ratio TMSb/(TMSb -1- ASH3) has 
been varied from 0.67 to 0.73, which resulted in an SB composition from 0.65 to 
0.80. 

The XRD peaks of InAsSb were broader than those of InSb of comparable thick- 
nesses despite the good morphology of InAsSb films. The broadness is probably due 
to a large number of misfit dislocations and some compositional variations in the 
epitaxial layers. 

The dependence of X-ray FWHM on the Sb composition was studied. About 
1.2-^m-thick samples with compositions varied from 0.56 to 0.80 were grown. The 
X-ray FWHM of the samples with x = 0.80 were -1,200 arcsec, which increased to 
-2,000 arcsec with x = 0.56. The peaks are broader than those of InSb films with 
comparable thicknesses; and the more As that is incorporated, the broader the 
peaks. Because InAsSb is less lattice mismatched to GaAs than InSb, this behavior 
can be explained by the variation in the alloy composition, which becomes more sig- 
nificant as the composition of As is increased. 

For monolithic integration applications, growth of InAsSb layers on GaAs- 
coated Si substrates was also carried out. InAsSb layers were grown on both GaAs/Si 
and GaAs substrates in the same run. XRD spectra were measured. From the com- 
parison of the epilayers on two substrates, it has been confirmed that the qualities of 
the InAsSb layers are about the same. The comparison demonstrated that high- 
quality InAsSb layers can be grown on GaAs/Si substrates. 

Electrical Characteristics 

Normally undoped InAsSb layers showed negative Hall coefficients through the 
entire temperature range from 4 to 300K. To investigate the electrical properties of 
the films with different Sb composition, 2-^m-thick layers with different Sb compo- 
sitions have been grown. The electrical properties of the samples were measured at 
77 and 300K. 

The carrier concentrations at 77K ranged from 1 to 6 X 10'^ cm \ and x around 
0.65 gives the highest value. This result is in good agreement with the previous result 
obtained by Yen [53] and is reasonable since InAsSb has lowest bandgap at x - 0.65. 
The Hall mobility was from 4,000 to 15,000 cmW-s decreases as the As composi- 
tion increases. Similar behavior has been found by Goders and Woolley [54] and 
Tansley et al. [55] and an explanation was given in terms of the effect of alloy 
scattering. 



7.3 InAsSb 



255 



At 300K, the carrier concentration increased to 4 to 14 X 10'*^ cm'^ and Hall 
mobility increased to 5,000 to 30,000 cmVV-s. The dependence of both properties 
on the Sb composition x was similar to that at 77K. It becomes more clear at 300K 
that the carrier concentration is dominated by the intrinsic concentration and is 
peaked at x ~ 0.65. The Hall mobility should increase as the temperature goes 
down, which is the opposite of our experimental results. The strange behavior sug- 
gested that the InAsSb layer might be of the p-type. Theoretical calculations on the 
lnAs„ jSbg 7 layers have shown that with a shallow p-type background doping density 
of 5 X 10'^ cm“^ and dislocation density on the order of 2.5 to 5 X 10* cm"*, calcu- 
lated data would fit the experimental data well [56]. 

Optical Characteristics 

Optical characterizations on the InAsSb layers have been performed using FTIR. 
Bandgap variations with As composition can be clearly observed. Optical bandgap 
can be determined in two ways. First, the normalized transmission spectra are used 
to calculate the absorption coefficient of the layer. The usual definition of the opti- 
cal bandgap for the narrow-gap semiconductors is the photon energy for which the 
absorption coefficient is equal to 500 cm '. A bandgap of 103 meV was derived for 
lnAsj_^Sb^ with x = 0.77. An even narrower bandgap of 83 meV was obtained for x = 
0.65. This shows that InAsSb can be used for the near room temperature photode- 
tectors operating in the entire 8- to 12-pm range. 

To obtain more accurate absorption coefficient values, the InAsSb layer was 
successively etched and transmission spectra were measured at different thicknesses. 
The transmission spectra were then smoothed to remove both the high-frequency 
noise and the Fabry-Perot interference fringes. Figure 7.9 shows the smoothed 
transmission spectra. 
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Figure 7.9 Transmission spectra of InAsSb layer at different thicknesses. 
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The relationship between the transmittance T and the absorption coefficient a at 
a certain wavelength is expressed as 



T = e““‘ (7.11) 

where T is the thickness of the layer. For certain wavelengths, T can be plotted as a 
function of thickness t. By numerical fitting, a can be determined. In this method, a 
is determined to be 1,330 cm ' for a wavelength of 8 ^m. 

More accurate measurements of the optical bandgap have been made using the 
photoconductivity spectra. The optical bandgap of the narrow-gap semiconductors 
can be determined as the energy at which the normalized photoresponse falls to 20% 
of the maximum value. 

InAsj_^Sb^ with different compositions has been grown and the optical bandgap 
has been determined using the normalized photoresponse spectra. The experimental 
values are lower than the theoretical, which has been attributed to the long-range 
ordering. 

7.3.4 Device Measurement 

InAsSb Photoconductors 

Photoconductors based on p-type InAs^^jSbg^ were grown on GaAs substrates by 
LP-MOCVD [57]. The photoconductor structure was composed of two epitaxial 
layers (p-InAs„ 23 Sb„ 7 /p-InSb) grown on GaAs. InSb was used as a buffer layer with 
2% lattice mismatch to InAs^jsSb^ ^ and also as a confinement layer for the electrons 
in the active layer. The optimized doping level for room temperature operation is 
around 3 X 10'*^ cm ^ The epitaxial layers have been grown on (100) semi-insulating 
GaAs substrates at a growth temperature around 470°G. The geometry of the pho- 
toconductor is 4 X 3 mm^. Au/Ti contacts were deposited by an electron beam 
evaporator. The resistance is 23Q at 300K and 220Q at 200K. 

The photodetectors were mounted in a liquid nitrogen-cooled cryostat system 
and measurements were taken at temperatures between 77 and 300K. The relative 
photoresponse spectra were measured with an FTIR spectrometer. Then the respon- 
sivity was calibrated by a blackbody test setup, including a blackbody source (Mik- 
ron 305), preamplifier (EG&G PA-6), and chopper system (Stanford Research 
system SR540). The blackbody temperature was set at 800K. The modulation fre- 
quency was set at 450 Hz because response measurements as a function of chopper 
frequency showed that the thermal effect could be neglected at frequencies higher 
than 200 Hz. 

The spectral responsivities of a photoconductor sample were measured at 
200 and 300K. The peak responsivity is about 4 mV/W at 8 ^m and at 300K 
for 1-V bias. The cutoff wavelength around 14 ^m was observed at 300K. Noise 
in the spectral response was attributed to FTIR preamplifier since the contribution 
of thermal or bolometric response is negligible at measuring frequencies of FTIR 
that are higher than 1.2 kHz. At 10.6 ^m the voltage-dependent responsivity 
increases with applied voltage and reaches saturation at around 3V, which 
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corresponds to the values of 5.8 mVAV. The corresponding Johnson-noise-limited 
detectivity of the photoconductor was then estimated to be 3.27 X 10^ cmHz'“A)7 
at 300K. 

Based on the spectral voltage responsivity, the mobility-effective carrier lifetime 
product jur and the effective lifetime r can be derived. According to the simple the- 
ory of photoconductivity, the voltage responsivity Ry is 



Rv 



qX w,tV,Ro / 1\ 

he LX [ bj 



(7.12) 



where q is the electron charge, X is the wavelength, t] is the quantum efficiency, b is 
the electron-to-hole mobility ratio, L is the detector length, is the bias voltage, 
and R^ is the detector resistance. The quantum efficiency t] is given by 

n = {l-r)^ f (7.13) 

where r is the reflectance, a is the absorption coefficient, and T is the thickness of 
the layer. If is known, r can be estimated. Based on the electron mobility at 300K, 
the effective lifetime is estimated to be 0.14 ns. 



InAsSb Photodiodes 

For the realization of InAsSb photovoltaic detectors, p*-InSb/p-InAsj_^Sby«^-InSb 
DH structures were grown on semi-insulating GaAs substrates by MOCVD [58]. 
The growth temperature was kept at 470°C and the V/III ratio was ~20. The growth 
rate was -0.7 to 0.9 ^m/hr. The standard structure consisted of a 2-^m heavily 
doped «-type InSb layer (-3 X 10'* cm '), a 5-^m p-type (3.6 X 10'^ cm ') InAsj^^Sb^ 
absorber region, and a 0.5-^m heavily doped InSb p-type (-3 X 10'* cm ') contact 
layer. 

Structural characterization was performed using XRD spectra at (004) orienta- 
tion. The composition of InAsj_^Sb^ has been determined from XRD data and 
Vegard’s law. The InAsj_^Sb^ composition calculated from diffraction data was x = 
0.85. The mesa structure has been etched using photolithography. Au/Pt/Ti contacts 
were deposited by an electron beam evaporator. 

The voltage response at various temperatures was measured. The temperature- 
dependent cutoff wavelength was clearly observed. A photoresponse up to 13 ^m 
has been observed. The peak voltage-responsivity is 9.13 X 10 ' VfW at 300K. 
However, it is only 2.85 X 10' VfW at 77K, which is much lower than the expected 
value. Possible reasons are the poor interface properties due to the lattice mismatch 
between the absorber and contact layers and high dark current due to the high dop- 
ing level in the active layer. 

Because the series resistance is much higher than the junction resistance at high 
temperature, we could not measure the resistance-area product R„A directly from 
the 1-Y curve [31]. The R„A product can be calculated as follows: 
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RyA = 



XrjqRgA 

he 



(7.14) 



where A is the wavelength, t] is the quantum efficiency, q is the electron charge, h is 
the Planck constant, and c is the light velocity. Table 7.12 shows the responsivity- 
area product and resistance-area product of the InAs„ jjSbggj photodiode at various 
temperatures [59], 



InAsSb Photodiodes by MBE 

InAsSb photodiodes structures were grown on (100) and (111) GaAs substrates by 
MBE. Several device structures were investigated. First p"^-InSb/p-InAsj_^Sby«*-InSb 
DH structures were grown on semi-insulating GaAs substrates. The bottom w*-InSb 
layer with about a 2-^m thickness was doped at 2 X 10'* cm * both for increased 
quantum efficiency due to the pronounced Moss-Burstein effect and for a low series 
resistance due to high electron mobility. The thickness of the active layer was ~2 to 
5 ^m to ensure both high quantum efficiency and high optical gain. The top p^-InSb 
contact layer was 0.5 ^m thick and doped at a level of 10'* cm'*. 

Some device structures utilized the bottom InSb layer as a buffer layer with the 
bottom contact made directly to the InAsSb active region. Subsequent devices util- 
ized a wider gap AllnSb buffer (or bottom contact) layer. This structure allows for 
the flexibility for the mesa to be etched down to the InAsSb active region or down to 
the AllnSb layer, which results in a heteroj unction. 

The 300K Johnson-noise-limited detectivity for the device was calculated at 
~1 X 10* cmHz'“/W. The R^A was ~10 * Q cm* at 300K, which is attributed to the 
highly dislocated interface layer and the unpassivated surface. The R„A was 
increased by an order of magnitude by incorporating an AllnSb buffer layer, which 
blocks carriers from the highly dislocated interface, resulting in a peak detectivity of 
-3x10* cmUz'^rW. 

The wider gap AllnSb layer can also be used as the bottom contact layer, 
resulting in a single-heterostructure photodiode. The heteroj unction increases the 
RgA of the device from -10’* to -10 * cm*. The peak differential resistance of 70Q 
at zero bias results in an R^A of 0.11 £2 cm* at 300K. The Johnson-noise-limited 



Table 7.12 Peak Voltage Responsivity- 
Area Product and Corresponding 
Resistance-Area Product of InAsSb Photo- 
voltaic Detectors at Various Temperatures 
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detectivity was estimated at ~4 X 10* cmHz'^AV at 3 and ~5 X 10^ cmHz'^AV^ 
at 6 ^m. 



7.4 InTISb 

As an alternative to the InAsSb system, InTISb is also a potential material for A > 8 
^m detectors. TlSb was calculated as a semimetal from the full-potential linear 
muffin-tin (LMTO) method within the local density approximation (LDA) [60]. By 
alloying TlSb with InSb, it was suggested that the bandgap of InTISb could be varied 
from -1.5 to 0.26 eV. Assuming a linear dependence of the bandgap on alloy com- 
position, InTISb can then be expected to reach a bandgap of 0.1 eV at x = 0.08 while 
exhibiting similar lattice constant as InSb since the radius of T1 atom is very similar 
to In. To date, very limited experimental work has been reported on the growth and 
characterization of InTISb. Choi et al. [61] reported on the first successful growth of 
InTISb by LP-MOCVD. A bandgap shift toward a longer wavelength was observed, 
which suggests a concentration of 6% Tl. A group from the University of Utah 
reported Tl incorporation of less than 1% in InSb [62] . Recently, Karam et al. [63] 
reported the InTISb films with Tl composition up to 10%. Spectral response meas- 
urements showed a photoresponse up to 14 ^m at 77K. 



7.4.1 MOCVD Growth of InTISb 

The growth of InTISb was performed on InSb-, GaAs-, and GaAs-coated silicon 
substrate with a low-pressure MOCVD. TMIn, TMSb, and CPTl were used as pre- 
cursors. The structure consisted of an InSb buffer layer grown for 1 hour followed 
by an InTISb layer grown for another hour. InSb buffer layers were grown under the 
optimum conditions determined from InSb investigations. The growth of InTISb 
was first attempted by introducing a small flow of CPTl without changing other 
growth parameters. Once the growth of InTISb has been verified, a different 
amount of Tl was sent in order to obtain In^ Jn^Sb alloys of various x compositions. 
This was achieved by varying both the bubbler temperature as well as the flow rate 
of CPTl. Table 7.13 summarizes the growth conditions for InTISb. 

Chemical Analysis by AES 

AES measurement was performed on InTISb samples and compared with that of ref- 
erence InSb to verify the incorporation of Tl [64]. The InTISb sample shows a 
noticeable intensity dip near 70 eV compared with the reference sample, confirming 
the presence of Tl. 

Structural Characteristics 

XRD measurements were performed on as-grown InTISb samples. Tl flow was var- 
ied to grown InTISb alloys with different Tl composition [65-68]. An InSb epilayer 
is grown on the GaAs substrate to provide a reference peak for the XRD study. The 
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Table 7.13 Summary of Growth Conditions for the 
Nominally Undoped InTISb Layers 



Growth temperature 


425-475°C 


Growth 


pressure 


76 Torr 


Substrate orientation 


InSb-, GaAs-, GaAs-coated Si 


TMIn 


Temperature 


18°C 




Flow rate 


36-55 seem 


TMSb 


Temperature 


0°C 




Flow rate 


16-36 seem 


CPTl 


Temperature 


0-80°C 




Flow rate 


3-300 seem 




Flow rate 


1.5 L/min 



X-ray peaks corresponding to the InSb epilayer and GaAs substrate are observed at 
angles of 28.39° and 33.02°, respectively. Anoticeable feature appeared in the XRD 
spectra for the lOj ^Tl^Sb films. The epilayers, which exhibited a T1 peak in the AES 
spectrum, showed a clear shift of the XRD peak toward a higher angle relative to 
that of InSb. This implies a decrease of the lattice constant (in the growth direction) 
of lOj ^Tl^Sb compared to the lattice constant of InSb, according to Bragg’s law. As T1 
incorporation increases, the diffraction peaks shift gradually toward a higher angle 
in the experimental range, indicating the gradual decrease of the lattice constants in 
the growth direction. The lattice constants normal to the growth direction are 
assessed by asymmetric {115} reflections and found to be the same as the lattice con- 
stants in the growth direction. These results indicate that the lattice of lOj ^Tl^Sb is 
contracted compared to that of InSb due to the incorporation of T1 in InSb. This 
behavior is particularly striking because it is in direct contrast with the atomic size 
effect based on tetrahedral covalent radii, which in general holds for isoelectronic 
impurity incorporation in III antimonides [69]. The low oxidation state of T1 in 
In^ ^Tl^Sb has been suggested as a possible reason for the observed lattice contraction 
[70]. The present results indicate that the incorporation behavior of T1 in Inj ^Tl^Sb 
differs from that of other group III impurities in III antimonides. The FWHM of the 
epilayer ’s (004) diffraction as a function of T1 concentration shows the gradual 
increase of the FWHM with T1 incorporation, indicating that the crystallinity of the 
films is deteriorating. 

Electrical Characteristics 

A Hall effect measurement of InTlSb/InSb on semi-insulating GaAs sample was per- 
formed. The Hall coefficient R^^ remains negative throughout the entire temperature 
range and its temperature dependence resembles that of an rr-type material. 

The Hall effect of InTISb samples with different T1 flow was investigated. Room 
temperature Hall mobility ranged from 2 X 10'' to 5 X 1 O'* cm W-s, and the electron 
concentration from 1 X 10'" to 5 X 10'" cm '. Because a direct assessment of thallium 
is difficult, the electrical characteristics have been plotted as a function of the lattice 
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mismatch between InTISb and InSb, which was determined from XRD measure- 
ments. The lattice mismatch is used here as an indirect indicator of thallium content. 
The Hall mobility decreased monotonically with increasing thallium flow, while the 
electron concentration increased simultaneously. The increase in electron concen- 
tration is typical of an intrinsic semiconductor with decreasing bandgap. The 
decrease in mobility is attributed to an increase in alloy scattering with increasing T1 
content. Alloy scattering has been shown to be significant in InSb-based compounds 
such as InAsSb [71-73]. 

Optical Characteristics 

The results of the optical transmission measurements of InSb and InTISb showed 
that the absorption edge of InTISb was clearly seen beyond that of the InSb (A ' = 
1,818 cm '), verifying a bandgap reduction of InTISb. However, an accurate assess- 
ment of the absorption edge by this method is difficult due to the thin epilayers and 
the observed Fabry-Perot oscillation. These oscillations are produced by multiple 
reflections at the air/epilayers and epilayers/substrate interfaces, and from the 
periodicity other optical parameters such as refractive index of the epilayers have 
been extracted [40]. 

To determine the absorption coefficient, the epilayer has been modeled as a con- 
ventional Fabry-Perot etalon filled with an absorbing medium. The reflection and 
transmission coefficient of each interface were determined using tabulated values 
for the refractive index of GaAs and InSb, and the refractive index of InTISb was 
assumed to be the same as that of InSb. The phase shift through the epilayer was 
determined from the position of the experimental Fabry-Perot extrema. The InSb 
sample shows a sharp absorption edge at 5.5 ^m. The InTlSb/InSb sample exhibits 
overall higher absorption, and an absorption tail extending beyond InSb absorption 
edge is observed. Note that the calculated absorption coefficient for InTlSb/InSb 
given in the plot corresponds to the average absorption of the two layers weighted 
by their thickness, respectively: 



where and a,„xisb >^he absorption coefficients of each layer and and 
are their respective thicknesses. The tendency to attenuate any feature of InTISb 
absorption spectrum and the observed shift should be even more apparent for a 
thick InTISb layer. 

The spectral photoresponse from the InSb and InTISb films grown on GaAs 
substrates showed an absorption cutoff wavelength at about 5.5 ^m at 77K or the 
InSb sample. A distinct shift of the absorption edge from 5.5 to 8.4 ^m for InTISb 
was observed at 77K. In general agreement with the theoretical prediction, the sam- 
ples with high T1 flows give longer response wavelengths. The rough estimation of 
the T1 concentration in the samples has been made by linearly interpolating the 
energy bandgap between InSb and TlSb from that fact that bandgap energy of the 
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grown InTlSb is only slightly deviated from that of InSb. An energy bandgap of -1.5 
eV is assumed for the semimetal TlSb. 

7.4.2 InTlSb Photodetectors 

The first demonstration of InTlSb photodetectors was fabricated on GaAs sub- 
strates. Preliminary photodetectors were operated in the photoconductive mode. 
The photoconductors were rectangular shaped with dimension of 3 X 3 mm^. Ti/Au 
was evaporated by electron beam evaporation to make contacts. The resistance is 
about 50£2 at room temperature and increases to several thousands ohms at 77K. 
The spectral photoresponse is measured by a FTIR spectrometer with a low-noise 
preamplifier. The responsibility is calibrated by a blackbody test setup, including a 
blackbody source (Mikron 305), preamplifier (EG&G PA-6), and chopper system. 
The blackbody temperature is set at 800K. The modulation frequency is set at 400 
Hz since response measurements as a function of chopper frequency showed that the 
thermal effect could be neglected at frequencies higher than 200 Hz. The photode- 
tectors were mounted in a liquid nitrogen-cooled cryostat system and the measure- 
ments were taken at temperatures between 77 and 300K. 

The absolute responsivity for an In„,^Tl„„^Sb photodetector showed a cutoff 
wavelength that extends to 11 ^m at 300K. The maximum responsivity in an 
lUj, g^Tlg „^Sb photodetector is about 6.64 VfW at 77K. The corresponding Johnson- 
noise-limited detectivity is 7.64 X 10* cm Hz“^/W. The performance of Inj ^Tl^Sb 
photoconductive detectors is listed in Table 7.14. 



7.5 InBiSb 

Besides adding As or T1 to an InSb lattice, it is also possible to substitute Bi. As a 
result, a rapid reduction of the bandgap is expected. The basis of the prediction is 
InBi, which has a bandgap of 1.5 eV. By alloying InBi with InSb, it has been sug- 
gested that the bandgap energy of InSbBi could be varied from -1.5 to 0.23 eV. 
Assuming a linear dependence of the bandgap energy on the alloy composition, 
InSbj_^Bq can then be expected to reach a bandgap of 0.1 eV at x = 0.08. 



7.5.1 MOCVD Growth of InSbBi 

For the growth of the InSbBi alloy, InSb buffer was first grown under the optimum 
growth conditions determined from the InSb investigations. The growth of InSbBi 



Table 7.14 Performance of Ini TfSb Photoconductors at 77K 
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was then attempted by intruding a small flow of TMBi primarily near the optimum 
growth condition of InSb. The highest Bi concentration in InSbBi was achieved with 
the growth temperature of 456°C, growth pressure of 76 Torr, and V/III ratio of 13. 
The growth rate of this layer was about 1.3 ^m/hr. 



Structural Characteristics 

The (004) XRD for an as-deposited InSbBi layer on InSb substrate showed two dis- 
tinct peaks around 28.4°. The X-ray peak corresponding to InSb substrate is 
observed at an angle of 28.39°. The X-ray peak at an angle of 28.49° is attributed to 
the InSbBi and clearly distinguished from that of InSb substrate. To confirm that the 
peak at higher angular position corresponds to the InSbBi epilayer, X-ray rocking 
curves are measured after successive etching of the film. There is no difference in 
InSb-InSbBi peak angular separation; the intensity of the peak associated with 
InSbBi, which is proportional to the film thickness, is observed to decrease with 
respect to that of InSb. This indicates that the X-ray peak at high angular position 
indeed originates from the InSbBi epilayer. 

A study of the dependence of the lattice constant on the group V input partial 
pressure ratio has been performed. The growth temperature was set at 450°C and 
group V input partial pressure ratio Bi/(Bi -i- Sb) has been varied from 0.043 to 
0.137. Quasilinear dependence of the lattice constant on group V input partial pres- 
sure ratio was obtained. To investigate the crystallinity of the InSbBi thin films, epi- 
layers with different lattice mismatch with InSb have been prepared. As the 
mismatch increases, the FWHM increases, indicating worse crystallinity in films 
with larger lattice mismatch. The broadening of the InSbBi peak is attributed to an 
increase in the defects such as dislocation arising from the increased mismatch with 
InSb. 

Energy dispersive X-ray (EDX) spectra for InSb and InSbBi/InSb showed no ele- 
ments detected other than In, Sb, and Bi. Compared to the InSb sample, the EDX 
spectrum of the InSbBi layer clearly showed the presence of a Bi peak at 2.4 eV, 
which corresponds to a Bi line. This result further confirms the incorporation of 
Bi in the epilayer. 

Optical Characteristics 

The reduction of the bandgap energy by the addition of Bi into InSb was verified by 
optical measurements. Optical absorption measurements were first carried out to 
study the effect of Bi incorporation on the bandgap energy. Figure 7.10 shows the 
differences in the absorption coefficients between InSb and InSbBi, which are 
extracted from the transmission spectra. As can be seen, the difference of the 
absorption coefficient between the two materials is quite substantial, especially in 
the range beyond 6 ^m. It is also clear that the incorporation of Bi in InSb shifts the 
absorption edge to a smaller energy. The bandgap energy of the investigated 
InSbo jgBiu j^ sample roughly estimated from the absorption coefficient of 500 cm ' 
was 0.11 eV at room temperature. 
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Figure 7.10 Absorption coefficient of InSbBi at 300K. 



Photoresponse measurements were performed using FTIR. A distinct shift of 
absorption edge from 5.5 ^m for InSb up to 9.3 ^m for InSbBi was observed at 77K. 
In general agreement with the theoretical prediction, the samples grown at higher Bi 
input flows exhibited longer response wavelengths. 

The rough estimation of solid Bi concentration in the samples has been made by 
linearly interpolating the energy bandgap between InSb and InBi from the fact that 
the bandgap energy of the grown InSbBi deviates only slightly from that of InSb. 
Energy bandgap of -1.5 eV at 300K is assumed for the semimetal InBi. A cutoff 
wavelength of 9.3 ^m corresponds to about 5.8% Bi incorporation in the InSbBi 
layer. 

Electrical Characteristics 

The electrical properties of the InSbBi films with thicknesses varying between 1.4 
and 2.0 ^m were characterized by Hall measurements. At both 77 and 300K, «-type 
conductivity has been observed by the incorporation of Bi, which is believed to sub- 
stitute for Sb in the InSb lattice. 

At room temperature, mobility decreased from 44,100 down to 4,910 cmW-s 
as the Bi concentration increased. At 77K the mobility decreased from 11,000 to 
1,200 cmW-s as the Bi concentration increased. The dependence of mobility is 
probably due to the random alloy scattering potential, which has been shown to be 
significant in other InSb-based compounds such as InAsSb ternary alloy. 

The electron concentration increased from 3.7 X 10'^ up to 2.7 X 10'^ cm'^ with 
the increase of Bi incorporation at 300K. At 77K, the electron concentration 
increased from 4.8 X 10'^ to 3.9 X 10'' cm ' as the Bi concentration increased. The 
increase of electron concentration with the increase of Bi concentration is compati- 
ble with a decrease of the energy bandgap in InSbBi ternary alloys. 
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Temperature-dependent Hall measurements were also carried out to exam- 
ine the Hall mobility and carrier concentration behavior as a function of tempera- 
ture. The mobilities first increased a little bit and then decreased (x = 0, 4%) 
when temperature decreased from 300K to 77K. The maximum motilities occur at 
250°C for X = 0 and 275°C for x = 4%. The decrease in mobility with decreasing 
temperature was attributed to the dislocation scattering that dominates at low tem- 
perature. Dislocation scattering is expected to be the dominant scattering mecha- 
nism at low temperature in a dislocated material with a low or moderate doping 
level. 

It has been found that the electron concentration of the Bi incorporated sample 
is always larger than that of InSb sample regardless of temperature. The more Bi 
that is incorporated into the InSb, the less intrinsic behavior is observed in the 
InSbBi samples. Sample with 5% Bi content shows an almost flat carrier concentra- 
tion down to 125K and then an increase of concentration, implying the uninten- 
tional p-type doping nature. 

7.5.2 InSbBi Photodetectors 

The preliminary LWIR InSbBi photoconductors were fabricated from the samples 
grown on semi-insulating GaAs substrates [74]. For the ohmic contacts, 500A Au 
and 3,000A Ti were evaporated by electron beam evaporation. The contact pattern 
is made using a metal mask, which covers parts of the surface during the evapora- 
tion. The active area of the photodetector was 4 mm^ with a 2-mm electrode spac- 
ing. The photodetectors were mounted onto copper heat sinks and the electrical 
contact was made by an Au-wire bonding. The resistance of an InSb^ j^Bi,, photode- 
tector was 435Q at 77K and llOQ at 300K. 

The spectral response at different temperatures of the photodetector fabricated 
from the InSbuj^Bigg., sample was measured. The photoresponse cutoff wavelength 
shifts to 7.7 ^m at 77K and to 9.3 ^m at 200K. The responsivity decreases with the 
increase in temperature. The SNR was too weak to make adequate measurements at 
temperatures greater than 200K. This decrease of responsivity and SNR is due to the 
increase of intrinsic carries caused by the decrease of the bandgap. The maximum 
responsivity at 7 ^m is about 3.2 VfW. The corresponding Johnson-noise-limited 
detectivity is about 4.7 X 10* cvaWx'^rW. 

The carrier lifetime of the fabricated LWIR detector is estimated from the 
voltage-dependent responsivity measurements. The measured responsivity increases 
linearly with the bias at low bias voltage. However, it can be observed that the 
responsivity begins to saturate at a bias voltage of 5.5V at 77K. This saturation of 
responsivity can be explained by the minority carrier sweepout at the electrode at 
high bias field. Taking the absorption quantum efficiency as ?; = 0.21 from IR trans- 
mission measurements, the carrier lifetime mobility is found to be tr] = 2.35 X 10^ 
cmW. So the carrier lifetime is estimated to be about 86 ns at 77K. 

Room temperature operation photoconductors based on «-type InSb„ „Bi(, 
have been fabricated and characterized for the first time [75]. The spectral response 
of an uncooled InSbo^jBi^^^ photoconductor showed a cutoff wavelength that 
extends up to 12 ^m at 300K. The voltage responsivity at 10.6 ^m was about 1.9 
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mV/W at room temperature and the corresponding Johnson-noise-limited detectiv- 
ity was estimated to be about 1.2 X 10*^ cmHz'“/W. The carrier lifetime derived from 
the voltage-dependent responsivity measurements was about 0.7 ns. 



7.6 InTIAsSb 

To exceed the limitations imposed by the InTlSb miscibility gap, arsenic can be 
added to form a quaternary material with an extended photoresponse cutoff wave- 
length. This work led to the first successful demonstration of InTIAsSb on GaAs sub- 
strates with a cutoff wavelength up to 15 ^m at room temperature. These 
measurements were the first observations of a room temperature band-edge photo- 
response at such long wavelengths from III-V alloys. 

Film deposition was carried out in a horizontal cold wall LP-MOCVD reactor. 
TMIn, TMSb, CPTl, and 5% AsHj were used as precursors of indium, antimony, 
thallium, and arsenic, respectively. The reactor pressure was 76 Torr for all of the 
growth and the temperature was around 455°C. The substrates were superclean 
semi -insulated GaAs (100). 

To investigate the bandgap variation due to the As incorporation into InTlSb, 
IR photoresponse measurements using FTIR were performed. Quaternary sam- 
ple (b) [(d)] has the same growth conditions with ternary (a) [(c)] except for the As 
flux. For the InSb sample, an absorption cutoff wavelength at about 5.5 ^m was 
observed at 77K, which agrees with the PL measurement. The feature around 4.3 ^m 
is due to the GO^ absorption in the spectrometer. A clear shift of an absorption cut- 
off wavelength to a longer wavelength up to 8.5 ^m was obtained for InTlSb, which 
indicates decrease in the energy gap by T1 incorporation. A further increase in the 
cutoff wavelength is achieved by incorporating As into the InTlSb alloy. This indi- 
cates that there is a strong bowing effect in InTIAsSb systems similar to the case of 
InAsSb. A cutoff wavelength as long as 10.8 ^m is obtained from InTIAsSb at 77K. 
These results were the first observation of IR photoresponse at such a long wave- 
length from the III-V quaternary alloys. The growth conditions for the sample are 
listed in Table 7.15. 

The InTIAsSb sample with a 10.8-^m cutoff wavelength (corresponding to a 
bandgap of 0.115 eV) exhibited a lattice mismatch of -0.86% to InSb. This is in 



Table 7.15 Growth Parameters for InTIAsSb 
Growth pressure 76 Torr 

Growth temperature 455°C 
Total Hj flow rate 1,500 cmVmin 



TMIn flow rate 
CpTl flow rate 
TMSb flow rate 
AsH, flow rate 
Growth rate 



3.75 /tmol/min 
0.00043 ^mol/min 
35.74 ^mol/min 
9.38 ^mol/min 
0.7 /tm/hr 
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contrast with the InAsSb system, which has 0.175-eV bandgap energy with the same 
mismatch to InSb. Note that InAsSb has a -2.27% lattice mismatch to InSb when 
the bandgap is at a minimum (InAs„jjSbo 3 j: 0.136 eV at 77K). The present result 
indicates that the InTlAsSb alloy can exhibit longer cutoff wavelengths than can the 
InAsSb system while maintaining less lattice mismatch to InSb. Realization of 
lattice-matched InTlAsSb with InSb would improve device performance signifi- 
cantly by reducing the inevitable generation of misfit dislocation. 

LWIR photoconductivity up to 15 ^m was demonstrated for the first time. 
These measurements were the first observation of a room temperature band-edge 
photoresponse at such a long wavelength for the III-V quaternary alloys. 

The electrical properties of the InTlAsSb films with thickness of 1.4 ^m were 
investigated by Hall measurements. The Hall coefficients for the undoped samples 
were negative at room temperature. The room temperature mobility decreases from 
16,100 to 6,190 cmW-s as the flow rate increases. The molar flow rates of TMIn, 
CpTl, and TMSb were fixed. The decrease of mobility may be due to the increase of 
impurity and random alloy scattering. With an increase in the As flow rate, the 
300K electron concentration increased from 8.8 X 10'“^ to 3.8 X lO'^cm at 300K. 
For the InTlAsSb sample with a 10.8-^m cutoff wavelength, the electron concentra- 
tion was 7.6 X 10'^ and 1.6 X lO'^cm^^ at 77 and 300K, respectively. 



7.7 InAsSb/lnAsSbP for IR Lasers 

The most thoroughly developed III-V semiconductor for MIR lasers is based on the 
InAsSb/InAsSbP quaternary alloy grown on InAs substrate. This material system is 
a promising candidate because it can cover the 3- to 5-^m region by adjusting its 
alloy composition. Additionally, the InAsSbP material system has a fairly large 
growth window. The state-of-the-art growth, characterization, and operating char- 
acteristics for interband lasers based on the InAsSbP material system are presented 
and reviewed throughout this section. 

InAsSbP is a quaternary alloy comprised of InAs, InSb, and InP binary materi- 
als. The physical properties of these binaries are summarized in Table 7.16. InAsSbP 
has a very wide range of energy gap and lattice constant values. Two binary sub- 
strates can be matched with the quaternary alloy: InAs and GaSb. However, InAs 
substrates are preferred because they are less expensive and of higher quality than 
GaSb substrates. Furthermore, GaSb has a relatively large refractive index that will 
reduce the optical confinement of the laser structures. 

Fukui and Horikoshi [76] reported the first growth of InAsSbP on InAs sub- 
strates by MOGVD in 1980. They also reported a miscibility gap for compositions 
with less than 30% arsenic. Other groups have also demonstrated high-quality 
InAsSbP materials with energy gaps close to theoretical predictions. However, as 
the arsenic content is reduced, transmission electron micrographs show composi- 
tional fluctuations. This has been interpreted as compositions that lie within the 
miscibility gap. Gurrently it is accepted that the miscibility gap extends to composi- 
tions with less than 20% arsenic. 
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Table 7.16 Physical Properties of InAs, InSb, and InP 




T(K) 


InAs 


InSb 


InP 


Crystal structure 




Cubic (ZnS) 


Cubic (ZnS) 


Cubic (ZnS) 


Lattice constant (A) 


300 


6.0584 


6.4788 


5.8688 


Energy gap (eV) 


300 


0.36 


0.18 


1.35 




0 


0.41 


0.36 


1.42 


Melting point (K) 




1,215 


803 


1335 


Coefficient of thermal expansion (lO^K ’) 


300 


4.52 


5.04 


5.0 


Im^ 


4 


0.024 


0.014 


0.077 




4 


0.025 


0.018 


0.12 




4 


0.37 


0.4 


0.55 


jm^ 


4 


0.14 


0.44 


0.12 


Electron mobility (cmW-s) 


300 


3 X 10 " 


8 X 10 " 


5 X 10 " 




77 


8 X 10 " 


10 ‘ 


4 X 10 " 


Hole mobility (cmW-s) 


300 


200 


850 


150 




77 


500 


10 " 


1200 


Intrinsic carrier concentration (cm^^) 


300 


9 X 10 ‘" 


2 X 10 “ 


1 X 10 * 


Static dielectric constant 




15.15 


16.8 


12.5 


High-frequency dielectric constant 




12.25 


15.68 


9.61 


Elastic moduli (lO’^dyn cm^^) 


300 








Cn 




8.329 


6.669 


10.11 


Cu 




4.526 


3.645 


6.61 


C« 




3.959 


3.626 


4.56 


Refractive index 




3.44 


3.96 


3.35 


Optical phonon (cm ‘) 




242 


193 


320 


LO 




220 


185 


288 



TO 

Source: [77]. 



7.7.1 Growth and Characterization of InAsSb and InAsSbP 

Growth and Characterization of InAsSb 

A low-pressure MOCVD was used for the growth of an InAsSbP material system. 
TMIn, TMSb, AsHj, and PHj were used as precursors. For the growth of 
InAso „Sb„ 0 ^, the TMIn flow rate was kept constant at 1 85 cmVmin. First, it has been 
found that the material characterization is optimized at 585°C. Second, the growth 
rate is not a strong function of temperature between 560°C and 605°C. Further- 
more, the surface morphology of these samples is mirror-like with no defects visible 
under lOOx magnification. The X-ray FWITM was used to optimize the growth 
rate. Growth rates of approximately 150 to 170 A/min were used at growth tem- 
perature of 585°C. 

The optimized growth conditions determined by the procedure above resulted in 
high-quality InAsSb. Its high structural quality is supported by the narrow FWHM 
of 45 arcsec from XRD and interference (Pendellosung) fringes that correspond to 
the epilayer thickness. The morphology is mirror-like with no defects resulting from 
growth. The surface topology has been measured with AFM and the long-range rms 
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surface roughness is approximately one monolayer. The atomic steps can be seen 
with AFM. The optical quality has been verified with photoluminescence. The 
FWHM at low temperatures is 25 meV. 

Growth and Characterization of InAsSbP 

The InAsSbP layers will be the cladding layers; their function is to provide elec- 
tronic and optical confinement. It is most important that the cladding layer be 
lattice matched to the active region to avoid misfit dislocations that may act 
as nonradiative recombination centers. From this information, the optimal clad- 
ding layer composition is InAso 2 oSb„ 3 „P|, 5 o. The composition of InAsSbP can 
easily be controlled via the flow rates of the sources. The optimized growth condi- 
tions resulted in high-quality InAs„ 2 „Sbo 3 „P„ 5 „. The morphology is mirror-like. The 
surface topology has been measured with AFM and the rms surface rough- 
ness is approximately the same as InAsSb or about one monolayer. The optical 
quality and composition have been verified with photoluminescence. As a result 
of the long diffusion length for photoexcited carriers and the lower energy gap 
of the InAs substrate, many of the carriers diffuse and recombine in the InAs 
layer. Therefore, the InAsSbP epilayer and the InAs substrate have similar emis- 
sion intensities. 

Doping 

TeSn is used as «-type dopant. The bubbler pressure and temperature for TeSn were 
700 Torr and -10°C. DEZn is used as a p-type dopant. The bubbler pressure and 
temperature for DEZn were 700 Torr and -5°C. Electrochemical capacitance- 
voltage (ECV) was used to obtain the carrier concentration profile. The temperature 
and flow rate dependence on the carrier concentration have been obtained. 



7.7.2 Strained-Layer Superlattices 

Despite the need for coherent emitters in the 4- to 5-^m wavelength region, addi- 
tional increases in emission wavelength have been found to be difficult with conven- 
tional interband emitter (DH and MQW) structures. For DH lasers emitting at 
2 > 3.4 ^m, the misfit dislocations between the InAs^Sb^Pj_^_^ cladding and InAs^Sb,,^ 
active region are increased to levels that prohibit oscillation. MQW emitters have 
demonstrated the ability to emit spontaneously covering the entire 3- to 5-^m 
region. This is a result of the fact that MQW structures can accommodate a larger 
percent mismatch between active and barrier regions than DH structures as long as 
the thickness of the QW is thinner than the critical thickness. The critical thickness 
of InAs/InAs^Sbj_^ has been calculated using the Matthews-Blakeslee and People- 
Bean relationships [78, 79]. The experimental results are much better fit to the 
People-Bean relationship. 

Also, the emission wavelength for bulk InAsSb shows that around 20% anti- 
mony must be incorporated into a bulk active region for emission up to 5 ^m. From 
our earlier discussion, we know the critical thickness of InAs„ gSb„ ^ is approximately 
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100 A. However, using these dimensions, the electrical and optical confinements and 
gain inherent in the active region are not enough to allow lasing in a MQW struc- 
ture. This has been verified experimentally. 

Strained-layer superlattice (SLS) lasers, which benefit from better optical con- 
finement and more emission wavelength flexibility than is offered by a DH structure 
and a larger gain region than lasers based on a MQW active region, are good candi- 
dates for high power and high -temperature emission between 3.8 and 5 ^m. High- 
temperature operation is enhanced with SLS lasers by the suppression of Auger 
recombination mechanisms with the large number of interfaces and compressive 
strain inherent with these lasers [80]. 

As an example. Figure 7.11 shows the calculated layer thickness (the well thick- 
ness is equal to the barrier thickness) dependence of emission wavelength for 
an InAs„ 55 P„ oj/InAso „Sb „ 25 SLS structure that has a 0.8% mismatch from InAs. 
The Kronig-Penney model, including the strain-induced band-edge shifting, has 
been used for the calculation. The flat dotted line represents the emission wave- 
length of an InAsSb alloy with 0.8% mismatch from InAs, which can only have an 
emission wavelength at A = 3.7 ^m. Alternatively, by changing the layer thickness in 
the superlattice, the emission wavelength can be tuned from 3.3 to 4.5 ^m independ- 
ent of its lattice constant. Therefore, the SLS structure allows the structure to have a 
longer emission wavelength (> 4 ^m) with a nonprohibitive mismatch from InAs 
substrate. 

Three superlattice material alloys have the ability to emit between 3.8 and 5 ^m: 
InAsj_^Sb^/InAsj_yP^, InAs/InAsj_^Sb^, and InAsj_^SbyinAsj_^Sb^. 




Figure 7.1 1 Calculated layer thickness (in our design the well thickness is equal to the barrier 
thickness) dependence of emission wavelength for an lnASog5P(,o5/lnAS(,25Sbo25 SLS structure that 
has a 0.8% mismatch from InAs. 
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7.7.3 Device Results 

InAsSb/lnAsSbP/lnAs DH Lasers 

DH InAsSbP/InAsSb/InAs were grown on (100) -oriented Te-doped InAs substrates 
by LP-MOCVD [81]. The heterostructure consists of a 1.0-^m-thick undoped ter- 
nary active region InAso j^Sbo^g sandwiched between two 1.5-^m-thick InAsSbP con- 
finement layers: Sn doped (~10^* cm“^) and Zn doped (~10'* cm \ respectively, and a 
p* -doped InAs cap layer. 

Broad-area laser diodes with a stripe width of 100 pm were fabricated using a 
liftoff process, in which the p*-InAs cap layer is etched away between the stripes. 
After ohmic contact deposition, individual diodes were cleaved and mounted p-side 
up on copper heat sinks by indium bonding. Uncoated diodes with cavity lengths 
varying from 200 to 1,200 pm were prepared. 



InAsSb/lnAsP/lnAs SLS Lasers 

SLS laser structures were grown on (lOO)-oriented Te-doped InAs substrates in a 
vertical metal MOCVD reactor [82]. The active region consisted of an 
InAsj_^SbyinAsj_j,Py superlattice with x ~ 0.75 and y ~ 0.05. The barrier and the 
well of the superlattice have the same thickness. The total period thickness is 100 A 
and 80 periods were used. For the entire laser structure, 1.1-pm InAsSbP cladding 
layers were grown before and after the superlattice growth. These layers were 
grown with the same doping profile as those used for DH lasers at the optimized 
temperature of 585°C. Because the composition of both ternary and quaternary 
materials changes with temperature, InAs was grown when the temperature was 
ramped between the cladding and superlattice. At the conclusion of the «-type 
InAsSbP cladding and InAsP/InAsSb superlattice region, InAs was grown while the 
temperature was ramped linearly between 585°C and 560°C. The temperature was 
stabilized for 2 minutes after the ramping period. A growth rate of 100 A/min was 
used to minimize the total thickness of InAs. The structure was completed with a 
100-nm pHnAs cap layer and is shown schematically in Figure 7.12. 

The morphology of the laser structure was mirror-like with misfit dislocations 
similar to those for DH lasers. The XRD spectra have been measured and compared 
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Figure 7.12 Schematic band alignments of a InAsSb/lnAsP SLS injection laser. 
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with theoretical calculations of the spectra. The high crystalline quality of the 
strained superlattice structure is confirmed via X-ray measurements and by the three 
orders of satellite peaks observed in the spectra. These measurements were used to 
determine the average strain of the superlattice to be 0.79%. This is compared to the 
theoretically predicted mismatch of 0.78%. The peaks are well aligned and are peri- 
odic, which demonstrates that the period is the designed thickness and is consistent 
throughout the growth. The measured period from the superlattice satellite peaks is 
98 A while the design period was 100 A. However, the FWHM is far greater for the 
measured spectra, which is most likely due to an interfacial layer in between the two 
layers. The photoluminescence shows a peak emission wavelength at 3.95 ^m with a 
narrow FWHM of only 29 meV at 77K. 

Broad-area laser diodes with a stripe width of 100 ^m were fabricated using a 
liftoff process, in which the p* InAs contact cap layer is etched away between the 
stripes. After ohmic contacts were deposited, individual diodes were cleaved and 
mounted p-side up on copper heat sinks by indium bonding. Uncoated laser diodes 
of cavity lengths varying between 400 and 1,800 pm were prepared, mounted in a 
cryostat and then measured. 

lnAsSb/lnAs(Sb)/lnAs SLSs 

The InAsSb/InAs, InAsj_^Sb^/InAs^Sbj_^ superlattice active regions do not suffer from 
the problems resulting from the InAsP and have the advantages of large emission 
tunability because of the type II band alignment of InAsSb and InAs. However, these 
two superlattice systems have disadvantages. First, associated with the type II align- 
ment is a reduced wave function overlap, resulting in a lower optical matrix element 
and finally a reduced radiative transition probability. Additionally, since InAsSb is 
compressively strained to InAs, the superlattices will also be strained. 

For InAsSb/InAsP STS high values of x are required because of the large conduc- 
tion band offset that InAsP creates in the material. Because InAs and InAsSb are used 
as the barrier materials in InAsSb/InAsSb and InAs/InAsSb superlattice regions, 
much smaller values of x are required. This will allow for higher growth tempera- 
tures that reside closer to the optimum growth temperature. Calculations show that 
for superlattices with the same thickness for well and barrier, x is no greater than 
15%. Furthermore, for both of the active region superlattices, 100-A-thick layers 
will be grown. This ensures that they are below the critical thickness and that the 
number of misfit dislocations is kept to a minimum. 

Despite the fact that the growth temperature is closer to the InAsSb opti- 
mum growth temperature, the switching routine is more critical for these superlat- 
tices than for the InAsSb/InAsP superlattices. Because antimony has a long residence 
time during the growth process, a balance must be made between the growth interrup- 
tion or change in antimony flow rates. Too long an interval translates into complete 
antimony removal, which results in an arsenic-rich InAsSb interface. Too short a 
growth interruption will result in nonabrupt interfaces. The growths of the barriers 
for both of the superlattices focused on are routine. The barriers are either InAs or 
InAsSb with an antimony composition similar to that used for the active region for 
DH lasers. 



7.8 CaSb/lnAs Type II Superlattice for IR Photodetectors 



273 



Broad-area laser diodes with a width of 100 were fabricated. Optical output 
power-injection current characteristics were measured in both CW and pulsed 
mode operation for lasers mounted inside a cryostat with temperatures varying 
between 77 and 140K. Finally, the results for DH and SLS lasers with emissions 
from 3.2 to 4.7 ^m are listed in the Table 7.17. 



7.8 GaSb/lnAs Type II Superlattice for IR Photodetectors 

7.8.1 Introduction 

Recently, type II superlattices have been proposed as an alternative to HgCdTe for 
the strategic windows of the 3- to 5-^m and 8- to 12-^m regions as well as longer 
wavelengths. Type II superlattices are constructed from the III-V material system 
and, hence, they have much better mechanical properties and material uniformity 
than HgCdTe. The electron effective mass in these superlattices is higher than the 
electron effective mass in HgCdTe and InAsSb, therefore the tunneling current is 
less. The bandgap of the superlattice can be changed to cover a wide IR range (from 
~2 ^m to above 25 ^m) by changing the thickness of the layers rather than the mate- 
rial composition. Also, in comparison to QWIPs, type II superlattices have a much 
higher quantum efficiency and they do not require surface gratings for absorption of 
normal incident light. 

Type II band alignment and some of its interesting physical behaviors were 
originally suggested by Sai-Halasz and Esaki [83] in 1977. Soon after that they 
reported the optical absorption of type II superlattices [84] and later the semimetal 
behavior of the superlattice [85]. The applications of such a superlattice were pro- 
posed several years later [86]. The flexibility of the material to cover a huge IR range 
(2 to 50 ^m) and the possibility of a reduced Auger recombination rate [87] drew 
the attention of many groups. Type II heteroj unctions have been found many appli- 
cations in electronic devices such as resonant tunneling diodes (RTDs) and hot elec- 
tron transistors. However, perhaps the most important applications have been in 
optoelectronics. Recently, many significant results have been achieved from type II 



Table 7.1 7 Results for DH and SLS Lasers with Emissions from 3.2 to 4.7 //m 



Pulsed Output CW Output 



A (pm) 


Material Systems 


Power (mW) 


Power (mW) 


/,h (Acm 


To(K) ]„(Acm-‘) 




( cm \ 




(K) 


e.n 


3.2 


InAsSb/InAsSbP/InAs 

DH 


1600 


450 


40 


42 — 


18% @ 
77K 


- 


0.23 


220 


- 


3.4 


InAsSb/InAsSbP/AIAsSb/ 
inAs DH 


1,880 


360 


60 


54 — 


34 


— 


— 


— 


40 


3. 8-4.0 


InAs-InAsSb/InAsSbP/ 
InAs SLS 


1,000 


300 


67 


15 47 


38 


16 


0.3 


120 


34 


4.0 


InAsP-InAsSb/InAsSbP/ 
InAs SLS 


546 


94 


100 


27 — 


30 


— 


— 


125 


28 


4.2 


InAsSb-InAsSb/InAsSbP/ 
InAs SLS 


183 


64 


160 


40 — 


20 


— 


0.3 


140 


43 


4.4 


InAsSb-InAsSb/InAsSbP/ 
InAs SLS 


199 


— 


160 


16 — 


— 


— 


— 


— 


— 


4.7 


InAsSb-InAsSb/InAsSbP/ 
InAs SLS 


92 


— 


440 


— — 


10 


— 


— 


— 


— 
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modulators [88], detectors [89, 90], and laser diodes [91, 92], The active layers of 
photovoltaic and photoconductive type II detectors are made from superlattices 
with a type II band alignment. Similar to a type I superlattice, the allowed energy 
states form “mini bands,” due to the coupling of electrons and holes in adjacent 
wells. However, unlike type I superlattices, the bandgap of type II superlattices can 
be adjusted from nearly 0.7 eV to virtually zero. The minimum of the mini bands of 
such a superlattice in momentum space are at zero value and, hence, the superlattice 
resembles a direct gap semiconductor. Therefore, knowing the band structure and 
the optical absorption in type II superlattices, one can practically use the conven- 
tional photovoltaic and photoconductive structures to realize high-performance 
type II detectors. 

The numerical modeling of the superlattice energy bands has been carried out by 
using the envelope function approximation method. Figure 7.13 shows the calcu- 
lated mini band energy profile of type II superlattices with equal InAs and GaSb lay- 
ers as a function of the period of the superlattice. As an example, a 60 A period will 
give an emission wavelength around 4 ^m. Figure 7.14 shows that a band engi- 
neered type II superlattice shows Auger resonance at large k^^ values, which leads to 
suppression of Auger recombination. 




Figure 7.13 The mini band energy profile of type II superlattices with equal InAs and GaSb layers 
versus the period of the superlattice. 
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Figure 7.14 The band structure of a band engineered type II superlattice shows Auger resonance 
at large kj^ values, which leads to suppression of Auger recombination. 



7.8.2 Experimental Results for Type II Photodetectors 

Uncooled Type II Photoconductor in the LWIR Range 
Growth 

The InAs/GaSb type II superlattices were grown by MBE on semi-insulating GaAs 
substrates [93]. The reactor is an Intevac Modular Gen II MBE machine with 
uncracked As and Sb, and elemental Ga, In, and A1 source material. A 4-,um GaSb 
buffer layer was grown directly on 3-in. GaAs substrates. The wafer was then bro- 
ken into about 1-cm^ pieces and indium-mounted to molybdenum blocks. InAs is 
found to have a very narrow window for planar growth, whereas high-quality GaSb 
can be grown in a wider range of growth conditions when RHEED showed a 1 X 3 
reconstruction pattern. The optimum growth conditions for InAs layers were found 
to be T = 400°G according to a pyrometer, a V-to-III incorporation rate ratio of ~ 3, 
and a growth rate of 0.5 ME/sec. In this condition, RHEED showed 2x4 recon- 
struction patterns. The pyrometer is calibrated with the temperature of the transi- 
tion from alx5toalx3 reconstruction pattern in the GaSb buffer layers. Based 
on the theoretical modeling and simulation, the optimum structure for a room tem- 
perature detector at2 = 11 ^vs\ was chosen. The structure consisted of a 2-,um super- 
lattice with 48A InAs, 30A GaSb, and one monolayer of InSb at the interfaces 
because it is shown to improve the optical and electrical quality of the superlat- 
tice [94] . Einally, the superlattice was capped with a thin 200 A GaSb layer. 

Characterization 

High-resolution XRD was used to investigate the structure of the material. XRD 
simulation has also been performed to verify the superlattice structures. Sharp 



276 



Antimony-Based Materials for Electro-Optics 



X-ray peaks up to the fifth-order satellite were observed, which is an indication of 
high crystal quality and superlattice uniformity in the samples, despite more than a 
6% mismatch between the lattice constant of the superlattices and the GaAs 
substrates. 

The mismatch between the average lattice constant of the SL and the lattice con- 
stant of the GaSb buffer layer is about 0.3%. Although high-quality SLs with thick- 
nesses of about 0.5 ^m can be grown with such mismatch, the mismatch has to be 
reduced for thicker superlattices. Although the average lattice constant of the super- 
lattice can be adjusted by changing the thickness of the InAs layer, this will also 
change the bandgap of the SL. Interface modification provides a better method to 
change the average lattice constant of the superlattices with a little effect on their 
bandgap. The interfaces can be either InSb type or GaAs type. Despite the fact that 
these layers are very thin (about one monolayer), they have a considerable effect on 
the average lattice constant of the SL, since the mismatch between InSb and GaSb is 
about -1-0.6% and the mismatch between GaAs and GaSb is -0.6%. Gonsidering the 
thickness of the interfaces, a precise adjustment of these layers is obviously a difficult 
task. We managed to routinely grow SLs with very low mismatch to the GaSb buffer 
layers by utilizing two techniques. The atomic beam fluxes Ga, In, Sb, and As were 
calibrated with dynamic RHEED technique to below 1% error before each growth. 
Also, a low growth rate of about 0.5 ME/sec was used and, therefore, the deposition 
time of the interface was about 2 seconds, which is considerably longer than the 
actuation time of the shutters in our MBE system (~0.1 second). 

An ETIR spectrometer was used to obtain the room temperature optical 
absorption spectra of the superlattice [95]. The effect of the substrate and GaSb 
buffer layer was removed by measuring the background with a substrate and GaSb 
buffer layer. 

Because electrons and holes are confined in InAs and GaSb, respectively, the 
Hall measurement technique could not be use on superlattices because of the high 
sheet density of electrons and holes in the InAs and GaSb layers. The overall Hall 
coefficient for this material and conductance r, with two dominant channels of 
electrons and holes, can be approximated as follows [96]: 
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where B is the magnetic field in the Hall measurement, and o and ^ are the conduc- 
tivity of each channel and the mobility of carriers. The formula clearly shows that 
the overall Hall mobility can be much smaller than the real mobility of electrons or 
holes if the numerator approaches zero. Because the transport of electrons is more 
important for photodetector operation due to its higher mobility, a single quantum 
well of InAs was grown to examine this property. This provided a simple, fast 
method for electrical assessment of the interface quality. After the optimization of 
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growth conditions, in-plane room temperature mobility of electrons in a 75-A InAs 
well increased from 5,000 to 14,000 cm W-s, which is about half the value of bulk 
InAs. 

Device Measurement 

The photoconductor devices were prepared by making ohmic contacts either with 
indium annealing or aluminum deposition and etching. The samples were then 
mounted to a copper heat sink and attached to the cold finger of a liquid nitrogen 
cryostat equipped with a temperature controller. The spectral photoresponse of the 
device was measured using FTIR. The samples were illuminated through the front 
side with normal incidence. The absolute response of the photodetectors was calcu- 
lated suing a blackbody test set. Figure 7.15 shows the responsivity of the device in 
the 2- to 17-^m wavelength range at 78 and 300K with an in-plane electrical field of 
5 V/cm. 

To assess the temperature dependence, the current responsivity of the device 
was measured at2 = 10.6 ^m wavelength from 78K to room temperature at a con- 
stant electrical field. An allometric function (proportional to 7"' ”) fits well to the 
measured data. Usually the responsivity of the narrow gap materials is an exponen- 
tial function of temperature at higher temperature where Auger recombination 
dominates the recombination mechanism. However, it has been showed theoreti- 
cally by Zegrya and Andreev [97] that the Auger recombination rate is a power 
function of the temperature (proportional to T^) in type II heterostructures com- 
pared to the exponential function in the bulk semiconductors. Because the current 
responsivity is proportional to the carrier lifetime, which is dictated by the Auger 
recombination rate, this power dependency of the responsivity indicates good 
agreement with the theoretical predictions. 

The effective lifetime of the carriers extracted from the responsivity and Hall 
measurements on a t = 0.5-^m-thick superlattice is = 26.8 ns, which is about an 




Figure 7.15 The responsivity spectra of the device at 78 and 300K with an in-plane electrical field 
of 5 V/cm. 
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order of magnitude longer than the carrier lifetime in HgCdTe photoconductors 
with similar bandgap and carrier concentration at room temperature [98]. Because 
Auger recombination is the dominant recombination mechanism at room tempera- 
ture, we believe that the enhancement of carrier lifetime is due to the suppression of 
Auger recombination in the type II superlattice. 

The noise was measured with an FFT spectrum analyzer and a low-noise, wide- 
band preamplifier with a 54-dB voltage gain. The detector was biased by the pream- 
plifier at Vj = 5V. 

The mean-square noise of the detector can be modeled as 

(7.17) 

where is the overall noise of the detector, Vj is the Johnson-Nyquist noise, Vj^^is 
the 1//^ noise, and is the generation -recombination noise. The value of the John- 
son noise can be calculated as follows: 

V^,f=4kTRAf (7.18) 

where k is the Boltzmann constant, T is the temperature, and R = 76Q is the resis- 
tance of the device. The value of Johnson noise for the device at room temperature is 
1.12 nV/Hz'^^. The 1//^ noise can be approximated with this equation: 

( 7 . 19 ) 



where fyf is a constant that depends on the sample, and f is the frequency. This shows 
that at high enough frequencies, Hf noise can be negligible compared to the other 
two types of noise. Then the value of the generation-recombination noise can be 
extracted from the total noise of the device in this range. The noise equivalent circuit 
model [99] was used to extract the noise of the photodetector as = 1.7 nV/Hz'“ 
above 10 kHz. From the preceding equations, the value of the generation- 
recombination noise can be calculated as = 1.28 nV/Hz'“. The generation- 
recombination noise can be approximated as follows [100]: 



2V^ 1+ b ( np xAf \ 

{Iwty^ bn + p\n + p 1+ 



(7.20) 



where tv = 4 mm is the detector width, co is the angular frequency and cot « 1 in this 
experiment, and b is the ratio of to m^. From the equation, the value of the 
carrier lifetime can be calculated as ^ = 17 ns, which is close to the value of the life- 
time extracted from the optical response measurement. 

The response time of the type II uncooled detectors was measured using a room 
temperature quantum cascade laser, developed at CQD at Northwestern University 
[101], as a narrowband, high-speed IR source in our measurement. The quantum 
cascade laser was uncooled and operated at 2 = 8.5 ^m with a negligible time delay. 
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With the time response measurement setup [102], it shows that the detector has a 
fall time below 40 ns. 

The performance of IR detectors is usually compared based on their detectivity, 
which is an indication of their sensitivity. Knowing the responsivity and the noise of 
the devices, we can calculate their detectivity. The uncooled devices show a detectiv- 
ity of about 1.3 X 10* cmHz'^AlC^ at2 = 1 1 ^m, which is higher than the detectivity of 
commercially available HgCdTe at similar wavelengths and temperatures [103]. 
Unlike HgCdTe, these type II superlattices are grown on GaAs substrates and, 
hence, highly uniform material can be grown on 3- and 5-inch wafers readily. In 
comparison to the thermal detectors, such as microbolometers, type II superlattices 
have similar detectivity, but are showing at least 5 orders of magnitude faster 
response [79]. 

Realization of Type II Photoconductors in the VLWIR Range 

High-performance IR detectors with a cutoff wavelength above 16 ^m are highly 
needed for space-based applications such as deep-space astronomy and pollution 
monitoring. Currently available detectors with high quantum efficiency in this 
wavelength range are HgCdTe and extrinsic silicon detectors. However, due to the 
high nonuniformity of HgCdTe, detector arrays with acceptable uniformity 
can only be realized with extrinsic silicon detectors at long wavelengths. Although 
high detectivity and good uniformity have been achieved with this type of detec- 
tor, such a detector has to be cooled below lOK. Consequently, a three-stage 
cryocooler is required that is heavy, bulky, and has a short lifetime. These draw- 
backs are especially important for space applications since they significantly 
increase the launch cost. Theoretical [104] calculations and our experimental 
results [105] show that InAs/GajJn^Sb type II superlattices have an absorption 
coefficient similar to that of HgGdTe, and therefore detectors with very high quan- 
tum efficiencies are possible. However, unlike MGT, the uniformity of the growth is 
not an issue in this material system due to the strong bonding of III-V compound 
semiconductors. 

Growth 

The structures were grown on semi-insulating GaAs substrates. First, GaSb buffer 
layers with a thickness of about 2 ^m were grown directly on the GaAs substrates. 
The growth was optimized for low background doping levels (~5 X 10'* cm *) and 
high surface smoothness (~4-A rms roughness) in this layer. The superlattices con- 
sist of InAs and GaSb layers with one monolayer of InSb at both interfaces and were 
grown directly on GaSb buffer layers. The growth was terminated by a lOOA GaSb 
cap layer. 

Device Measurement 

Spectral photoresponse was measured using a FTIR spectrometer system. The sam- 
ples were illuminated through the front side at normal incidence. Absolute response 
of the photodetectors was calculated using a blackbody setup. Figure 7.16 shows 
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Figure 7.16 The spectral responsivity of three superlattices with cutoff wavelengths from 1 2 to 
25 /xm at 80K. 



the spectral responsivity of three devices based on three different superlattice struc- 
tures covering a 12- to 25-^m range. 

One of the most important issues in the detectors with long cutoff wavelength is 
the uniformity of the material, which is a crucial requirement for high-resolution 
FPA where the device area can be several square centimeters. Comparison of the 
relative spectral response for three samples grown at the center, middle, and the edge 
of a 3 -inch block simultaneously shows that the 10% cutoff energy varied only 
about 5 meV from the center to the edge, proving excellent uniformity over a very 
large area [106]. 

Uncooled Type II Photodiodes in the LWIR Range 

We demonstrated high-performance uncooled photoconductors in the long wave- 
length range based on type II superlattices previously; however, these devices 
are more suitable for single-element detectors and cannot be easily used for 2D 
focal plane array (FPA). Unlike a photoconductor, the current of a photodiode flows 
perpendicular to the surface; hence, it is scaled by the area of the device. Moreover, 
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photodiodes can operate even at zero bias, which not only reduces the bias and heat 
dissipation requirements significantly, but also eliminates the 1//^ noise. This type of 
noise increases inversely with frequency, and can be the dominant source of the total 
noise for low-frequency applications such as IR imaging systems. 

Growth 

The structures were grown using cracked As and Sb sources. The cracking zone tem- 
perature for both cells was 900°C. The deposition rates of the material were cali- 
brated with dynamic RHEED oscillation to within 1%. Eirst, 1 ^m of GaSb contact 
layer doped with Be (N^ = 1 X 10'* cm ') was grown. Then a stack of five devices was 
grown, each of which consisted of 20 periods of p-type InAs/GaSb:Be (39A/40A), 
20 periods of nominally undoped InAs/GaSb (39A/40A), and 20 periods of «-type 
InAs:Si/GaSb (39A/40A) superlattices. GaSb layers in this superlattice had a graded 
doping from 1 X 10'* to 2 X 10'^ cm In the «-type superlattice, InAs layers were 
doped with Si (Nj, = 2 X 10'* cm '). The shutter sequences were designed such that 
both interfaces were InSb type. Einally, the growth was capped with a 0.01 ^m 
InAs:Si (N^ =1 X 10 18 cm *). The growth temperature was about 520°G for the 
GaSb, and 395°G for the superlattices according to a pyrometer calibrated with 
the surface reconstruction transition temperatures of GaSb (~390°G) and InSb 
(~380°G). 

Device Measurement 

Absolute spectral responsivity was calculated from the measured spectral response 
of the devices, using a ETIR spectroscopy system, and the device’s photoresponse to 
a calibrated blackbody setup. The peak responsivity was R. = 0.14 AfW at2 = 7 ^m 
leading to a Johnson-noise-limited detectivity of D =1.2 X 10*cmHz"VW at room 
temperature. 

The operation of type II photodiodes under zero bias ensures that the main 
noise component is the thermal (Johnson) noise and Hf noise is eliminated. Our 
experimental measurements indicate that even under a considerable reverse bias, 
type II detectors do not have a high-frequency Hf noise. The device was under a 
-0.2V bias and illuminated by the chopped IR radiation of a blackbody. The chop- 
per frequency was /„ = 396 Hz, blackbody temperature and aperture diameter were 
Tgg = 800K and = 2.54 cm, respectively, and the detector was located d =15 cm 
apart from the blackbody aperture. Although the measurement includes the noise of 
the preamplifier and the EET spectrum analyzer, the knee of the 1//^ noise is below 
-100 Hz. Under the given parameters, the SNR was more than 44 dB with a band- 
width of Af = 100 Hz around = 396 Hz. 

A QGE, operating at room temperature [107], was used as a high-speed source 
of IR radiation at2 = 5 ^m to study the response time of the uncooled type II devices. 
Gonsidering the fall time of the preamplifier (-50 ns) and the fall time of the output 
signal of the preamplifier (-110 ns), the detector response time was about (110^ - 
50Y“ -100 ns using the sum-of-squares approach. 



282 



Antimony-Based Materials for Electro-Optics 

Realization of Type II Photodiodes in the VLWIR Range 

The previous experimental results suggest that type II superlattices have superior 
uniformity compared with the available interband detectors in the VLWIR range. 
However, realizing that the material quality cannot be enhanced on a lattice mis- 
match substrate, we started the work on GaSb substrates. Photovoltaic devices were 
the natural choice due to the high conduction of the undoped substrate as well as the 
benefits of the photovoltaic devices for imaging applications. 

Growth 

The material is grown with As and Sb valved cracker sources on p-type GaSb sub- 
strates [108]. The photodiode structures were grown at 395°G according to a cali- 
brated pyrometer. First, a 1-^m GaSb buffer/contact layer doped with Be (p ~ 1 X 
10'* cm *) was deposited. Next a 0.5-pm-thick InAs/GaSb:Be (p ~ 1 X 10'* to 
3x10'^ cm *) superlattice was grown, followed by a 2-^m-thick nominally undoped 
superlattice. Finally, a 0.5-pm-thick InAs:Si/GaSb (n ~ 1 X 10'* cm * ) superlattice 
was grown and capped with a 100-A-thick InAs:Si [n ~ 1 X 10'* cm * ) top contact 
layer. The growth rate was 0.5 ML/sec for InAs layers and 0.8 ML/sec for GaSb lay- 
ers. The V/III beam-equivalent pressure (BEP) ratio was about 4 for InAs layers and 
about 1.2 for GaSb layers. The cracker temperature for As and Sb cells was 800°G. 
The selected thicknesses of the InAs and GaSb layers were determined for specific 
cutoff wavelengths using a four-band superlattice k • p model. For devices with a 
cutoff wavelength of nearly 16 pm, the thickness of the InAs layers was 54 A and the 
thickness of the GaSb layers was 40A. 

Characterization 

The structural quality of the epitaxial layers was assessed using high-resolution 
XRD. The mismatch between the average lattice constant of the superlattice and the 
GaSb substrate was below 0.06%, while the FWHM of the satellite peaks was below 
50 arcsec for the grown devices. 

The surface morphology of the samples was also studied with AFM. Wide 
atomic steps are visible, which indicates excellent surface smoothness. Samples with 
a rms surface roughness below 4A over a 20-pm X 20-pm area can be grown rou- 
tinely, which is among the best reported values for this material system. 

Device Measurement 

The samples were then processed into 400-pm X 400-pm mesas using standard 
lithography and wet etching. Ti/Au contacts were defined for top and bottom con- 
tacts with metal evaporation and liftoff techniques. The samples were then indium 
bonded to a copper heat sink and attached to the cold finger of a liquid nitrogen cry- 
ostat with KRS-5 windows. 

Figure 7.17 shows the measured and modeled current densities versus the 
applied bias for devices with a cutoff wavelength of = 16 pm. The calculated cur- 
rent density, which consists of tunneling, generation-recombination, and diffusion 
current densities, shows good agreement with the measured values for forward and 
reverse biases [85]. 
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Figure 7.17 The measured and modeled dark current density of a device with 7^ =16/<matT = 
80K. The model consists of the tunneling, generation recombination, and diffusion components of 
the dark current and indicates that generation-recombination is the dominant source of the dark 
current around zero bias. 



Also, we could observe the Wannier-Stark oscillation in the Zener tunneling 
current of these devices. Figure 7.18 shows the differential resistance of the device 
versus reverse voltage bias. An oscillation with a peak-to-peak separation of about 
29.9 mV is clearly visible. The thickness of the depleted layer was extracted to be 




Figure 7.18 The differential resistance of a device with A^ = 16 at T = 80K versus reverse bias 
shows a clear oscillation due to the Wannier-Stark oscillation in the Zener tunneling current. 
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= 120 nm, and the background doping level to be p = 2.1 X 10'^cm“^ This value 
shows excellent agreement with the calculated background doping level based on 
the dark current modeling. This agreement and the fact that the background calcula- 
tion based on the Wannier-Stark oscillation can be calculated without involvement 
of unknown parameters indicate that the above value must be very close to the real 
background level. 

Absolute spectral responsivity was calculated from the measured spectral 
response of the device using a FTIR spectroscopy system and its photoresponse to a 
calibrated blackbody setup. Figure 7.19 shows the typical spectral responsivity of 
the detectors with A^= 16 pm. The absorption features of CO^ and H^O are due to 
the small difference in the optical pathlength of the background measurement and 
the detector measurement. The peak responsivity for the sample is about 3.5 A/W, 
which leads to a quantum efficiency of -35% at 12 pm. Adding an antireflection 
coating can reduce the 30% surface reflection of the device such that the quantum 
efficiency will reach nearly 50%. The 90% to 10% cutoff energy of the responsivity 
is only about 13 meV at T = 80K, which is close to the thermal limit of 2kT = 12 
meV. Such a sharp cutoff is a unique characteristic of our superlattices compared 
to the published results of other groups working on type II superlattice detec- 
tors [109-111] due to the use of binary materials, which are believed to have signifi- 
cantly enhanced the uniformity and reproducibility of the energy gap. 
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8.1 Introduction 

The study of zero-dimensional (OD) semiconductors has been the subject of intense 
investigation in recent years. Interest in such nanostructures is mainly a result of the 
unique application of their physical phenomena and potential device applications. 
Compared to bulk (3D) materials and 2D QW structures, quantum dots are the pro- 
totype of OD systems and, as such, possess many unique properties. Semiconductor 
QDs are also of great interest for the study of basic quantum mechanical effects. The 
electronic states in a QD are spatially localized and the energy is fully quantized, 
similar to a single atom or atomic system. So the system is more stable against any 
thermal perturbation. In addition, due to the quantization, the electronic density of 
states near the bandgap is higher than in 3D and 2D systems, leading to a higher 
probability for optical transitions. Furthermore, the electron localization may dra- 
matically reduce the scattering of electrons by bulk defects and reduce the rate of 
nonradiative recombination. These properties, among others, are directly relevant to 
the high thermal stability and high quantum efficiency of light-emitting and light- 
detecting devices, and they are of great importance in terms of device applications. 

Semiconductor nitrides such as aluminum (AIN), gallium nitride (GaN), and 
indium nitride (InN) are very promising materials for their potential use in optoelec- 
tronic devices and high-power, high-temperature electronic devices. These materials 
and their ternary and quaternary alloys cover an energy bandgap range of 1.9 to 6.3 
eV, suitable for band-to-band light generation with colors ranging from red to UV 
wavelengths. Nitrides are particularly suitable for application in surface acoustic 
wave devices, UV detectors, Bragg reflectors, waveguides, and UV and visible light- 
emitting diodes (LEDs). GaN-based LEDs and LDs have been achieved using thin 
films or QWs [1]. A flurry of interest in low-dimensional GaN and other Ill-nitrides 
is in part associated with the desire to develop new optoelectronic devices with 
improved quality and wider applications. Development of light emitters with QDs, 
for example, is expected to result in a lower threshold current in LDs and a higher 
thermal stability of the devices [2] . 

To access the advantages of QDs, many requirements must be met in material 
preparation. The most important requirements relate to the size and of its 
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distribution of QDs. Depending on the material and the dot shape, the maxi- 
mum size should be near or less than some characteristic length of the electrons 
in the bulk Ill-nitrides, such as the exciton radius. The typical value is on the 
order of a few nanometers. With such a small size, the practical applications are 
thus often associated with a large assembly of QDs rather than a single one. 
This implies that the size uniformity of the dot assembly is critical. Fluctua- 
tions in dot size produce an inhomogeneous broadening in quantized energy lev- 
els and may destroy the very properties expected from a single QD. In addition 
to size uniformity, the spatial position of each QD is also important in many applica- 
tions. The random rather than well-ordered distribution may damage the coher- 
ence of the optical and electronic waves propagating through the system. Similar to 
other semiconductor heterostructures, the surface or interface of the QDs must also 
be free of defects. Otherwise, the surface/interface may become the effective scatter- 
ing center for electrons. Fabrication of a QD assembly with small and uniform size, 
high density, well-ordered placement, and defect-free materials today remains a seri- 
ous challenge in any semiconductor system, especially when using Ill-nitride 
materials. 

The properties of Ill-nitride QDs are closely related to those of bulk materials 
that have been reviewed in many articles [3, 4]. In Table 8.1 we list the material and 
physical parameters of GaN, AIN, and InN that are relevant to QD investigations. 
Although bulk GaN, AIN, and InN can all crystallize in wurtzite, zinc blende, and 
rock salt structures, in ambient conditions, the thermodynamically stable structure, 
however, is the wurtzitic phase. In this case, the GaN, AIN, and InN have direct 
room temperature bandgaps of 3.4, 6.2, and 1.9 eV, respectively. The bandgap, as 
well as the detailed electronic structure, can be modified by incorporating alloy and 
low-dimensional structures such as QWs and QDs. Depending on material, size, and 
shape, very rich electronic and optical phenomena can be observed from quantum 
structures that are not expected in bulk. 

Ill-nitride QDs are commonly the strained systems. As listed in Table 8.1, the lat- 
tice constants for bulk wurtzitic GaN are 3.189 and 5.1 85 A in the in-plane and c 
directions, respectively. For AIN, they are 3.11 and 4.98A. For InN, the values are 
3.55 and 5.76A. The lattice constants of In^Gaj_^N and Al^Gaj_^N alloys can be roughly 
estimated by assuming linear interpolations from two ending compounds. Using these 
data, the lattice mismatch between GaN and AIN in the basal plane is 2.5% and is 
much larger between GaN and InN (10%). The lattice mismatch and its induced 
strain have a profound effect on the growth, structures, and properties of semiconduc- 
tor QDs. 

Wurtzite Ill-nitrides are noncentrosymmetric and uniaxial crystals. They exhibit 
a large effect of spontaneous and strain-induced polarization. The piezoelectric coef- 
ficients, as listed in Table 8.1 are almost an order of magnitude larger than in tradi- 
tional III-V compounds such as GaAs. The large amount of polarization charge may 
appear at the heterointerface even in the absence of strain due to the difference in the 
spontaneous polarization across the interface. The very strong internal electric field 
induced by the polarization charge and piezoelectricity is very unique to Ill-nitride 
heterostructures and has a dramatic effect on the properties of QDs. 
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Table 8.1 Material Parameters of Wurtzite Ill-Nitride Semiconductors 
Parameter Notation Unit GaN AIN InN 



Lattice constant 
Lattice constant 
Thermal coefficient 
Thermal coefficient 
Bandgap, 300K 
Bandgap, 4K 
Electron effective mass 
Hole effective mass 
Elastic constant 
Elastic constant 
Static dielectric constant 
Spontaneous polarization 
Piezoelectric coefficient 
Piezoelectric coefficient 
Binding energy exciton A 



a 


A 


3.189 


c 


A 


5.185 


Aala 


K‘ 


5.59 X 


Adc 


K‘ 


3.17 X 


E 

g 


eV 


3.42 


E 

g 


eV 


3.505 




m. 


0.22 


m, 


ni„ 


>0.8 


C ,3 


GPa 


94 


C33 


GPa 


390 




Eo 


10.4 




CIm 


-0.029 




CIm 


-0.49 


633 


C/m" 


0.73 


G. 


meV 


21 





3.112 


3.548 




4.982 


5.760 


10"^ 


4.2 X 10^ 




10^ 


5.3 X 10^ 






6.2 


1.93 




6.28 





127 


100 


382 


392 


8.5 


15.3 


-0.081 


-0.032 


-0.60 


-0.57 


1.46 


0.97 



The purpose of this chapter is to review the advances achieved in the past few 
years in the growth of Ill-nitride QDs and their unique properties. Issues relevant to 
the growth and the structures of QDs are described in the next section. The proper- 
ties associated with quantum confinement, strain, and polarization in 
GaN/Al^Gaj^^N and In^Gaj^^N/GaN QDs are discussed in detail in Section 8.3. 



8.2 Growth of Ill-Nitride QDs 

The majority of Ill-nitride QDs are grown by self-assembled growth, using MBE or 
MOGVD. Due to the lack of a suitable substrate material that is lattice matched and 
thermally matched to GaN, Ill-nitride hetero structures are commonly grown on 
foreign substrates. Sapphire (a-A 1 ^ 03 ) is the one most extensively used. Wurtzitic 
GaN QDs have also been grown on other substrates such as 6H-SiG(0001) and 
Si(lll). 

The self-assembled growth of QDs takes advantage of the Stranski-Krastanov 
(SK) growth mode as schematically shown in Figure 8.1 [5, 6]. The SK mode is 2D 
growth of a few monolayers, called a wetting layer, followed by 3D island forma- 
tion. The investigation of InAs QDs grown on GaAs shows that the 2D to 3D transi- 
tion in the SK mode is in fact a first-order phase transition [7]. 

Experimentally, the growth mode depends not only on the materials of both 
epilayer and substrate but also on the growth conditions such as the substrate tem- 
perature and flow rates of various sources. Essentially, it is the result of competi- 
tion between the kinetic energy of adatoms and the free energies of bulk, 
surfaces, and interface. For a lattice-matched system, in the limit of equilibrium 
growth, the layer-by-layer growth is favored if the energy of the substrate surface 
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F-vdM V-W S-K 



Figure 8.1 Schematic diagram of the three possible growth modes: Frank-van der Merwe, 
Volmer-Weber, and Stranski-Krastanow. 



is higher than the sum of the epilayer surface and interface energy. Island or 
3D growth can be realized by changing the surface and interface energy. In a lattice- 
mismatched system, the bulk elastic energy induced by the strain in the epi- 
layer plays an important role. Because it increases with the layer thickness, strain 
relaxation is expected when the layer thickness is increased beyond a critical value. 
In fact, the SK mode is mostly observed when an epilayer is subject to a compressive 
strain. In this case, the stress field tends to force the adatoms to coalesce. The strain 
energy can be partially released by the formation of islands through elastic relaxa- 
tion, without any dislocations in the islands [5]. When an epilayer is subject to a ten- 
sile strain, the growth usually continues to be 2D and the strain energy is released 
through plastic relaxation with the creation of dislocations. However, the transition 
from 2D to 3D growth is possible in the case of tensile strain if the lattice mismatch 
between an epilayer and substrate is large [ 8 ]. The spontaneous growth of QDs by 
either the 3D or SK mode is known as self-organized or self-assembled growth. 

The self-assembled growth and selective growth of GaN and In^Gaj.^N QDs 
have been demonstrated using both MBE and MOGVD techniques. Other growth 
methods such as laser ablation and reactive RF sputtering have also been reported. 
In the following subsections, we describe in detail the growth and structures of GaN 
and In^Gaj_^N QDs by MBE, MOGVD, and other techniques. 



8.2.1 MBE Growth of Ill-Nitride QDs 

GaN QDs 

In Ill-nitride MBE growth, solid Ga, Al, and In are used as the III growth sources. Both 
RF nitrogen plasma [9-14] and ammonia (NH 3 ) [15-17] have been used as nitrogen 
sources. The main steps in Ill-nitride QD growth on sapphire substrates are substrate 
cleaning, substrate nitridation, buffer layer growth, and active layer growth. 

Substrate cleaning is a standard procedure and includes the steps of surface 
degreasing, chemical etching, and thermal annealing after introduction into the 
growth chamber. Nitridation is achieved by exposing the sapphire surface to nitro- 
gen plasma. During this step, a reactive layer, most likely Alj^O^N, may be formed. 
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An AIN or AlN/GaN buffer layer then follows. This buffer layer normally leads to 
an epilayer with a Ga face that is of better quality than that with the N face [18,19]. 
The active layer can be either a single layer of GaN QDs or repeated layers of GaN 
QDs separated by AIN spacer layers. The latter is necessary for many practical 
applications requiring higher QD density. In this case, the AIN is not only used to 
isolate the adjacent QD layer, but it also provides a flat surface for the growth of the 
following QD layer. 

Typically, after substrate nitridation, a thin (-10-30 nm) AIN buffer layer is 
grown at a temperature between 500°G and 550°G, followed by a thick (0.2- to 
1.5-^m) AIN layer grown at a higher temperature of 650°G to 730°G [20]. 
Sometimes the growth of the thick AIN layer is preceded by a thick (~2-^m) 
GaN buffer layer [9]. The GaN QDs are grown on AIN by depositing 2 to 4 ML of 
GaN at temperatures ranging from 680°G to 730°G. Due to the 2.5% lattice mis- 
match between GaN and AIN, under the growth conditions used, the growth fol- 
lows a SK mode. After the 2D growth of a GaN wetting layer (about 2 ML), 3D 
growth follows and the GaN QDs are formed [9] . The growth mode is sensitive to 
the substrate temperature and the GaN-deposited amount. At growth temperatures 
below 620°G, growth was purely 2D. Only at the elevated temperatures 
(680-730°G), that is, the growth transitions from 2D to 3D, did the SK mode take 
place [9]. 

AFM has been widely used to image the general morphology of QDs that 
are not covered by any capping layer. Figure 8.2 shows the typical AFM images of 
the GaN QDs grown on AIN at three different temperatures near 700°G [11]. The 
dot density is higher than 10" cm“^ and decreases with growth temperature. The 
density can be effectively reduced through a postgrowth reorganization, called the 
ripening effect [9], after GaN growth is finished. During this period, the sample is 
exposed to N plasma and kept at high temperature for approximately 50s. 
Figure 8.3 clearly demonstrates the ripening effect. In this particular case, as com- 
pared to the sample without 50s of ripening, the dot density was reduced from 




Figure 8.2 AFM images (200-3,200 nm) from GaN quantum dots grown on an AIN surface at 
(a) 725°C, (b) 705°C, and (c) 685°C. The growth follows the SK mode. The dot density decreases 
with growth temperature. (From: [1 1]. © 1998 American Institute of Physics. Reprinted with 
permission.) 
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Figure 8.3 (a) AFM image of smooth AIN surface, (b) CaN quantum dots formed by depositing 

the equivalent of four GaN monolayers on the smooth AIN surface immediately followed by cool- 
ing under vacuum, (c) GaN quantum dots formed by depositing the equivalent of two CaN 
monolayers on the smooth AIN surface immediately followed by exposure to N plasma for 50 sec- 
onds. The structure reorganization or ripening effect is observed in part (c). (From: [9]. © 1 997 
American Physical Society. Reprinted with permission.) 



5 X 10" to 5 X 10'“cm \ while the average size (height/diameter) increased from 
2/20 to 5/25 nm. 

A detailed investigation with the help of the RHEED process shows a more signifi- 
cant ripening effect when the samples are exposed under vacuum rather than to nitro- 
gen at growth temperature [11]. At lower temperatures, however, the dot size and 
density remain unchanged under the nitrogen plasma. The reason was suggested that 
the Ga diffusion on the surface might be inhibited in the presence of nitrogen [8]. 

It has been established that the strained islands such as InAs grown in successive 
layers separated by a spacer layer such as GaAs could lead to vertical correlation if 
the thickness of the spacer layer is appropriate [21, 22]. The driving force for such 
vertical self-organization is schematically shown in Eigure 8.4. Islands in the first 
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Figure 8.4 A schematic representation showing the two major processes for the In adatom 
migration on the stressed surface: (1) directional diffusion under a mechanochemical potential 
gradient that contributes toward vertical self-organization and (2) largely symmetric thermal 
migration in regions from the islands' contribution to initiation of new islands not vertically aligned 
with islands below. (From: [21 ]. © 1 995 American Physical Society. Reprinted with permission.) 



layer produce a tensile strain in the spacer above the islands, whereas little stress 
exists in the spacer away from the islands. Indium adatoms impinging on the surface 
would be driven by the strained field to accumulate at the top of the islands where 
they can achieve an energetically lower state due to the lower lattice mismatch 
between the new islands and the spacer. The vertical correlation of self-assembled 
multilayer QDs was also demonstrated in GaN/AlN systems [11, 13]. An example 
of an HRTEM image is shown in Figure 8.5 [11]. It reveals such a correlation for an 
AIN spacer of 8 nm. For a thicker AIN layer of 20 nm, no vertical correlation is 
observed [9]. 

In addition to the strain-induced vertical correlation of GaN QD arrays, a cor- 
relation between the QD growth and the threading edge dislocations propagating in 
AIN has been noted [12]. The conventional TEM and HRTEM images shown in 
Figure 8.6 demonstrate that the GaN QDs may be more likely to form adjacent to 
the edge dislocations. In this experiment, the dislocation density in the thick AIN 
layer is 1.8 X 10“cm \ which is comparable to the density of GaN QDs 
(1.1 X 10"cm“^). The strain field at the opposite side of the dislocation favors the 
nucleation of GaN QDs where the AIN lattice is stretched and the mismatch to GaN 
is smaller [12]. If the dislocation density is high, as in this case, the vertical correla- 
tion of the QDs may be disturbed by the presence of a dislocation line that is slightly 
inclined. Instead of following the vertical positions of the QDs in the previous layer. 
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Figure 8.5 HRTEM image, taken along the [01 -1 0] direction of a superlattice of GaN dots capped 
by AIN. Because of the low magnification of the printed image, the atomic columns are not seen 
although they are present. The vertical correlation of the GaN dots is evident. The two- 
dimensional GaN wetting layer is also clearly visible. Note the dislocation line running through the 
column of dots at the left-hand side. (From: [11].©! 998 American Institute of Physics. Reprinted 
with permission.) 



the QDs seem rather likely to follow the dislocation line. This effect may be not 
important if the dislocation density is much lower than the QD density. 

Linear alignment of GaN QDs can be grown on AIN using vicinal SiC 
substrate [22]. Continuous parallel and periodic steps were formed on the SiC sur- 
faces after being etched by HCl/H^ gas at 1,430°C [private communication with H. 
Nakagawa and S. Tanaka], which can be see in AFM pictures (Figure 8.7). An AIN 
layer grown on this SiC surface can mimic the SiC step organization if proper 
growth conditions are employed [23]. The wide AIN terraces obtained were too 
large to control the GaN nucleus formation, resulting in homogeneous nucleation of 
GaN QDs on AIN. However, the growth of the vicinal surface under stress leads to a 
step-bunching instability that can be directly controlled by tuning the temperature 
and/or the reactant fluxes [24, 25]. By lowering the growth temperature and 
decreasing the AIN layer thickness, terraces of 20 to 50 nm in width and 2 to 5 nm in 
height can be obtained. Final GaN QDs are aligned along the AIN steps, demon- 
strating that nucleation along steps is energetically favorable as far as the growth is 
not kinetically limited [26], as show n in F igure 8.8(a). In Figure 8.8(b), the GaN dots 
are constantly present along the [2115] on AIN facets, due to the fact that high- 
index surfaces can foster 3D island nucleation compared to the nominal (0001) sur- 
face [27]. 

The transition from GaN 2D growth to 3D growth can be realized by changing 
the V/III ratio [28] . At high V/III ratio the growth mode was 3D growth, while at low 
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Figure 8.6 (a) Weak-beam image of a cross section of the GaN QDs in an AIN matrix (g = 

{2,-1 ,-1 ,0}). Only dislocations with a Burgers vector along c = [0001 ] are visible. Most of them are 
screw dislocations, (b) Weak-beam image with g = (0001) of the same area. Only dislocations with 
an in-plane component Burgers vector of the form 1 /3, <2,1 ,-1 ,0> are visible, (c) Slightly off-axis 
<0,1,-1,0> HRTEM image. The first eight QD layers of the samples are seen. One can note that the 
shapes of the QDs of the first three QDs layers above the AIN thick layer are less well defined than 
the shapes of the QDs of the other layers. Traces of edge dislocation are outlined by dark arrows. 
The QDs are vertically correlated. (From: [1 3]. © 1 999 American Institute of Physics. Reprinted with 
permission.) 



V/III ratio, the growth mode was 2D growth and GaN QWs formed, as shown in 
Figure 8.9. The 2D-to-3D transition may result from a decrease in effective mis- 
match induced by a continuous Ga film on the growing GaN surface under Ga-rich 
conditions, which is shown schematically in Figure 8.10. The Ga film reduces sur- 
face energy, so the 3D growth mode is more favorable under this condition [29]. 
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Figure 8.7 AFM images of (a) 4H-SiC(0001) vicinal surface after HCI/H 2 etching and (b) an 
~50-nm AIN layer grown on a 4H-SiC(0001 ) vicinal surface. The arrow on the images indicates the 
[1 1-20] direction. (From: [23]. © 2003 American Institute of Physics. Reprinted with permission.) 



However, this Ga film induces a surface strain, which leads to a reduction of 
the effective misfit [30]. Figure 8.11 shows an AFM image of the self-rearranged 
GaN QDs. The low density of dots (about 10'°cm“^) and their inhomogeneous spa- 
tial distribution are attributed to a tendency to nucleate at the edge of AIN 
grains [28]. 

The effect of Ga as a surfactant was further studied in spontaneous rearrange- 
ment of GaN islands on (0001) AIN during annealing [31]. Under N-rich condi- 
tions, the GaN growth follows the SK mode [32], whereas Ga-rich conditions can 
lead to 2D growth mode [31]. GaN growth interruption under nitrogen flux can 
lead to island formation [33]. The interrupt was realized by shutting off N flux after 
a 3-ML-thick GaN film was grown on AIN under Ga-rich conditions. The GaN 2D 
surface did not change for up to 15 minutes. When Ga flux was also shuttered and 
the sample was kept under vacuum, the Ga adlayer rapidly evaporated and the sur- 
face rapidly became a 3D structure. GaN islands were formed. The limitation of 
adatom diffusion is probably not the reason for the surfactant of Ga [33]. It is 
instead likely that Ga greatly increases the nucleation barrier for GaN island forma- 
tion by decreasing the surface energy [29]. 

During QD growth, strain evolution and SK transition of the deposited 
layer can be monitored with the RHEED process. Postformation characteriza- 
tion is obtained by AFM, which gives the aspect ratio and the size distribution 
of the QDs and their density. An accurate characterization of QD morphol- 
ogy in depth is performed with HRTEM. However, such local observations do 
not provide any statistical information concerning the long-range ordering. Using 
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Figure 8.8 (a) AFM image showing the preferential alignment of GaN QDs along the AIN 
bunched steps, (b) Two-beam [g = (0002)] TEM image. The GaN QDs are mainly detected at the 
step edges and are vertically correlated from layer to layer. (From: [23]. © 2003 American Institute 
of Physics. Reprinted with permission.) 




Figure 8.9 QWs and QDs grown at the same temperature (730°C), but at a different Ga/N ratio 
value (2-3) for the well and for the dots. (From: [28]. © 2002 John Wiley & Sons, Inc. Reprinted 
with permission.) 



X-ray grazing incidence techniques, Chamard et al. [34] studied GaN QD verti- 
cal stacking in multilayers grown by MBE. The QD multiplayers they studied con- 
sisted of 10 bilayers, and each bilayer consisted of a 4-nm AIN spacer and a QD 
layer. 
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Figure 8.10 Schematic of an experimental procedure for growing self-rearranged GaN QDs. (a) 
GaN growth in Ca-rich conditions followed by (b) exposure to Ga alone and (c) Ga evaporation 
under a vacuum, leading to (d) self-rearrangement of GaN into 3D islands. (From: [28]. © 2002 
john Wiley & Sons, Inc. Reprinted with permission.) 




Figure 8.1 1 AFM image of self-rearranged GaN quantum dots on AIN. The growth/rearrange- 
ment temperature was 740°C. The GaN coverage was 3 ML. (From: [28]. © 2002 john Wiley & 
Sons, Inc. Reprinted with permission.) 
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The growth of GaN QDs on Si(lll) [15, 35] and SiC(OOl) [36] substrates by 
MBE has also been reported. The purpose of growing GaN QDs on Si substrates is 
mainly for the integration of LEDs with Si technology. The growth processes in the 
former case are essentially the same as those for sapphire substrates. By controlling 
the size of the GaN QDs in the AIN matrix, intense room temperature PL with dif- 
ferent colors from blue to orange as well as white was demonstrated [15]. When 
GaN was grown on a 3G-SiG(001) surface, QDs with a cubic rather than a hexago- 
nal structure can be obtained. The zinc-blende GaN islands were formed on AIN 
buffer by RE MBE with an average height of 1.6 nm and a diameter of 13 nm. The 
island density is 1.3 X 10"cm^^ [36]. 

In addition to the SK mode, 3D growth of GaN QDs on Al^Gaj_^N was 
made possible by using the so-called “antisurfactant” Si [16]. In this experi- 
ment, a smooth Al^Gaj^^N layer was prepared on 6H-SiG(0001) by MOVPE and 
used as the substrate for MBE regrowth. The GaN QDs were grown by MBE in 
which NHj was used as N source and GH 3 SiH 3 was used as a Si source. The 
Al^GUj^^N surface was exposed to Si flux before the GaN growth, and the NH 3 flow 
was stopped for this step. Subsequent GaN growth was carried out with and with- 
out introducing Si on two different samples. In the sample without Si flux during 
the GaN growth, the growth was 2D and streaky RHEED patterns were observed. 
With Si flow, a change of the GaN growth mode from 2D to 3D was observed and 
the RHEED patterns turned out to be spotty. Eormation of GaN QDs was con- 
firmed by AEM. The dot density could be changed by the variation of the Si flux and 
the growth temperature. The dot density decreased by a factor of 10^ and the dot 
sizes increased from 4/50 to 10/200 nm by raising the temperature from 660°G 
to 740°G [15]. 

InGaN QDs 

UV to red electroluminescent devices based on Ill-nitrides grown by MOGVD have 
quantum efficiencies as high as 18% in spite of the huge density of dislocation [37]. 
It is now currently admitted that the high quantum efficiency comes from the 
recombination of strongly localized carriers in high In content zones due to the 
phase demixing of the InGaN alloy [38]. However, output of blue LEDs grown by 
MBE is still low [39]. This can possibly be explained by the different growth condi- 
tions of MBE and MOGVD. Under normal MBE growth conditions, InGaN QWs 
are homogeneous, which has been indicated by TEM [29], but In phase separation 
can occur during typical MOGVD growth conditions. In-rich clusters may act as 
QDs, which are responsible for the high brightness of LEDs based on MOGVD- 
grown materials [40]. 

In^Gaj_^N QDs can be obtained by MBE on GaN with a RE plasma source [41]. 
At 580°G, layer-by-layer growth of In^^^Gao^^jN on GaN was observed during the 
first 1.7 ML of growth. Beyond 1.7 ML, the growth mode was changed from 
2D to 3D and the In^Gaj^^N islands formed (Eigure 8.12) [41]. An AEM image 
(Eigure 8.13) of the In^Gaj_^N surface with 5-ML deposition shows an InGaN QD 
density of ~10"cm“^. The average diameter and height of these QDs are 27 and 2.9 
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Figure 8.12 Variation of the intensity of the RHEED specular spot superimposed on a Bragg spot 
during the first stage of lno 35 Ca(, ,; 5 N growth on GaN. Two oscillations are observed, followed by a 
rapid increase of the intensity due to the intensification of the Bragg spot. (From: [41]. © 2000 
American Institute of Physics. Reprinted with permission.) 




nm 



Figure 8.13 Topographical AFM image of a surface layer of lOo ^jCao^j^N dots grown on GaN. 
(From: [41]. © 2000 American Institute of Physics. Reprinted with permission.) 



nm, respectively. Investigation shows that the transition of 2D-to-3D growth can be 
realized for In content from 18% to 100% [41]. For In content below 18%, InGaN 
growth mode remains 2D. 

In^Gaj_^N QDs grown by the SK mode can also be realized by MBE using NHj as 
the nitrogen source [42]. In this case, In^Ga,_^N was grown on GaN buffer of a 
few micrometers at 530°G to 570°G, with a growth rate of 0.1 to 0.2 ,wm/hr. The 
composition of the In was kept at 0.15. which is larger than the critical value of the 
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2D-to-3D transition (0.12) determined in the same experiments [43]. The 2D-to-3D 
transition was observed after the deposition of 4 to 5 ML (~11A) of In^ jjGa„g 5 N. 
The average InGaN QD size was about 35 nm in diameter and 4 nm in height. The 
island density was approximately 5 X 10'“cm'^ 

A typical surface morphology for In^Gaj^^N QDs on GaN is shown in 
Figure 8.14. Gompared with GaN QDs, the densities and sizes of In^Gaj^^N QDs are 
more difficult to control during growth. Except for AFM and RHEED investiga- 
tions, no detailed lattice structures have been imaged by HRTEM for In^Gaj_^N 
QDs. 

The self-organized growth of GaN QDs by MOGVD was first reported by 
Dmitriev et al. [44, 45]. They grew GaN QDs directly on 6H-S1G substrates. In this 
case, the lattice mismatch between the GaN and SiG was large enough to lead to 
island growth. The migration and evaporation of Ga atoms also play an important 
role in the formation of GaN QDs. The most essential parameters needed for GaN 
QDs growth are growth temperature, GaN coverage, and V/III ratio, which deter- 
mine the migration and/or evaporation of Ga atoms on the GaN surface. The 
growth temperature and growth rate must be calibrated, especially to grow suffi- 
ciently small high-density QDs. 

Suppression of Ga atom migration is required, which is usually realized by low- 
ering the growth temperature for QD growth. In the experiment by Miyamura et 
al. [46], GaN QDs were grown by MOGVD with V/III ratios below 30, as shown in 
Figure 8.15. GaN QDs grown at 960°G have smaller diameters and higher densities 
than those grown at 975°G, while no QDs could grow at 990°G due to serious 




nm 



Figure 8.14 AFM image (1 nm x 1 /<m) of unburied self-assembled ln,Ga,_^N islands grown on 
GaN by MBE. (From: [42]. © 1999 American Institute of Physics. Reprinted with permission.) 
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Figure 8.15 AFM images of CaN QDs grown at (a) 960°C, (b) 975°C, and (c) 990°C, respec- 
tively. The image scale is 500 x 500 nm^. (From: [46]. © 2002 American Institute of Physics. 
Reprinted with permission.) 



migration and evaporation of Ga atoms. Researchers indicated that the formation of 
GaN QDs is very sensitive to the growth temperature. Dependence of GaN QDs 
growth on GaN coverage is shown in Figure 8.16. With an increase in the GaN cov- 
erage from 5.8 to 9.2 ML, the QD density changed from 1 x 10* cm“^ to 5 x 10'“cm“^. 
The density tends to saturate when GaN coverage is greater than 8 ML. There is a 
critical thickness of the GaN layer around 4 ML. By depositing over the critical 
thickness, QDs are immediately formed on the two-dimensional GaN layer. Such an 
abrupt transition from the 2D to the 3D growth mode was also reported for InAs 
QDs [47]. 

Aside from self-assembly growth, selective growth is another important method 
used to obtain GaN QDs. The advantage of selective growth is to get uniform distri- 
bution of the position, shape, and size of QDs. The growth of a uniform array of 
GaN QDs embedded on AlGaN matrix formed on hexagonal pyramids of GaN on 
SiO,/GaN/sapphire substrate by selective MOGVD was reported by K. Tachibana et 
al. [48]. A uniform array of GaN pyramids was realized at 945°G, followed by 
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(c) (d) 



Figure 8.16 AFM images of CaN QDs. The CaN coverages are (a) 3.4, (b) 5.8, (c) 6.9, and (d) 

9.2 ML, respectively. The image scale is 500 x 500 nm^. (From: [46]. © 2002 American Institute of 
Physics. Reprinted with permission.) 



selective growth of 20 periods of GaN/Al„ ^Ga„ MQWs at 1,040°G. Figure 8.17 
shows an SEM picture of the uniform GaN pyramids with GaN QDs at the tops. 
The sizes of the QDs were estimated to be less than 10 nm, based on the top radius 
of GaN pyramids. 

Tanaka and coworkers [49-52] were the first to apply antisurfactant during 
GaN QD growth on Al^Gaj^^N. The self-assembly of GaN QDs is realized in this 
small lattice-mismatched system by exposing the Al^Gaj_,,N surface to Si during the 
growth. The Si is from tetraethyl-silane [Si(G2Hj),,:TESi:0.041 ,umol] (TESi) and 
carried by H^. The antisurfactant involved growth of GaN QDs typically 
includes depositing a thin (~1.5-nm) AIN buffer layer, a thick (~0.6-,wm) Al^Gaj_^N 
cladding layer, and GaN deposition on top of this Al^Gaj ,,N with a short supply 
(5 seconds) of TMG and NH^ during which TESi may or may not be used [49]. As 
shown in Figure 8.18, if TESi is not supplied, a step flow growth of GaN with a 
smooth surface was observed. Only when the Al^Gaj_^N surfaces were exposed to 
TESi were the GaN QDs effectively grown. The step-flow growth observed without 
TESi flux [Figure 8.18(c)] was explained by a fairly small lattice mismatch between 
GaN and Al^Ga,_^N (0.37 % for x = 0.15). Under the exposure of a small Si dose, 
large GaN islands were formed. These islands transformed into isolated small dots 
under a higher Si flux [Figure 8.18 (a, b)]. 

The dot density in this case could be controlled from ~10^ to 10"cm“^ by chang- 
ing the TESi doping rate, growth temperature, growth time, and alloy composition. 
It is very sensitive to the growth temperature, varying by a factor of 10^ between 
1,060°G and 1,100°C. The dot size can also be controlled by a proper choice of 
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Figure 8.17 (a) SEM bird's-eye view of a uniform array of hexagonal pyramids including CaN 
QDs in AIGaN matrix at the tops, (b) Schematic of GaN QDs in AIGaN matrix formed on hexago- 
nal pyramids of GaN on a Si02/GaN/sapphire substrate. (From: [46]. © 2001 john Wiley & Sons, 
Inc. Reprinted with permission.) 




Figure 8.18 AFM images of CaN quantum dots assembled on an AI„Cai_„N surface using TESi as 
an antisurfactant: (a) plane view and (b) bird view, (c) An AFM image of GaN grown on the 
AI^Cai_„N surface without TESi doping, showing a step flow growth. (From: [49]. © 1 996 American 
Institute of Physics. Reprinted with permission.) 
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growth parameters. In the study done by Tanaka et al. [44, 45, 49], GaN QDs were 
grown on an Al^Gaj_^N surface (x = 0.2) [52]. The hexagonal-shaped GaN dots have 
an average height of ~6 nm and diameter of ~40 nm. The dot thickness-to-diameter 
ratio could be changed from 1/6 to 1/2 by varying the growth temperature and Si 
dose [44, 45, 49]. The dot density is ~3 X lO’cm \ more than 1 order of magnitude 
lower than the GaN QDs grown by MBE. For a fixed growth temperature (T = 
1,080°G) the densities of ~5 X lO’ and ~5 X 10*cm“^ were obtained with a TESi 
doping rate of 44 and 176 nmol/min, respectively. By increasing the GaN growth 
time from 5 to 50 seconds, the dot size was changed from -6/40 to -100/120 nm 
[49]. 

MOCVD Growth of InGaN QDs 

InGaN QDs can also be obtained by self-assembly or selective growth. The fabrica- 
tion of self-assembling InGaN QDs on AlGaN surfaces using Si as antisurfactant 
was reported by Hirayama et al. [53]. The microscopic mechanism of antisurfactant 
in the growth of InGaN QDs is not well understood. Incorporation of Si in the 
growth process is assumed to change the surface energy of the AlGaN layer so that 
the growth mode is modified. The AFM photograph (Figure 8.19) shows that the 
average size and height of the QDs grown by MOGVD are approximately 10 and 
5 nm [53], respectively. The density of the QDs can be controlled in the range of 10" 
to 10'”cm“^ by changing the dose of Si antisurfactant. The same group also suc- 
ceeded in fabricating AlGaN QDs by controlling the surface migration of precursors 
in addition to the use of Si antisurfactant. The low growth temperature of AlGaN 
QDs of 900°G was used to reduce the precursor migration on AlGaN surface. 

Indium as an antisurfactant can also be applied in the self-assembly of 
InGaN [54]. One advantage of using In as the antisurfactant is that In itself is a 




Figure 8.19 AFM image of an Ihq 3 gCao 52 N QD on AlgijCaoggN surface without capping layer. 
(From: [53]. © 1999 Elsevier B.V. Reprinted with permission.) 
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constituent component of the InGaN film. In the growth procedure reported by 
Zhang et al. [54], InGaN QDs were formed in InGaN SQWs by reacting with TMIn 
and NHj for a short duration, which was called TMIn treatment. The HRTEM 
image of Figure 8.20 shows a typical microstructure for the InGaN QDs formed in 
the SQW, which originated from In-rich regions in the low-In composition matrix 
with an average width of 4 nm and height of 1.5 nm. The growth mode was two- 
dimensional throughout the growth of the SQW structure without TMIn treatment. 
The existence of InGaN QDs was also verified by PL spectra. 

In^Gaj^^N QDs can also be grown on GaN by MOGVD by means of the strain- 
induced SK growth mode without using an antisurfactant [55]. The InGaN QDs 
were grown on (0001) GaN buffer at 700°G. The growth time and growth tempera- 
ture were proven to be very important to the size and distribution of InGaN QDs. As 
shown in Figure 8.21, with an increase in the growth temperature from 675°G to 
740°G, the density of the InGaN QDs decreases monotonically from 2.1 X 10'“to 
4.5 X lO’cm'^. And the average diameter of the QDs is reduced from 16.8 to 8.4 nm 
by changing the growth temperature from 740°G to 700°G. At 700°G, InGaN QDs 
with a deposited amount of 6.4 ML have two kinds of InGaN QDs: bigger QDs, of 
diameter 15.5 nm and height 5.4 nm, and smaller QDs, of diameter 9.3 nm and 
height 4.2 nm. In another sample with a deposited amount of 19.1 ML, the size of 
InGaN QDs is 8.4 in diameter and 2.1 nm in height, respectively (Figure 8.22). The 
dependence of the InGaN QDs properties on the deposited amount and growth tem- 
perature is similar to that of InAs/GaAs system [56, 57], but the difference is that the 




Figure 8.20 HRTEM images for InGaN SQW cross sections (a) with and (b) without TMIn treat- 
ment. Arrows point to the low-barrier/well interfaces. (From: [54]. © 2002 American Institute of 
Physics. Reprinted with permission.) 
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Figure 8.21 AFM images of InCaN self-assembled QDs on a CaN buffer layer at growth tempera- 
tures of (a) 675°C and (b) 740°C. (From: [55]. © 1999 American institute of Physics. Reprinted 
with permission.) 
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Figure 8.22 AFM images of (a) a CaN buffer layer, and self-assembled QDs formed by the depo- 
sition of (b) 6.4 and (c) 19.1 ML. (From: [55]. © 1999 American Institute of Physics. Reprinted with 
permission.) 
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InGaN QDs were formed even at the deposited amount of 19.1 ML, which suggests 
that the origin of InGaN QDs formation might be phase separation rather than 
strain. 

Without the use of surfactant or antisurfactants, InGaN QDs can be obtained 
on GaN (0001) by using the MOGVD interrupted growth method [58]. The inter- 
ruption occurred after 4.5 ML of InGaN deposition at 730°G on undoped GaN 
layer for 12 seconds. After growth stopped another 4.5 ML of InGaN were depos- 
ited. AFM photographs (Figure 8.23) show that by interrupting growth the surface 
morphology of an InGaN sample can be significantly changed. The size of the QDs 
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Figure 8.23 AFM image (500 x 500 nm^) of (a) a sample having smaller InGaN QDs that was 
grown without using the MOCVD interrupted growth mode and (b) a sample having larger InGaN 
QDs that was grown without using the MOCVD interrupted growth mode. (From: [58]. © 2003 
Elsevier B.V. Reprinted with permission.) 
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from a sample grown via the interrupted mode was much smaller than that observed 
from a sample grown without interruption. The RT-PL spectra of these two samples 
are shown in Figure 8.24. The PL peak position of the InGaN sample grown with 
interruption has a 67-meV blue shift compared to the sample grown without inter- 
ruption, which is believed to be due to the QD size effect. 

A new method using MOCVD to form nanoscale InGaN QDs taking advantage 
of neither surfactant nor the SK growth mode was reported by Ghen et al. [59]. 
InGaN QDs were formed by increasing the energy barrier for adatoms on the 
growth surface, which are realized by surface passivation and by decreasing the 
growth temperature. With this method, InGaN QDs were grown by means of the 
following steps. First, the surface of the HT-GaN films was passivated and served as 
a substrate. The passivation process mainly includes exposing the sample in the 
atmosphere for 24 hours so that it becomes passivated by the oxygen in the atmos- 
phere. Then, the substrate is heated to 550°G for growth to a certain thickness of 
GaN QDs. Finally, the growth temperature was increased to 850°G and the N^ car- 
rier gas was then supplied in the growth chamber, followed by a short supply of 
TMGa and EDMLn and NH3 gases for growth of the InGaN QDs. The surface mor- 
phology of the InGaN QDs obtained in step 2 is shown in Figure 8.25. The round- 
shaped GaN dots with an average width of ~80 nm and height of ~5 nm are uni- 
formly distributed on the substrate with a density of ~6 X 10'”cm“^. The InGaN 
QDs are larger than the GaN dots below it. Similar phenomena were observed in 
InAlGaAs system [60, 61]. 




Photon energy (eV) 



Figure 8.24 Gaussian curve-fitting PL and original PL spectra (top, right side of figure) of the 
InGaN QDs samples measured at room temperature, where sample 1 was prepared by the inter- 
rupted growth mode, sample 2 was prepared without using the interrupted growth mode. (From: 
[58]. © 2003 Elsevier B.V. Reprinted with permission.) 



312 



Growth, Structures, and Optical Properties of Ill-Nitride Quantum Dots 




Figure 8.25 (a, b) Surface morphology of InCaN dots on GaN dots/HT-GaN/sapphire substrate 
(sample D). The uniform dots with an average width of ~80 nm and height of ~5 nm are distrib- 
uted on the substrate surface. (From: [59]. © 2002 Elsevier B.V. Reprinted with permission.) 



PL spectra of the InGaN QDs sample and a homogenous InGaN thin film are 
shown in Figure 8.26. The InGaN film has the same growth condition as the InGaN 
QDs. The PL emission intensity of InGaN QDs is about 10 times that of the InGaN 
films with an obvious blue shift. 




Energy (eV) 



Figure 8.26 A comparison of PL spectrum between InGaN dots and homogeneous InGaN film. 
The PL emission intensity of InGaN dots is 1 order of magnitude stronger than that of the InGaN 
film with the same growth time. The 3.40-eV peak in the spectra of the InGaN film comes from 
the energy band emission of underlying GaN. (From: [59]. © 2002 Elsevier B.V. Reprinted with 
permission.) 
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Similar to selective growth of GaN QDs [48], InGaN QDs can be formed 
on top of GaN pyramids by MOGVD [62, 63], as illustrated schematically in 
Figure 8.27(a). Figure 8.27(b) shows a SEM bird’s-eye view of the InGaN QDs 
structures obtained by selective growth, and Figure 8.27(c) shows a cross-sectional 
image. The lateral size of InGaN QDs is then considered to be comparable to the 
radius of curvature. Figure 8.28(a) shows a micro-PL intensity image having a 
wavelength around 430 nm. In collection, wavelengths shorter than 390 nm were 
cut off by a barrier filter, and a 430-nm bandpass filter of bandwidth 5 nm was 
used, so the detected light was from the InGaN QD only. The PL emission in 
Figure 8.28(a) is only from the top of the pyramids. In the cross-sectional profile of 
PL intensity in Figure 8.28(b), the FWFM of 330 nm is comparable to the spatial 
resolution, which indicates that the emission originates from InGaN QD embedded 
in the InGaN matrix. 




A A A A 
A A A A 
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(b) 2 nm 




100 nm 



Figure 8.27 (a) A schematic of InGaN QDs formed on the tops of hexagonal pyramids of GaN. 
SEM pictures of the sample: (b) bird's-eye view and (c) cross section. (From: [63]. © 2000 Ameri- 
can Institute of Physics. Reprinted with permission.) 
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Position («m) 

(b) 

Figure 8.28 (a) Micro-PL intensity image at a wavelength of 430 nm and (b) cross-sectional pro- 
file of PL intensity along the line AB in part (a). (From: [63]. © 2000 American Institute of Physics. 
Reprinted with permission.) 

8.2.2 Other Techniques 

A less-explored method of growth of self-assembled nanoscale structure is based on 
the VLS mechanism, in which metal or semiconductor liquid droplets condensing 
from the vapor phase catalyze whisker or fiber growth under high-temperature CVD 
conditions [64]. The VLS method offers distinct advantages for the growth of nitride 
QDs because Ga can be deposited as droplets with sizes that can be fine tuned by 
simple annealing at relatively low temperatures. Accordingly, the VLS mechanism 
has been exploited in the growth of crystalline GaN nanowires [65] and also self- 
assembled GaN QDs on an AlGaN/SiG substrate by gas-source MBE [66]. 

Self-assembled nanometer-scale QDs were fabricated on 6H-SiG (0001) sub- 
strate by MBE via the formation of Ga liquid droplets and their subsequent nitrida- 
tion with a supersonic gas source seeded with NHj molecules [67]. Eigure 8.29 
shows the frame-captured low-energy electron microscope (EEEM) images of the 
formation of Ga droplets and the subsequent GaN QDs formation by exposure to 
NHj. Then the Ga shutter was closed and the surface exposed to NHj flux, while the 
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Figure 8.29 Frame-captured LEEM images showing the formation of Ca droplets and the expo- 
sure to SSJ NHj on 6H-SiC(0001) substrate: (a) initial (V3 x V3) surface of 6H-SiC(0001) substrate; 
(b) after 28-minute deposition ofCa droplets at 535°C; (c) after 100 minutes of NH^ exposure at 
600°C for nitridation followed by brief annealing at700°C to eliminate excess Ga liquid. Field of 
view is9.0/<m, and electron energy is 6.0 eV. (From: [67]. © 2002 American Institute of Physics. 
Reprinted with permission.) 



temperature was slowly increased from 530°C to 600°C. The nitridation process 
lasted for 100 minutes at 600°C, then temperature was raised to 700°C to remove 
residual liquid Ga droplets on the surface [68]. The LEEM image of the as-grown 
GaN QDs is shown in Eigure 8.29(c). An AEM image of the GaN QDs is shown in 
Eigure 8.30, where the density of the QDs was measured at 4.1 X lO’cm^^, and the 
base widths of the dots were from 5 to 100 nm. 

HR-XTEM images of the dots are presented in Eigure 8.31. The smaller QDs 
(-0.5 nm in width) are completely free of defects. The larger QDs (-25 nm in 
width), however, display some stacking-fault defects. 





(a) (b) 

Figure 8.30 AFM images of the as-grown GaN dots. Scan areas are (a) 1 0 x 1 0 /rm^ and (b) 
1 x 1 (From: [67]. © 2002 American Institute of Physics. Reprinted with permission.) 
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Figure 8.31 HR-XTEM images of (a, b) perfectly coherent GaN QDs and (c,^) near-perfect GaN 
dots grown on a 6H-SiC(0001 ) substrate. The images are taken along the [1 1 20] axis of GaN dots. 
(From: [67]. © 2002 American Institute of Physics. Reprinted with permission.) 



The fabrication of nanocrystalline GaN was also realized by reactive laser abla- 
tion of pure Ga metal in a highly pure atmosphere [69]. The samples were col- 
lected from the surface of a membrane filter and then thermally annealed at 800°G 
in a highly pure ammonia atmosphere. TEM dark field images show a log-normal 
size distribution with a mean diameter of 12 nm and a standard deviation of 8 nm. 
SAED patterns confirm the hexagonal phase. The quantum confinement effect was 
observed from the blue shift of the size-selective PE and PEE spectra. Nanocrystal- 
line GaN thin films were also fabricated recently on quartz substrates by RE sputter- 
ing using GaAs as a target material at a nitrogen pressure of 3.5 X 10^^ bar [70]. The 
average particle size of the nanocrystalline GaN increased from 3 to 16 nm when the 
substrate temperature was raised from 400°G to 550°G. 

Grystalline GaN particles can be synthesized by simple inorganic reactions at 
various temperatures. Well et al. [71, 72] reported a method of nanosized GaN syn- 
thesis by pyrolysis of gallium imide (Ga(NH) 3 , 2 }„ at high temperatures. Eormation of 
isolated spherical QDs in colloidal GaN solution was confirmed by TEM images, 
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shown in Figure 8.32 [73]. The image reveals that the GaN dots have a zinc-blende 
structure with diameters ranging from 2.3 to 4.5 nm. The absorption and PL peaks 
were observed to shift to a higher energy when compared to bulk GaN. In addition 
to GaN, an Al^Ga,^^N nanoparticle/polymer composite was also synthesized using a 
similar method and the microstructure of zinc-blende QDs was confirmed by 
HRTEM [74]. 

8.3 Optical Properties of Ill-Nitride QDs 

Optical properties of III -nitride QDs were mostly obtained by PL. Few other investi- 
gations have been reported to date. The reported PL spectra show very different 
characteristics for the different samples prepared by different methods. For the GaN 
QDs alone, the published PL peak energies may be much lower or higher than the 
bandgap of bulk GaN, ranging from 2.15 to 3.9 eV depending on the PL measure- 
ment temperature, growth method, size, and distribution of QDs. 




Figure 8.32 TEM image of GaN QDs taken in a bright field. The particles are well dispersed and 
not agglomerated. The top panel shows low magnification of QDs and some linear alignment. The 
bottom two right panels show high magnification and lattice fringes of QD oriented with the o- 
axis in the plane of the micrograph. The bottom left panel shows an electron diffraction pattern of 
GaN QDs indicating a zinc-blende structure. (From: [73]. © 1999 American Institute of Physics. 
Reprinted with permission.) 
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Figure 8.33 shows the PL spectra of five samples containing GaN QDs grown by 
MBE [75, 76]. The weak peaks near 3.45 eV are the band-edge PL from GaN bulk. 
The strong broad peaks are attributed to the PL from QDs. As shown in the figure, 
the QD-related peaks have different energies from -1.6 to 3.9 eV for the different 
samples. 

In fact, the large discrepancy between the PL peak energies of Ill-nitride QDs 
reflects the rich and interesting properties of Ill-nitride QDs. We first describe three 
important factors pertinent to Ill-nitride QDs: the effects of quantum confinement, 
strain, and polarization. Then we discuss in detail the PL and other relevant proper- 
ties of GaN and In^Gaj_^N QDs grown by various techniques. 



8.3.1 Effects of Quantum Confinement, Strain, and Polarization 

The optical properties of Ill-nitride QD systems are influenced by the confinement 
effect and by the compressive strain, both producing a blue shift of the QD emissions 
compared with the GaN bulk one, and by the internal electric fields (spontaneous 
and piezoelectric), producing a significant red shift of the emitted light [77, 78]. 

The quantum confinement effect shifts the bandgap of a bulk semiconductor to 
higher energy. This shift, called the confinement energy, depends on the size and 
shape as well as the material properties of both QDs and surrounding matrix. Here 
we estimate the confinement energies for three simplified cases: a plate or disk, a 
cubic box, and a sphere. Assuming an infinite barrier, the confinement energy of the 
ground state for an electron in a rectangular box is given by 




Figure 8.33 Spectra from five CaN/AIN QD samples grown by MBE on different substrates under 
different growth conditions. Samples A and B were grown on Si substrates while samples C, D, 
and E were grown on sapphire substrates. The spectra were measured at ~1 5K under the excita- 
tion of a Ti-sapphire laser (photon energy 5.06 eV). Intensity is normalized at the maximum of the 
QD-related signal. (From: [75]. © 2000 Materials Research Society. Reprinted with 
permission.) 
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where d. (; = x, y, and z) are the dimensions of the box and m. are the electron mass in 
/ directions. For a plate- or disk-like dot, in which the in-plane sizes d^ and d^ are 
much larger than the height d^ = d, the confinement energy is simplified to 
h^/{Sm^d^). The shift in the bandgap is calculated using 1/m^ = 1/m^^+l/m^^, where 

and are, respectively, the effective masses of the electrons and holes in III- 
nitride along the z-direction. For a cubic box of size d, the confinement energy is 
given by the same expression, h^/{8m^d^), but with 1/m^ replaced by (2/m^,-i- 2/w^,-i- 
where and are the transverse effective masses of the electrons 
and holes. In Figure 8.34, we plot the confinement energies as a function of d for a 
plate and a sphere. In both cases, the effective masses of for electrons and 

l.lm^ for holes were assumed [79]. For small dots a few nanometers in size, the con- 
finement energy is very sensitive to the dot size. This sensitivity is much reduced 
when the size is increased. Quantitatively, when the size decreases from 10 to 2nm, 
the confinement energy may change from 20 meV to more than 1 eV depending on 
the shape of the dots. 

The curves shown in Figure 8.34 represent good lower and upper bounds for the 
real confinement energy in GaN QDs, both free and embedded in AIN matrix, if the 
size is not too small. For electrons, the barrier height in the GaN/AlN interface 
(75% A£^ or 2.1 eV) [80] is really high and the mass anisotropy is small. For holes, 
the barrier is lower (0.7 eV) and the mass anisotropy is larger. However, the effect 




Figure 8.34 Shift in the bandgap energy from bulk GaN for a 2D GaN plate of thickness d (solid 
line) and a GaN sphere with a diameter d (dotted line) as a function of d. The shift in the bandgap 
energy in a cubic box of size d is between these two curves. 
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on confinement energy is much reduced due to the large masses of holes. For a spe- 
cific GaN QD, the actual energy shift from the bulk value is expected to be within 
those two bounds mentioned earlier. In the case of self-assembled QDs, the plate- 
like results may be more suitable. In other cases such as GaN nanocrystallines, a 
sphere-like shape may be more appropriate. 

The effect of strain in Ill-nitride heterostructures must be taken into account. 
For GaN QDs grown on Al^Gaj^^N and In^Gaj_^N QDs on GaN, the strain is com- 
monly compressive, which induces a blue shift in the bandgap. This shift is propor- 
tional to the strain and the relevant deformation potentials. In the case of vanishing 
shear strain, the bandgap shift can be conveniently expressed as A£^ = ( 2 a -i- jiq)£^^ or 
(2alq + [81, 82] where q = -IC JC^^ and and C 33 are the elastic constants; 

and are the xx and components of the strain tensor; and a and /S are the con- 
stants related to the various deformation potentials of both conduction and valence 
bands. The reported value of (2a - 1 - fiq) is from -6 to -12 eV [81-84], depending on 
measurements and the choice of q (from -0.51 to -0.60) [85]. Assuming (2a - 1 - fiq) = 
-10 eV, we obtain A£^ = -lOe^^. It is 0.25 eV in the case of fully strained GaN on 
AIN. For a fully strained GaN on Al^Gaj_^N, assuming a linear dependency of the 
Al^Gaj^^N lattice constant on x, the energy shift A£^ = 0.25x eV. 

Gompared to the strain induced by lattice mismatch, the strain induced by ther- 
mal mismatch is negligible. For a rough estimation, we use a temperature difference 
of 1,000K between the growth and the measurements. Using the thermal expansion 
coefficient Aa/a of 5.6 X 10 ‘K ' for GaN and 7.5 X 10 ' for sapphire [ 86 ], a com- 
pressive strain of about 0.002 is obtained. This strain will only produce a blue shift 
in the bandgap of 20 meV. 

The strain levels of the various compound materials can be obtained from the 
shift of the Raman modes from their unstressed frequency position, considering the 
phonon deformation potential of each Raman mode. Micro-Raman (u-Raman) was 
employed to study the correlation between structure and optical properties of four 
different GaN/AlN QDs samples [87]. Raman modes (GaN and AIN) are observed 
for the four samples listed in Table 8.2, together with the calculated level of biaxial 
strain, according to the previous considerations. Table 8.3 shows the average 
Raman frequencies for (high). The differences in the level of biaxial strain in the 
GaN and AIN buffer or capping layers from one sample to another can be partially 
understood in terms of distinct levels of plastic relaxation due to the changes in 



Table 8.2 Thickness of Different Layers of Studied Sample Fields, in Qualitative Agreement with the Features 
Observed in the CL Spectra 



Sample 


First AIN Buffer 
Layer (nm) 


GaN Buffer 
Layer (nm) 


Second AIN 
Buffer Layer (nm) 


GaN QDs 
Layer (nm) 


AIN Barrier 
Layer (nm) 


Number of Stacked 
Layers 


S2 


30 


300 


300 


2.6/0.8 


45 


2 


S4 


34 


1100 


330 


2.8/2.3/1.6/1. 

0 


9/9/11 


4 


S40 


30 


430 


700 


1.6 


6.7 


40 


S85 

Source: [ 87 ]. 


30 


430 


700 


1.6 


6.7 
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Table 8.3 Frequency of the E 2 (High) Raman Modes and Calculated Biaxial 
Strain 

£ GaN 77 GaN 77 GaN ^ GtjN 

2 ^2 -t-2 



Sample 


(High) 

Buffer 

Layer 


Biaxial (High) 
Strain QDs 
(%) Layers 


Biaxial (High) 
Strain Buffer 
(%) Layer 


Biaxial (High) 
Strain Barrier 
(%) Layers 


Biaxial 

Strain 

(%} 


S2 


565.64 


0.16 


- 


- 


650.78 


0.26 


- 


- 


S4 


564.57 


0.24 


- 


- 


652.54 


0.21 


- 


- 


S40 


566.71 


0.09 


602.33 


-2.73 


653.95 


0.17 


643.37 


0.47 


S85 566.68 

Source: [ 87 ]. 


0.09 


600.57 


-2.25 


652.89 


0.20 


642.67 


0.50 



buffer layer thicknesses. The lower value of the residual strain of the QDs could be 
correlated to a more efficient relaxation process, due to the higher number of 
stacked layers. The spontaneous component depends basically on the materials 
properties and thickness of the layers; in the case of QD structures, this is correlated 
to the QD size. The piezoelectric contribution depends on the strain level of the QD 
structures and barrier layers, and hence on the QD size [77, 78, 88]. 

Both spontaneous polarization and strain-induced polarization (piezoelectric 
effect) produce large electric fields that have a significant effect on the optical prop- 
erties of QDs. From the symmetry arguments, it can be concluded that the wurtzitic 
(hexagonal) crystal has the highest symmetry showing spontaneous polariza- 
tion [89]. Bernardini et al. [90] have calculated the spontaneous polarization 
and the piezoelectric constants and 633 for Ill-nitrides. By defining the spontane- 
ous polarization as the difference of electronic polarization between the wurtzitic 
and zinc-blende structures, they obtaine dfrom first-principle calculations. As 
compared to GaAs, the piezoelectric constants of Ill-nitrides are about an order of 
magnitude larger. 

The electric field associated with the polarization can be equivalently described 
by the bulk and interface polarization charges, and = (P^-Pjl-w^j. 

Here w^jis the direction of the interface pointing from medium 1 to 2 and (P^-Pj) is 
the difference of the polarization across the interface. Consider a thick GaN layer 
grown on an AIN (0001) surface, where the interface charge due to the difference in 
spontaneous polarization in two crystals is -0.052 C/rn corresponding to a carrier 
density of 3.3 X lO'^cm^^. The electric field Ep created by this polarization charge is 
where ep,, is the static dielectric constant. It is -2.8 X 10*^ V/cm in GaN and 
3.5 X 10^ V/cm in AIN, with the sign referenced to the growth direction. For a thin 
GaN plate straddled by AIN, as schematically shown in Figure 8.35, the polariza- 
tion charges in both bottom and top interfaces must be considered and the result is 
doubled (-5.6 X lO^V/cm). 

Additional polarization induced by strain can be calculated from the elastic and 
piezoelectric constants listed in Table 8.1, P^ = 2e3j£^^ -1- = 2(633- 

For a fully strained GaN plate on bulk AIN, P^ is calculated to be 0.033 CIva. 
Remember that the effect of spontaneous and strain-induced polarization in 
GaN/AlN heterostructures is additive. As a result, the total electric field induced by 
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Figure 8.35 Schematic diagram of a GaN plate grown on and covered by thick (0001) AIN, 
showing the polarization effect. is the spontaneous polarization, which is -0.029 C/m^ in GaN 
and -0.081 C/m^ in AIN. is the polarization induced by strain (2.5% in the in-plane direc- 
tion in GaN), which is 0.033 C/m^ only appearing in the GaN layer. The terms and Op, repre- 
sent the polarization charges at the bottom and top interfaces, which are -0.085 C/m^ and 0.085 
C/m^, respectively. £ is the electric field, which is -9.2 x 1 0*’ V/cm. Notice the directions of P and 
£ with respect to [0001 ] and the signs of the interface charges. 



spontaneous polarization and piezoelectricity is raised to -4.6 X 10'’ V/cm if only a 
single interface is considered. This field is doubled (-9.2 X 10"V/cm) in a thin GaN 
plate straddled by AIN. This huge field will drive free electrons in the GaN toward 
the top interface and holes toward the bottom interface. As a result of the quantum 
confined stark effect (QGSE) [91, 92] the electron-hole transition energy is greatly 
reduced. 

The field-induced shift in transition energy in QWs has been investigated exten- 
sively by Miller et al. [92] . The shift is more significant for a wider well than a nar- 
rower one, particularly if the linear approximation holds. In much wider wells, a 
quadratic approach that reduces the red shift is used. In addition, if the Fermi levels 
come close to the conduction band on one side and valence band on the other, the 
resultant free carriers would screen the induced field, reducing the shift. A similar 
result is expected for plate-like QDs. For a rough estimate, the shift is approximately 
Epd in the limit of large size. This gives a value of 2 eV for a plate 4 nm thick under a 
field of 5 X 10^ V/cm. 

In the following subsections, we discuss various PF results encompassing the 
quantum confinement, strain, and polarization effects. Only when these effects are 
properly considered can the experimental results be reasonably understood. To reit- 
erate, the quantum confinement and strain effects essentially induce a blue shift, 
whereas the polarization effect results in a red shift. In addition, the quantum con- 
finement is accentuated in small dots, while the polarization effect is more signifi- 
cant in large and strained dots. Experimentally, it is possible to distinguish various 
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effects at least qualitatively. In the case of GaN QDs, if the observed PL has a lower 
energy than the bulk GaN bandgap, the polarization effect must be dominant. Oth- 
erwise, the quantum confinement effect is more important. 

8.3.2 GaN QDs 

The GaN QDs grown by laser ablation [93], RF sputtering [94], and chemical syn- 
thesis [95] are the examples in which the strain and polarization effect seem to be 
less important as compared to confinement. The reported PL peaks or absorption 
edges in all these cases are higher than the GaN bandgap and can be qualitatively 
attributed to the quantum confinement effect. The typical PL spectra show broad 
peaks with a width of a few hundreds meV, reflecting the large variations in dot size. 
In addition, noticeable Stokes shifts of the PL from the absorption (or PLE) peaks 
are often observed [93]. 

Preschilla et al. [94] estimated the bandgap of GaN QDs with different sizes 
from the absorption spectra. The QD nanocrystallites were deposited on quartz 
substrates by reactive RF sputtering. The GaN particle size changed with substrate 
temperature. The measured absorption edges were 3.4, 3.6, 3.9, and 4.1 eV for the 
average size of 16, 10, 7, and 3 nm, respectively. These energies agree reasonably 
well with those obtained from the PL spectra, as shown in Figure 8.36. The meas- 
ured energy shifts from the bulk GaN bandgap are close to the confinement energies 




Photon energy (eV) 



Figure 8.36 PL spectra from nanocrystalline GaN films deposited by RF sputtering at (a) 400°C, 
(b) 450°C, (c) 500°C, and (d) 550°C. The average particle size is found to correlate with growth 
temperatures and are 3, 7, 1 0, and 1 6 nm at growth temperatures of 400°C, 450°C, 500°C, and 
550°C, respectively. The bandgaps derived from the absorption spectra are, respectively, 4.1, 3.9, 
3.6, and 3.4 eV in the order of increasing particle size. (From: [94]. © 2000 American Institute of 
Physics. Reprinted with permission.) 
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of a spherical dot, except for the 7-nm sample. The measured shift in the latter case 
(0.5 eV) is much higher than what would be expected theoretically (-0.2 eV). 

The GaN QDs grown by MBE are more disk-like and their size and shape are 
more controllable. Two very different cases were observed, as shown in Figure 8.37. 
In the case of what is called “small dots” having a 2.3-nm height and 8-nm diameter, 
a PL peak at 3.7 eV was observed at 2K. This is blue shifted from the bulk GaN 
bandgap by 0.2 eV. A similar PL peak (-3.8 eV) was also reported from the “small” 
GaN QDs (1.6 nm in height and 13 nm in diameter) with cubic structure grown by 
MBE on 3G-SiG(001) substrate [36]. However, in the case of what is called “large 
dots” having a 4.1-nm height and 17-nm diameter, the detected PL peak is 2.95 eV, 
nearly 0.5 eV lower than the bulk bandgap [11, 13, 14]. Gonsidering the blue shift 
caused by quantum confinement (-0.1 eV; see Figure 8.34) and strain (-0.2 eV; see 
the discussions in the last subsection), the net red shift is even larger (-0.8 eV). This 
shift was interpreted as the result of the electric field induced by the polarization. As 
discussed earlier, this field could be on the order of 10 MV/cm and may induce a 
large Stark shift in transition energy. A simplified calculation using a 2D QW of 
thickness H = 0.72h, with h being the height of the QDs, shows that the 5.5 MV/cm 
electric field can account for the measured PL peaks from both large and small dots. 

A more detailed calculation reported recently confirms the above results [96]. In 
this calculation, a realistic geometry of the QDs measured from TEM was used. The 
effects of strain, quantum confinement, and polarization were all considered. In 
addition to the ground state energy, the distributions of strain, electric field, and 
charges in the QDs were also obtained. Figure 8.38 presents the electron and hole 




Photon energy (eV) 



Figure 8.37 PL spectra of GaN quantum dots with a large (height/diameter = 4.1 /I 7 nm) and 
small (2.3/8 nm) average size, measured at 2K. Note the large red shift observed for the large dots 
with respect to small ones. (From: [1 2]. © 1 998 American Physics Society. Reprinted with 
permission.) 
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Figure 8.38 Probability density distribution for the two lowest electron and hole states in a CaN 
quantum dot embedded in (0001) AIN matrix, calculated in the framework of an 8-band k ■ p 
model with zero spin-orbit splitting. The CaN dot has the shape of a truncated pyramid with a 
hexagonal base. Note that the electron is mainly localized near the top interface, while the hole is 
near the bottom interface. (From: [96]. © 2000 American Physics Society. Reprinted with 
permission.) 



distributions in the QD for the ground states and the first excited states. As 
described before, the electrons are more localized near the top interface, while the 
holes are near the bottom interface. It should be emphasized that the carrier distri- 
bution shown in Figure 8.38 is only correct for GaN grown on (0001) AIN face, 
called a Ga face. If the GaN QDs are grown on (000-1) AIN face, called an N face, 
then the electrons are expected to be driven toward the bottom interface and the 
holes toward the top interface. 

The polarization effect is experimentally supported by the dependence of the PL 
spectra on excitation density. When the excitation density increases, the photocarri- 
ers can partially screen the polarization field. As a result, the built-in electric field 
decreases and the transition energy increases as observed experimentally [12]. 

The polarization effect was also used to interpret the origin of the blue, green, 
and orange PL (observed at room temperature; see Figure 8.39) from the GaN QDs 
in AIN matrix grown on Si(lll) substrates [15]. These QDs were formed by growth 
of 7, 10, and 12 GaN MLs on AIN. The actual dot sizes were not reported. The PL 
peaks corresponding to different sizes were measured at about 2.8, 2.5, and 2.2 eV, 
all well below the bandgap of bulk GaN. It is interesting to note that, in the largest 
QDs of 12 MLs, the red shift is as large as 1.2 eV. By growing multilayers of GaN 
QDs with different sizes, white light emission is demonstrated. 

Here, we should emphasize that, in real QDs, the polarization effect is also 
expected to be very sensitive to the shape, doping, and interface properties of the 
materials, since the polarization field may be screened by any of the other charges 
associated with free carriers and defects. These complications may account for some 
apparent discrepancies reported in the literature. For example, higher PL and GL 
peaks (~3.8 eV) than the GaN bandgap are reported from the GaN QDs in AIN 
matrix grown by MBE using the SK growth mode [12]. The size and the shape of the 
QDs measured from HRTEM, about 4 nm in height and 20 nm in diameter, are 
similar to the “large” dots mentioned earlier. Although the sample had multilayer 
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Figure 8.39 Photographs of the light emitted at room temperature from GaN/AIN QDs on 
Si(1 1 1 ) substrate excited by a 1 0-mW unfocused He-Cd laser (-0.3 W/cm^). (From: [1 5]. © 1 999 
American Institute of Physics. Reprinted with permission.) 



structures, the vertical correlation was negligible since the AIN spacing layer was 
sufficiently thick. 

The PL spectra reported by Tanaka et al. [97, 98] associated with the GaN QDs 
in Al^Gaj_^N matrix are all near or higher than the GaN bandgap, ranging from 3.45 
to 3.58 eV depending on the dot size and measurement temperature. The QDs were 
grown on Al^Gaj_^N with x ~ 0.15 by MOGVD using Si as “antisurfactant.” The dot 
shapes are all disk-like and the sizes are mostly large, varying from 3.5 to 40 nm in 
height and 10 to 120 nm in diameter. A stimulated emission peak at 3.49 eV was also 
reported at 20K from small dots of 1 to 2 nm in height and 10 nm in diameter [99]. 
For large QDs, the energy shift due to quantum confinement may be less than 0.2 eV 
(see Figure 8.33). The shifts due to the strain and the strain-induced polarization are 
negligible since no strain is expected in these QDs grown through the use of an anti- 
surfactant. 

Although the polarization effect is not discussed in these papers, it can be esti- 
mated assuming a linear dependency of the spontaneous polarization on x in 
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Al^Gaj_^N. We should note that this linear dependence is only an assumption for the 
sake of discussion. For x = 0.15, following the discussion in the last subsection, a 
polarization charge of 0.017 C/m^ or a carrier density of 1.0 X 10“cm ’ is calculated 
for the bottom interface [GaN on (0001) Al^j^Ga^g^N interface]. The same amount 
of negative charge is expected at the top interface. The electric field in this case is ~1 
MV/cm if the polarization charge from one interface only is considered. This value 
is doubled if both bottom and top interfaces are considered. The result will be differ- 
ent if the GaN QDs are covered by AIN instead of an alloy. As compared to the fully 
strained GaN QDs in AIN matrix grown using the SK mode, the polarization- 
induced electric field in this case is about five times smaller. The actual field may be 
lower due to Si doping, which is not well understood. As a result, the Stark shift due 
to this polarization may be small. It is difficult to get a more quantitative compari- 
son. Any measured transition energy for a particular assembly of QDs must be the 
result of competition between the blue shift induced by quantum confinement and 
the red shift induced by polarization. It is expected to be not very far from the bulk 
GaN bandgap, as observed in the PL spectra. 

The width of the PL spectra from GaN QDs ranges from a few tens to a few 
hundreds of meV, depending on sample and measurement temperature. As in the 
case of the peak energy, the published PL widths and their variation cannot be 
explained by quantum confinement alone. If only the quantum confinement is con- 
sidered, a QD assembly with large average size would give narrow PL peak. How- 
ever, when the polarization effect becomes important, the opposite holds. The QDs 
with a larger average size give a wider PL spectra (see, for example. Figure 8.36). In 
the latter case, the energy fluctuation of different QDs due to different Stark shifts 
has a more significant contribution to the PL linewidth. It is interesting to note that 
a GL of ~50 meV width was reported from a single GaN QD at 80K, which is much 
broader than expected. Although the origin of this widening is not clear, the result 
suggests that some other effect such as background doping may also have an impor- 
tant contribution to the GL (likewise PL) width. 

The intraband absorptions at room temperature in GaN/AlN QDs grown by 
MBE was studied by HRTEM, PL, and photo-induced absorption spectroscopy 
[100]. Under p-polarized irradiation at Brewster’s angle incidence, three interlevel 
resonances are observed, respectively peaked at 2.1 ^m (2.36 ^m), 1.46 ^m 
(1.69 ^m), and 1.28 ^m (1.27 ^m), as shown in Figure 8.40. The peak differential 
absorption (-AT/T) amounts to 5.6 X 10^ at 0.59 eV for the GaN QDs grown on Si 
(111) and 1.75 X 10^ at 0.52 eV for the QDs grown on sapphire. The differential 
absorption under s-polarized irradiation is a factor of 2 to 3 smaller than that under 
p-polarized irradiation. It can be concluded that the photoinduced absorptions 
under p-polarized irradiation are mainly polarized along the c-axis, although some 
additional in-plane polarization component of intraband absorptions cannot be 
excluded. 

The observed absorptions are believed to arise from electron interlevel transi- 
tions rather than from the valence band [100]. This interpretation is supported by 
the much larger band offset in the conduction band (< 2 eV) than in the valence 
band (0.82 eV), which allows substantial confinement for the electron excited 
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Figure 8.40 Normalized room temperature, photoinduced absorption spectra of QDs grown on 
Si(1 1 1 ) (solid curve) and on sapphire (dotted curve) samples at Brewster's angle incidence for 
p-polarized light under excitation at A ~ 351 nm.The inset shows the conduction band profile and 
energy levels of the equivalent CaN/AIN quantum wells used in the simulations. The well width is 4 
nm and the internal field in the GaN (AIN) layer 4.1 MV/cm (-3.8 MV/cm) (full curve). The corre- 
sponding values for the dashed curve are 4.5 nm and 3.7 MV/cm (-4.3 MV/cm), respectively. 
(From: [101]. © 2002 American Institute of Physics. Reprinted with permission.) 



states. To further disentangle the origin of the observed transitions, the electron con- 
finement energies account for the built-in electric field but neglect the in-plane con- 
finement. The built-in field in the GaN dots and AIN barriers is estimated by 
assuming that the potential drop over one period of the superlattice is zero. Follow- 
ing [102], the boundary conditions over one period of the superlattice imposes 

“0 and F,, = Lg^AP / (e -Fe^Lj,) 

where [Fg) is the field in the GaN dot (AIN barrier), (LJ is the dot height (bar- 
rier thickness), the dielectric constant for GaN (AIN) and P the zero-field 
polarization difference between the well and barrier material. The (ejCj) transi- 
tion energy of the QW is calculated to range from 0.52 eV (0.99 eV) to 0.62 eV (1.13 
eV) when AP/Sj is varied from 7 to 9 MV/cm. So the peak at 0.59 eV of the GaN QDs 
is attributed to transition from the s-like state to the p-like state, with one node of 
the envelope wave function along the c-axis. The transition at 0.97 eV corresponds 
to the s- to d-like (2 nodes along c-axis) transition. The transition at 0.85 eV could 
be the transition starting from the ground state to a state with one node of the enve- 
lope wave function both along the c-axis and in the layer plane. 
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The optical properties of GaN self-assembled QD structures was also studied 
by PLE, time-resolved PL, and cathodoluminescence (CL) [101]. As shown in 
Ligure 8.41, a self-assembled GaN QDs structure consisting of five-stack GaN QDs 
with a Al„ 2 jGao„N spacers was studied. The typical QD density was 10" cm ’ range 
and the aspect ratio (height/diameter) was about 1/5. The Stokes-like shift between 
the AlGaN-related emission and the PLE absorption edge has been attributed to the 
alloy potential fluctuation in AlGaN alloy [103]. By measuring PLE spectra for the 
QD emission with various detection energies of 3.65, 3.54, and 3.44 eV, as shown 
in Ligure 8.41, the energy differences correspond to -220, 280, and 330 meV, 
respectively. This indicates that the apparent Stokes-like shift in the GaN QD emis- 
sions increases with decreasing emission energy, and hence increasing the QD size, 
which can be attributed to the enhancement of the separation of wave function 
overlap due to the built-in internal field present in the QDs [104, 105]. 

The time-resolved PL measurements at lOK [Ligure 8.42(a)] show a temporal 
evolution of PL spectra of the GaN QD sample. The GaN QD emission persists well 
within a few nanoseconds time range. The decay time becomes longer with decreas- 
ing emission energy, and hence with increasing QD size, as shown in Ligure 8.42(b). 
This is due to reduction of electron and hole wave function overlap with increasing 
QD size, since the emission energy is affected by the quantum confined stark effect 
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Figure 8.41 The 10K PL and PLE spectra for GaN self-assembled QDs. The PLE detection energies 
are indicated in the figure. A large Stokes-like shift of the PL emission from the GaN QDs with 
respect to the band edge measured by PLE is observed. (From: [1 01 ]. © 2002 American Institute of 
Physics. Reprinted with permission.) 
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Figure 8.42 (a) Time-resolved PL spectra of the CaN QD sample integrated during various time 
intervals after excitation at 1 0K. (b) Temporal evolution of PL spectra at various emission energies 
of the GaN QDs at 1 0K. All spectra in part (b) are normalized and shifted in the vertical direction 
for clarity. Note that the lower energy side of the PL peak has a longer lifetime than the higher 
energy side in QD emission. The decay time for the AIGaN emission was estimated to be -466 ps. 
(From: [101]. © 2002 American Institute of Physics. Reprinted with permission.) 



with built-in polarization internal fields in GaN quantum structures. The decay time 
does not increase further when the emission energy decreases below -3.54 eV 
because the recombination in these emission energies (larger QDs) may be affected 
by nonradiative recombination processes. The influence of the built-in electric field 
plays a critical role in the carrier recombination in hexagonal GaN self-assembled 
QDs. 

One of the most important properties distinguishing QDs from QWs and bulk 
materials is the better thermal stability of PL. This property is clearly demonstrated 
in the GaN QDs embedded in AIN matrix. Typically, the PL intensity from bulk 
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materials quenches rapidly as the temperature is raised from low to room tempera- 
ture. In the case of GaN QDs, a less temperature dependency is usually observed. An 
example is given by Widmann et al. [11] who compared the PL from GaN QDs 
grown on GaN substrate at and 300K. As shown in Figure 8.43, the PL spectra at 
2K are dominated by two peaks at 3.46 and 3.75 eV from GaN substrate and QDs, 
respectively. When the temperature was raised to 300K, the PL from GaN substrate 
totally disappeared, while the intensity of the PL from the QDs remained the same. 
A temperature dependency of the PL spectra from the cubic GaN QDs in AIN 
matrix was reported by Martinez-Guerrero et al. [106]. When the sample tempera- 
ture was raised from 10 to 200K, the integrated PL intensity changed very little. 
When the temperature was further increased to 300K, an increase in the PL intensity 
rather than a decrease was observed. The latter phenomenon was attributed to the 
increase in the laser absorption resulting from a reduction in GaN bandgap with 
temperature. 

The thermal stability of the GaN QDs in Al^Gaj^^N matrix is not as good as that 
in AIN matrix. Typically, when the temperature is raised from 10 to -300K, a 
decrease in the PL intensity from a few to more than 10 times is observed. Although 
the PL intensity and its change with temperature may also depend on the quality of 
the material, the poorer thermal stability in the GaN/Al^Gaj_^N QDs compared to 
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Figure 8.43 Photoluminescence spectra from GaN QDs embedded in AIN matrix grown on GaN 
substrate, measured at 2 and 300K, showing the higher thermal stability of the PL from QDs than 
that from GaN substrate. (From: [1 1]. © 1998 American Institute of Physics. Reprinted with 
permission.) 
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the GaN/AlN QDs can be interpreted by the lower barrier and the poorer confine- 
ment of the carriers. 

For the QD in Al^Gaj_^N matrix, PL emission peak energy does not change much 
with temperature (Figure 8.44). The QD emission slightly blue-shifts up to about 
175K, and then red-shifts above 175K. This blue shift below 174K can be partly 
attributed to the smaller Stokes-like shift of the smaller QD size. At temperatures 
higher than 175K, the carriers in smaller QDs, which are more thermally activated, 
can move into the larger QDs, so the lower energy part of the PL spectrum becomes 
dominant. 

Ramvall et al. [51, 52] investigated the electron-phonon coupling in GaN/ 
Al^Gaj_^N QDs. The binding energy of A excitons in bulk wurtzite GaN was meas- 
ured to be 21 meV [107, 108]. In quantum dots, the electrons and holes must be 
closer to each other due to confinement. Thus, the electron-hole Goulomb interac- 
tion as well as the exciton binding energy should increase. From the temperature 
dependency of the PL peaks observed in GaN/Al^Gaj^^N QDs with different sizes, an 
increase in the exciton binding energy as a function of QD size was derived by Ram- 
vall et al. [51, 52]. The results are shown in Figure 8.45. As the QD height is reduced 
from 7.1 to 1.25 {a^ = 2.8 nm being the Bohr radius of the excitons in bulk GaN), 
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Figure 8.44 GaN QD emission spectra for the excitation wavelength of 325 nm in the tempera- 
ture range from 20 to 300K. The main emission peak and intensity do not change much with 
increasing temperature. (From: [101]. © 2002 American Institute of Physics. Reprinted with 
permission.) 
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Figure 8.45 The binding energy of the excitons in CaN QDs in AI^Ga,_^N matrix as a function of 
dot size, showing an increase in the binding energy with reducing dot size. (From: [52]. © 2000 
American Institute of Physics. Reprinted with permission.) 



or from 20 to 3.5 nm, an increase in the exciton binding energy as large as ~20m eV 
is found. The experimental results are supported by the variational calculation of 
the excitons in 2D structures. By fitting the measured temperature dependency of 
the PL peaks using the theoretical expression, = -a^lfiticOg) + 1], they derived the 
electron-phonon coupling constant relative to bulk value for the QDs with dif- 
ferent sizes, as shown in Figure 8.45. In the above expression, = l/[exp 

{Tia)JkT) - 1] is the distribution function of the LO phonons and = 91.7 meV. 
They found that is close to 1 for the QDs of size 12/36 nm (height/diame- 

ter). This ratio decreases to 0.81 and 0.63 as the size is reduced to 10/30 and 7/21 
nm, respectively. A decrease of electron-phonon coupling for small QDs is expected 
when the separation of the discrete energy levels is large and very different from the 
phonon energies. 

Except for light emission properties, a few micro-Raman (,u-Raman) stud- 
ies [35, 87] were employed to investigate the correlation between structure and opti- 
cal properties of GaN/AlN QDs samples. Gleize et al. [35] reported the Raman 
spectra from two different samples of multilayer (80 and 88 periods) GaN QDs 
embedded in AIN matrix, grown by MBE using SK mode. Under the excitation in 
the visible range, far from the resonant condition, they observed new peaks at 606 
cm ‘ from sample A and 603 cm ' from sample B (see Figure 8.46 for the spectra 
from sample B). Both peaks were assigned to the phonons in GaN QDs rather 
than any disorder activated scattering. This assignment was arrived at from 
the selection rules and a comparison to the Raman spectra from an Al^Ga,_^N 
film. From the observed peak positions, the biaxial strain in the QDs was estimated 
to be -2.6% for sample A and -2.4% for sample B. The results are consistent with 
the fully strained GaN QDs in AIN matrix as measured by HRTEM in similar 
samples. 
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Figure 8.46 Micro-Raman spectra of GaN quantum dots in AiN matrix measured at room tem- 
perature using a 647-nm iaser iine, in four different configurations, (a) z(xy)-z, (b) x(yz)-x, (c) 
x(zz)-x, and (d) x(yy)-x. Asterisks mark phonons from the buffer iayers. Features at about 61 8 cm' 
are reiated to the Si(1 1 1) substrate. (From: [35]. © 2000 American institute of Physics. Reprinted 
with permission.) 



The fully 3D study of the multiexciton optical response of GaN DQs is crucial in 
understanding the fundamental properties of particle/exciton interactions. De 
Rinaldis et al. [109] provide a detailed investigation of the interplay between single- 
particle carrier confinement and two-body Coulomb interaction in coupled GaN- 
based QDs. Their analysis shows that it is possible to engineer the interdot biexci- 
tonic shift by varying the height and width of the dots. 

The quantum dot size dependence of radiative recombination efficiency is stud- 
ied by time-resolved PL measurements [private communication with A. Neogi et al.]. 
Multiple periods of GaN QDs in this study were grown by MBE with varying QD 
sizes [private communication with A. Neogi et al.]. In time-resolved decay measure- 
ments, the lifetime for smaller dots is relatively constant across most of the PL peak 
compared to bigger dots, indicating stronger carrier localization in smaller dots. As 
shown in Figure 8.47, the lifetime decreases with the dot size because in smaller dots 
the overlap between the electron and hole wave function increases with decreasing 
dot size [110]. The increase in the decay rate with decreasing emission energy is 
likely due to the exciton localization at potential wells of larger dots. 

Temperature dependence of the PL decay time of GaN QDs with varying dot 
size is shown in Figure 8.48. The lifetime in the QDs increases or remains constant 
until about 125K, which strongly suggests that the decay is dominated by radiative 
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Figure 8.47 Variation of recombination lifetime with emission energy in MQD 8/1 50, 6/1 50 and 
4/150 at 10K. 




Figure 8.48 Spectrally integrated PL intensity as a function of temperature in MQD structures, 
QWs, and large MQD. (From: [11].© 2001 American Institute of Physics. Reprinted with 
permission.) 
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recombination at lower temperatures. This is also confirmed by Simon et al. [111]. 
The QDs exhibits high PL efficiency at room temperature. The carrier recombina- 
tion dynamics in the multiple-period QDs was compared with single-period 
QDs [112]. The stacking of multiple layers is expected to influence the optical prop- 
erties due to the strain-induced realignment of dots in one level with respect to the 
adjacent level. The pure dimensionality effects induced in the multiple QDs are iso- 
lated from the influence of the giant polarization field in the single QD system, 
which can be as high as 7 MV/cm and significantly modifies the optical emission 
spectra. Figure 8.49 shows the time-integrated PL spectra of single-period QDs and 
multiple periods at 10 and lOOK. The temperature dependence of the PL 
peak energy in multiple periods shows a blue shift with increasing temperature com- 
pared to the red shift observed previously in hexagonal QD, due to Frohlich interac- 
tion [111]. The blue shift was also observed in MBE-grown multiple QDs by Brown 
et al. [113], and can be ascribed to the preferential loss of carriers from larger dots. 

In comparison, in the case of a single QD layer, the PL emission peak has a red 
shift with respect to the multiple-period QDs and bulk GaN peak at 3.45 eV. This 
red shift is a manifestation of the internal polarization-induced electric field present 
in wutrzite GaN QDs. In multiple-period QD structures (as shown in Figure 8.50), 
no significant difference is seen in the decay constants from 10 to lOOK for the 
relaxation from the QD energy states (-3.55-3. 65 eV). The fast relaxation compo- 
nent due to nonradiative recombination appears at -200K and reduces the PL effi- 
ciency. It is observed that the effective recombination lifetime in the MQD structure 
(tD) is several hundred picoseconds at lOOK for the most efficient emission 
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Figure 8.49 Time-integrated PL spectra in (a) a 20-period QD and (b) a single-period QD. (From: 
[1 12]. © 2003 IEEE. Reprinted with permission.) 
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Figure 8.50 Time-resolved PL spectra in a 20-period QD. Detection was at 3.57 eV at the QD 
emission energy. (From: [1 12]. © 2003 IEEE. Reprinted with permission.) 



wavelength, which are 2 orders of magnitude faster than highly strained QDs grown 
over thicker AIN spacer layers [111, 114], This difference in the reduction of the 
internal electric field is due to the use of thin AIN spacer layers. 



8.3.3 InGaN QDs 

Compared to GaN, much less research has been reported on In^Gaj^^N QDs. 
Instead, investigations have focused on the origin of the PL from In^Gaj_^N QWs in 
which the In-rich structures can be formed through phase segregation or alloy fluc- 
tuation. It is believed that the intense PL from In^Ga,_^N wells may be associated 
with dot-like structures. In this section, in addition to the PL properties of In^Gaj_^N 
QDs, we discuss some relevant features of In^Gaj_^N QWs. 

InGaN is a quantum material [115] and does not form perfect alloy due to its 
phase separation during growth [59, 116]. An InGaN QD-like region in an InGaN 
active layer was investigated by means of a variational approach, including 3D con- 
finement of the electrons and holes in QDs and a strong built-in electric field effect 
due to the piezoelectricity and spontaneous polarization [117]. The built-in electric 
field leads to an obvious reduction of the effective bandgap of QDs and induces a 
remarkable spatial separation of electrons and holes in the QD-like region. The 
interband optical transition of electrons and holes in the In^Gaj^^N active layer is 
thus determined by two important factors: the 3D confinement of electrons and 
holes in the QD-like regions and strong built-in electric field effect. 

An isolated cylindrical In^Gaj^^N QD with radius R and height L along the 
^-direction, surrounded by two large energy gap materials In^Ga^^^N {y < x) in the 
radial direction and GaN in the ^-direction, is shown in Figure 8.51. The exciton 
binding energy can be computed as follows: 



Efc =£g +E. +£(, 
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Figure 8.51 Diagram of a cylindrical CaN/ln„Ga,.„N/GaN QD with radius R and height L, sur- 
rounded by two large energy gap materials lnj,Ga,.j,N (y x) in the radial direction and GaN in the 
z-direction. (From: [1 1 7]. © 2002 IEEE. Reprinted with permission.) 



where (Ef) is the electron (hole) confinement energy in the QD [117]. A compari- 
son of the calculated and measured emission wavelengths is listed in Table 8.4. From 
Table 8.4, we can see that the InGaN QD-like regions usually have a typical 
nanometer-scale size with structural parameters L and R in the order of a few of 
nanometers [118], rather than nearly pure InN QDs [115]. The exciton binding 
energy the emission wavelength, and the electron-hole recombination rate as a 
function of height L of InGaN/GaN QDs is shown in Figure 8.52. The exciton bind- 
ing energy decreases with increasing height L of the QDs, mainly because the relative 
distance in the z-direction between the electron and hole increases when L increases 
and the Goulomb interaction is thus reduced. It can also be observed from 
Figure 8.52(a) that the exciton binding energy for the m = 0 state is larger than that 
for the m = 1 excited state because the electron (hole) wave function for the m = 0 
state is smaller than that for the m = 1 state. The built-in electric field due to the 



Table 8.4 Calculated Emission Wavelength 
of the m = 0 Optically Active Exciton State for 
ln,Ga,,N/GaN QDs Surrounded by lnj,Ga,|,N 
Material in the Radial Direction and Measured 
Emission Wavelength r'“ 



L (nm) 


R (nm) 


X 


y 


2 “*' (nm) 


r”' 


2 . 4 ' 


9 


0.12 


0 . 02 ' 


427 


430 ' 


2 " 


5 


0.21 


0.05 


471 


470 " 


2 . 9 " 


5 


0.20 


0.02 


504 


505 " 



Source: [117], 

Data from: [63] 

The experimental data of the emission wavelengths have 
been taken from Dr. Zhi-Jian Yang’s experiments for 
InGaN/GaN stuctures with an InGaN layer thickness of 2 and 
2.9 nm and with an average In composition / = 0.15 for the 
InGaN layer. 
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Figure 8.52 (a) Exciton binding energy, (b) emission wavelength, and (c) electron-hole recombi- 
nation rate as a function of height L of Ino^jGaogjN/GaN QDs with radius R = 5 nm, surrounded by 
InoQjGaojgN material in the radial direction. The solid and dotted lines are for the m = 0 and 1 
states with the effect of the built-in electric field. The dashed line is for the m = 0 state without the 
effect of the built-in electric field. The dot-dashed line in part (b) is for the m = 0 state with free 
electron-hole recombination. Here m denotes the electron z-component angular momentum 
quantum number. (From: [1 1 7]. © 2002 IEEE. Reprinted with permission.) 



spontaneous and the piezoelectric polarizations has a remarkable influence on the 
exciton binding energy, especially for the QDs with large height L. 

The reported PL peaks from In^Gaj^^N QDs range from 2.2 eV to a value higher 
than 3 eV, depending on the sample and measurement temperature [116]. All three 
effects discussed in GaN QDs, the quantum confinement, strain, and polarization, 
are also important in In^Gaj.,,N QDs. The differences in the two systems are mainly 
rooted in the alloy nature of the latter material. The bandgap of In^Gaj_^N is sensi- 
tive to the alloy composition. A 1% fluctuation in x will lead to a shift in bandgap 
by 15meV if a linear dependency of £^(In^Gaj ,,N) on x is assumed. For x ~ 10%, this 
shift can be much larger (~40 meV) due to the large bowing factor of the alloy [119]. 
Because it is hard to determine an accurate value for x and its spatial fluctuation, an 
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uncertainty in transition energy is introduced, making it difficult to derive reliable 
information from the energies of the measured PL peaks that are also affected by 
confinement, strain, and polarization effects. 

Typical PL spectra from In^Gaj^^N QDs in a GaN matrix were reported by 
Damilano et al. [120] (Figure 8.53). The self-assembled QDs were grown on GaN by 
MBE using the SK growth mode. The In mole fraction x was kept constant (0.15). 
The dot or island density was about 5 X 10'“cm \ roughly an order of magnitude 
higher than the defect density. The dots with different sizes were obtained by con- 
trolling the thickness of In^Gaj_^N. Figure 8.53 presents three sets of PL spectra from 
the In^Gaj^^N QDs with nominal thickness of 5, 9, and 12 ML [10 ML for part (b)] at 
lOK and room temperature. As the QD size reduces, the PL peak shifts to higher 
energy with an amount larger than that expected from quantum confinement alone. 
The extra shift is interpreted as the result of a quantum confined Stark effect induced 
by polarization. This interpretation is consistent with the observation that the PL 
intensity is quenched for large dots, as expected from the quantum confined Stark 




Figure 8.53 (a) 1 OK and (b) room temperature PL spectra of ln„Ga,_^N QDs in GaN matrices of 
varying sizes. The nominal ln„Ca,_„N thickness is 5, 9, and 1 2 ML in part (a) and 5, 9, and 1 0 ML 
in part (b). (From: [120]. © 1999 American Institute of Physics. Reprinted with permission.) 
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effect [121], In their case, the PL was not detected for the dots larger than 10 ML at 
room temperature. 

Let us estimate the polarization-induced electric field in In^Gaj_^N/GaN(0001) 
QDs. For X = 0.15, assuming the dots are fully strained and using the data listed in 
Table 8.1, we obtain the interface charge due to the spontaneous polarization as 
-0.024 G/m\ The charge due to the piezoelectricity is -0.021 G/m\ similar to that 
from the spontaneous polarization. The electric field in QDs induced by these 
charges is -2.3 MV/cm in QDs if only one interface is considered. The field is dou- 
bled if the top and bottom interfaces are both taken into account. This field may be 
large enough to produce a large shift in the transition energy and quench the oscilla- 
tor strength for the large dots. 

The thermal stability of the PL from In^Gaj_^N/GaN QDs was improved as com- 
pared to In^Gaj^^N bulk or QWs [41, 42], but not as good as that observed in GaN 
QDs in AIN matrix. Typically a few times drop in PL intensity was observed when 
the temperature was raised from low to room temperature for In^Gaj_^N QDs, 
whereas a stable PL was reported in GaN/ AIN QDs [11]. The lower barrier may 
account for the poorer thermal stability, similar to the cases of GaN/Al^Gaj_^N QDs. 
The high dot density may also have made a contribution since the thermal tunneling 
between the adjacent dots may not negligible in this case. 

A strong confinement of excitons in In^Gaj_^N QDs was demonstrated by the 
observation of very sharp and discrete PL lines from a limited number of QDs [116]. 
The QDs were grown on GaN by MOGVD and their average height/diameter was 
4.6/23.4 nm. By patterning a thin aluminum layer with a 400-nm square aperture 
on the sample surface, the detected number of QDs in the PL measurement was 
reduced to about 20. The measured PL linewidth was typically 0.17 meV at 3.5K 
(see Figure 8.54) and limited by the spectral resolution of the measurement system. 
The separation of these discrete lines is a few meV. When the temperature is raised 
to 60K, the width increases to 0.6 meV but is much smaller than the thermal energy 
kT. The result suggests that the narrow PL lines are really from the strongly 
localized states. The broadening of the PL spectra commonly observed from a QD 
assembly is inhomogeneous either from the fluctuation of dot size or alloy 
composition. 

The subband emission similar to the discrete lines described earlier was also 
reported from In^Gaj_^N QW laser diodes under room temperature pulse opera- 
tion [122]. The energy separation is 1 to 5 meV. Under the room temperature GW 
operation, a single mode was observed but the mode hopped toward a higher energy 
with increasing drive current in contrast to that observed in an AlGalnP QW laser. 
A subband emission was suggested based on the transitions between the ground lev- 
els of the In^Gaj_^N QDs of different sizes formed from In-rich regions in the 
In^Ga,_^N well layers. 

The existence of the QD-like structures and its effect on the PL in In^Gaj _^N 
QWs have been the subject of extensive discussion in the past few years [123, 124]. 
The main characteristics of the observed PL spectra are summarized as follows: (1) 
The luminescence efficiency is high. (2) There is a large Stokes shift from the absorp- 
tion edge, increasing with In composition. (3) The peak energy increases with 
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Figure 8.54 (a) High-resolution micro-PL spectrum from about 20 numbers of ln„Cai_,,N quan- 
tum dots measured at 3.5K. (b) PL spectra of a particular peak taken at different temperatures 
from 4 to 60K. (c) PL linewidth (FWHM) as a function of temperature. Thermal energy is plotted as 
a dotted line. (From: [1 16]. © 2000 American Physics Society. Reprinted with permission.) 



temperature at the low-temperature region in contrast to the change in the In^Gaj_^N 
bandgap. (4) The peak energy increases with the excitation density. (5) The PL 
exhibits different characteristics at high excitation levels. All of these observations 
can be interpreted by PL from localized states at band-tails, originating from small 
density of states and long lifetimes of the trapped carriers. These localized states are 
believed to be from In-rich or QD-like structures as demonstrated by HRTEM in 
some samples [125]. 

In contrast to the localization effect, Riblet et al. [124] argued that many of 
the above characteristics may result from the polarization effect in In^Gaj_^N QWs. 
They investigated the blue shift with excitation intensity for In^Gaj^^N QWs with dif- 
ferent well widths but the same nominal In mole fraction of 0.25. They found that 
the maximum shift increases linearly with the well width, from 50 meV for a 1-nm 
well to 200 meV for a 5-nm well. A similar relation was also found for 
GaN/Al^ jjGaogjN QW, but with a shift that is an order of magnitude smaller 
(Figure 8.55). From these results, they estimated the electric field due to piezoelec- 
tricity to be 400 to 500 kV/cm in In^jjGao^N QWs and 60 to 70 kV/cm in GaN 
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Well width (nm) 



Figure 8.55 The maximum blue shift of the PL peak as a function of the well width for (a) 
lno 25 Ca„ 75 N double QW (with lnoo 2 Ga„ 9 gN barriers) and (b) GaN single QW (with AI„, 5 Ga(, 85 N 
barriers). The maximum blue shift is obtained for an optical excitation intensity of about 500 
kW/cm^. The solid lines are linear adjustments. (From: [124]. © 1999 American Institute of Physics. 
Reprinted with permission.) 



QWs. While this interpretation may be reasonable, the possibility that the PL in 
In^Gaj_^N QWs is from In-rich dot-like structures is still not ruled out. The effect of 
the piezoelectricity only amplifies the energy fluctuation for a given dot-size or In 
mole-fraction distributions. 

Surface-emitting lasers in In^Gaj.^N/GaN/Al^Gaj_^N structures with In^Gaj_^N 
QDs were demonstrated recently [126]. Lasing in the vertical direction occurs at 
low temperatures, and an ultrahigh gain of 10^ cm ' in the active region was esti- 
mated. The lasing wavelength was 401 nm and the threshold current density was 
400 kW/cm^ 

8.4 Summary 

In the past 5 years, great progress has been witnessed in the fabrication and under- 
standing of Ill-nitride QDs. The progress is mainly due to improvements in the 
growth techniques such as MBE and MOGVD. All three modes, 2D, 3D, and SK, 
were demonstrated in Ill-nitride epitaxial growth. Fully strained, defect-free, verti- 
cally correlated GaN QDs in AIN matrix were demonstrated mainly by MBE using 
the SK mode. Strain-free GaN QDs in Al^Gaj^^N were also realized using Si antisur- 
factant to modify the surface energy and change the growth mode from 2D to 3D. It 
has been demonstrated that the self-assembled GaN QD in AIN or Al^Gaj^^N matrix 
has a well-defined shape of truncated pyramid with a hexagonal base. The QD 
assembly with different densities and average sizes can be obtained in a more 



344 



Growth, Structures, and Optical Properties of Ill-Nitride Quantum Dots 



controllable way. In addition to the GaN QDs, the In^Gaj.^N QDs can also be self- 
assembled on the GaN surface, although the shape, size, and density may be less 
controllable. 

Ill-nitride QDs show rich and unique optical properties, some of which have 
been revealed in the last few years mainly by PL investigations. We know that the 
effects of quantum confinement, strain, and polarization are all important to III- 
nitride QDs and must be properly considered when interpreting any optical spectra. 
While the quantum confinement and strain in GaN/Al^Gaj_^N QDs commonly 
induce a blue shift in the transition energy from bulk bandgap, the spontaneous 
polarization and piezoelectricity may induce a red shift. The latter effects are more 
significant in the case of fully strained and large size GaN/AlN QDs and may pull the 
transition energy from a bulk GaN bandgap of 3.4 eV down to ~2 eV, covering the 
emission wavelength from blue to orange. A stable PL intensity against thermal per- 
turbation up to room temperature was demonstrated in self-assembled GaN/AlN 
QDs. The effects of the quantum confinement on the exciton binding energy and 
electron-phonon coupling were also observed. The transition energy, the thermal 
stability, and the excitons and the electron-phonon coupling in QDs are all impor- 
tant to applications of Ill-nitrides in light-emitting and light-detecting devices. 

Although great progress has been achieved, the Ill-nitride QDs grown by any 
methods today are still far from perfect. As we mentioned in the introduction, the 
fabrication of semiconductor QD assemblies with small and uniform size, high den- 
sity, well-ordered placement, and defect-free materials remains a great challenges, 
especially for Ill-nitride materials. 
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9.1 Introduction 

Nanoscience and nanotechnology have flourished in recent years because it is 
believed they will lead to a scientific and technical revolution in the not too distant 
future. One of the most interesting topics of focus is self-assembled nanostructures, 
which are formed spontaneously due to the nature of their growth. In current 
advanced top-down lithography regimes, it is not difficult at all to fabricate the 
structures on a nanometer scale. However, the self-assembled (so-called bottom-up 
approach) nanostructures have some merits, such as a spontaneous nature and 
damage-free surfaces, that are attractive to researchers. In this chapter, we focus on 
the discussion of self-assembled Ge islands formation on Si substrates and discuss 
their potential applications. 



9.2 Heteroepitaxy Mechanisms 

It is well known that there are three types of growth modes for heterogeneous epi- 
taxial growth including the Ge/Si system: the Frank-Van der Merwe [1], Stranski- 
Krastanov [2], and Volmer-Weber [3] modes, which are named after the original 
researchers. The typical layer-by-layer growth is referred to as Frank-Van der 
Merwe growth, which is required to fabricate high-quality large films for practical 
applications. For some heterogeneous epitaxial growth conditions, where there is, 
for example, a substantial lattice mismatch, layer-by-layer growth is impossible and 
only 3D islands are formed. This growth is referred to as Volmer-Weber growth. 
Stranski-Krastanov growth is an intermediate growth mode, where growth starts in 
a layer-by-layer mode during the first few atomic layers, and then forms 3D islands 
beyond a certain thickness, which is usually referred to as critical thickness. 

Based on thermodynamic analysis, the growth mode in a given system is deter- 
mined from the surface/interface energy and the lattice mismatch [4]. If y -i- , a 

Frank-Van der Merwe growth mode is expected, where y is interface energy, is 
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epilayer surface energy, and aps substrate surface energy. Island structures form under 
the condition of y a^<a^, which belongs to a Volmer-Weber growth mode. For a 
strained epilayer, there is another possibility that island formation allows the system 
to relax the strain by increasing the surface energy via the formation of island facets. 
For a system with a small interface energy but large lattice mismatch, the initial 
growth begins in a layer-by-layer fashion, but as the layer thickness increases, it gains 
a larger strain energy. As a result, its total energy is lowered by forming islands and, 
thus, Stranski-Krastanov growth occurs in strained systems, such as Ge/Si (001) [5]. 

The growth of Ge on Si has been studied for several decades. It is known that the 
growth of Ge on Si occurs in the Stranski-Krastanov growth mode, where the 
growth begins initially in a layer-by-layer manner and then forms 3D islands. The 
formation of Ge islands is driven by the surface strain resulting from the lattice mis- 
match, where the Ge lattice constant is larger than that of Si by 4.16%. The growth 
of Ge on Si(OOl) has been extensively studied with a variety of surface analysis tech- 
niques [6-10] such as AES and RHEED. However, in early studies, there was some 
disagreement regarding the value of the critical thickness, that is, at which point the 
dots start to appear. The value ranged from 3 to 10 ML before the onset of appear- 
ance of islands. Recent studies have concluded that the critical thickness of Ge on Si 
(001) is 3 ML [4]. The actual number of monolayers may vary slightly with the 
growth temperature or growth techniques, for example, the value is slightly larger 
for gas source MBE growth [11]. 

9.3 Uniform Ge Islands 

As normally seen in the Ge/Si(001) system, the formation of Ge islands during the 
growth on Si(OOl) [12] is a spontaneous nucleation process. The two major island 
shapes are (1) square-based pyramids at a smaller volume and (2) multifaceted 
domes at a larger volume. The four [105] facets dominate in a pyramid island even 
though other facets are reported. The facets in a dome island are more complicated. 
These two distinct islands are referred to as bimodal growth. 

Figure 9.1(a) presents a typical AFM image of self-assembled Ge islands grown 
on planar Si(OOl) substrates. One can clearly see that there are two kinds of Ge 
islands. The smaller islands are square-based pyramids with four [105] facets, and 
the larger islands are multifaceted domes, as shown in Figure 9.1(b). They have dis- 
tinct shapes and distinguishable size distributions as discussed in previous publica- 
tions [13], which are referred to as a bimodal distribution [14]. The bimodal 
distribution of Ge islands is a typical experimental result for Ge grown on Si(OOl). 
However, other kinds of islands were also observed. In one case, with relatively 
thick Ge coverage, superdomes were observed [15]. 

Figure 9.2 shows the statistical results of the Ge deposition on Si [15]. It is clear 
that different Ge coverage results in different island morphology. In another case, 
for prolonged growth at high temperature, such as at 700°G, larger pyramidal 
islands with a flat top (or truncated pyramids) have been observed. Our stud- 
ies show that a larger Ge deposition rate can also generate supersized islands. 
Figure 9.3 shows an AFM image of a sample grown at the Ge deposition rate of 0.5 
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Figure 9.1 (a) 2D AFM image of typical bimodal Ce islands including square-based pyramids and 

multifaceted domes, (b) 3D AFM images showing a pyramid (top) and a dome (bottom). 
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Figure 9.2 Scatterplot showing the exposed surface area of the islands versus their volumes. 
(After: [1 5].) 



A/sec. Ge thickness was 1.5 nm. The growth temperature was 540°C and the 
postholding time was 2 minutes. Besides the round-shaped domes and the square- 
based pyramids, superdomes are evident. These superdomes are in reality the com- 
bination of several smaller islands. The formation of the superdomes suggests that 
the diffusion of Ge atoms on the surface to other sites is a kinetically limited process. 
It was found that for a Ge thickness of less than 2 nm and a Ge rate of less than 0.3 
A/sec, the growth led to no superdomes. 

The size distribution of the islands is referred as a trimodal (or multimodal) dis- 
tribution [16]. From cross-sectional TEM studies [4], the pyramidal and dome Ge 
islands with heights of less than 50 nm [16] are free of dislocations, and are called 
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0.2 .um 



Figure 9.3 AFM image of a Ge QD sample grown at the Ge coverage of 1 5A and the Ge deposi- 
tion rate of 0.5 A/sec. The growth temperature is 650°G. Besides pyramids and domes, superdo- 
mes are evident. 



coherent, dislocation-free, self-assembled islands. Island formation occurs as a 
result of the minimization of the total free energy by (partially) relieving the strain 
energy via elastic deformation of the substrate and the formation of the facets in the 
islands. 

It is generally believed that the distribution of Ge islands has something to do 
with Ostwald’s ripening, which is a coarsening process of a particle size driven by 
the Gibbs-Thomson effect. There are several theories related to the coarsening 
process. An analytical mean-field theory (LSW theory) was first used to analyze par- 
ticle evolution in a solution [17, 18]. The theory was extended to solid systems for 
studying the particle size evolution on single crystal surfaces [19]. The equation of 
motion for the basic particle radius evolution can be expressed by 



dr _ f(T) ( 1 l' 

dt r” r, 



(9.1) 



where is the radius of a stable particle and mis a constant; m = 1 and 2 for the LSW 
and Ghakraverty models, respectively. If r is larger than r^, the particle size increases; 
otherwise, the size decreases. 

Based on kinetic and thermodynamic analyses, there are two basic interpreta- 
tions for the experimental observations. In their real-time low-energy electron 
microscopy studies, Ross et al. [20] observed that larger islands grew while smaller 
islands shrank and disappeared with increasing Ge deposition, instead of uniform 
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growth occurring for all sizes of islands. They concluded that it is a kinetic process 
driven by an Ostwald ripening effect. A theoretical justification based on a kinetic 
mechanism was also made to support the explanation. Based on thermodynamic 
analysis, Shchukin et al. [21] proposed that for some systems, there are minima in 
the free energy of self-assembled island ensembles, resulting in a stable size distribu- 
tion at some particular island sizes instead of suffering Ostwald ripening. 

A convincing experimental observation is the scanning tunneling microscopy 
measurements of the island size distribution [22], in agreement with the Shchukin 
model, that show sizes with a stable Boltzmann distribution. Kamins et al. [14] has 
quantitatively studied the formation of the bimodal distribution of Ge islands and 
found that the island distribution is similar to a Boltzmann distribution, a steady- 
state distribution. Their annealing experiments [13] on the same sample distin- 
guished the two mechanisms, Ostwald ripening and equilibrium distributions. They 
found that island evolution was slowed with increasing annealing time at 550°C 
and 600°C and it reached an equilibrium distribution. Given the preceding analysis, 
some theoretical research has predicted [23, 24] that it is possible to form uniform, 
ordered self-assembled islands. 

To form uniform islands on Si, we have studied the growth temperature influ- 
ence on the formation of self-assembled Ge islands on Si(OOl) substrates. Figure 9.4 
shows the AFM images of the self-assembled Ge islands at various growth tempera- 
tures from 500°G to 700°G. As generally observed, the island density decreases with 
increasing growth temperature. In Figure 9.4(b) with the growth temperature at 
550°G, one can clearly see that there are two kinds of Ge islands: pyramids and 
domes. This is typical of the frequently observed bimodal distribution. At a lower 
temperature of 500°G [Figure 9.4(a)], the pyramid type dominates. 





a, b and c 
0.8 fim X 0.8 f.im 



d and e 

2.0 fim X 2.0 /im 



Figure 9.4 Two-dimensional AFM images of the dots on planar Si(OOI) substrates with various 
growth temperatures: (a) T, = 500°C, (b) T, = 550°C, (c) = 600°C, (d) 7 = 650°C, and (e) T, = 

700°C. The thickness of the deposited Ge layer is 1 .6 nm. 
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As the growth temperature increases, the ratio of pyramids to domes decreases 
as plotted in Figure 9.5 and finally approaches to very low value at 600°C, leading to 
the formation of a near monomodal morphology distribution. As the temperature 
further increases to 650°C and 700°C [Figure 9.4 (d, e), respectively], the pyramids 
reappear at a larger size, and there are also some very small islands that have heights 
in the range of 2 to 3 nm. The very small islands were generally thought of as the pre- 
cursors of the larger islands. The difference is that the precursors were only observed 
at higher temperatures in our case. The appearance of the small precursors might be 
related to the change of the surface due to, for example, the intermixing, which we 
discuss later. Besides the larger size of pyramids and domes, note that the morphol- 
ogy of the islands is no longer isotropic. This was attributed to the anisotropic inter- 
diffusion of Si into Ge islands. 

Based on the V-shape distribution of Figure 9.5, one can see that the optimal 
growth temperature needed to form uniform Ge islands is 600°G. As shown in 
Figure 9.4(c), highly uniform self-assembled Ge islands were realized on Si(OOl) sub- 
strate at this growth temperature. The nominal Ge deposition thickness was 1.6 nm 
and the growth was interrupted to allow for diffusion to reach near the steady state. 
The islands are dome shaped with a base diameter and height of about 70 and 15 
nm, respectively. The areal density of the islands is about 3x10’ cm“^ and the height 
deviation of the islands is about ±3%. This result has experimentally demonstrated 
the possibility of forming uniform self-assembled Ge islands on Si(OOl) and an equi- 
librium state might occur at temperatures between 550°G and 600°G [14]. 




Figure 9.5 The number ratio of pyramids to domes versus growth temperature. The optimum 
temperature is about 600°C for the formation of monomodal dots. Note that the small precursors 
at high temperature are not included. 
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9.4 Registration and Regimentation of Ge Islands 

In the previous section, we discussed how to form uniform Ge islands, which is 
important for optical and optoelectronic applications. However, the islands were 
randomly distributed on the Si surface. In this session, we discuss the controlled 
growth of islands so that the islands can be arranged spatially at specific locations 
and so that we can control the positioning of a single island, which is desirable for 
nanoelectronic applications. The arrangement of self-assembled islands at predeter- 
mined sites remains a major challenge for the implementation of nanoelectronics 
and quantum computation [25]. 

Previously, much effort has been devoted to controlling the spatial locations of 
self-assembled dots using a variety of techniques, including growth on miscut (or 
tilted) substrates with surface steps [26] and on relaxed templates having a disloca- 
tion network [27, 28], and stacking growth of multilayers of self-assembled islands 
[29-31]. Among them, one of the most effective approaches is the use of selectively 
grown mesas as templates for subsequent Ge growth. This approach shows ID 
ordering of Ge islands along the edges of the Si stripe mesas, formed in patterned 
windows with large feature sizes prepared by conventional lithography [32, 33]. 

In the following, we discuss an effective method for ordering Ge QD arrays on 
prepatterned substrates. We first describe the formation of substrate templates by 
using the selective epitaxial growth (SEG) technique. SEG is based on the different 
interactions of the gas molecules (such as SqHJ with a clean, chemically reactive Si 
surface and a chemically inert SiO^ surface. As gas molecules impinge on the surface, 
only a fraction of the molecules will eventually adsorb on the surface. The sticking 
coefficient of Si^H^ on a clean Si surface is about 0.1 at room temperature [34]; how- 
ever, the coefficient of SqH^ on a clean SiO^ surface is expected to be near zero at 
temperatures below 700°G. As a result, the growth of the Si epilayer only takes 
place on the Si surface. In reality, the selectivity is relative and the sticking coeffi- 
cient of SqHgOn a clean SiO^ surface depends on growth temperature. Therefore, the 
selectivity of SEG depends on the growth conditions including the growth tempera- 
ture and the gas flux. On patterned substrates, due to the approximately zero stick- 
ing coefficient on the silicon dioxide sidewalls at proper temperatures, the growth 
occurs at the exposed Si windows. Eormation of facets at the sidewalls can be 
observed due to the anisotropy of the growth rates, which arises from different sur- 
face dangling bonds and surface energy. Erom an energetic point of view, the surface 
energy of Si(OOl) is the lowest, then the Si(113) surface, and the (111) surface is the 
highest of them all. Therefore, the corresponding growth rates on the three different 
surfaces reduce in the order of (001), (113), and (111). Hence, the {113} facets take 
place at the early stage of the SEG and the top (001) surface reduces accord- 
ingly [35, 36]. Then the [111] facets occur after a certain thickness, which depends 
on the growth conditions (e.g., substrate temperature). Therefore, the {113} and 
[111] facets coexist at this growth stage. The angle between (113) and ( 00 1 ) is about 
25°, and the angle between (111) and (001) is 54°. Due to the energetic preferences 
discussed earlier, the [111] facets will dominate the sidewalls as the growth contin- 
ues, and the top (001) surface reduces further. Eor Si mesas in the windows having 
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small feature size, the top (001) surface may be fully reduced after continuous SEG 
growth of Si. In this situation, the sidewall facets may consist of {113} or {111} or 
both of them, depending on the growth conditions and window size. 

After forming the selectively grown Si mesas, Ge was subsequently deposited, 
and then Ge islands were preferentially formed along the edges of Si mesas. Two fac- 
tors explain the preferential growth. The first factor is the morphology effect. Gon- 
vex curvature occurred at the edges of Si mesas. This convex curvature and 
supersaturation at edges may be beneficial to the formation of Ge islands. The other 
factor is due to the fact that the subsurface Si lattice at this point is slightly higher 
than bulk Si and thus has a smaller lattice mismatch with Ge, and hence the edge is a 
preferential nucleation site. This strain relief also allows the anisotropic deposition 
to proceed more readily near the edges. 

We have studied the strain distribution on the SEG mesas with micro-Raman 
measurements to distinguish the effect of the strain and the morphology on this pref- 
erential positioning. The strain was determined by the shift of the Raman-Si trans- 
verse optical-phonon peak. It was found that nonuniform strain distribution occurs 
on the mesas. A confocal micro-Raman imaging technique was used to visualize the 
strain distribution of the SEG Si facets. The Raman image from an unstrained (stan- 
dard) Raman peak reveals the facet shape of the top plateau of a SEG mesa although 
the image tends to exaggerate the actual size of the faceted island due to the resolu- 
tion limitation. It was found later that the Ge islands are preferentially grown on the 
most tensile strained part (lower in surface energy) of the mesa top. The results indi- 
cated that there was tensile strain near the edges and compressive strain in the cen- 
tral region [37]. 

With the SEG process, it is possible to form ID ridges on a stripe mesa structure 
via complete reduction of the top plateau. After the formation of the ridges, Ge is 
subsequently deposited on the SEG mesa ridges. The growth of Ge occurs via the 
Stranski-Krastanov growth mode. Eigure 9.6 shows a 3D AEM image of the self- 
assembled Ge islands on the <110>-oriented Si mesa stripe, formed in the exposed Si 
stripe windows with a window width of 0.6 ^m and a separation between two 
stripes of about 0.1 ^m. It should be pointed out that the silicon dioxide layer had 
been removed for the AEM measurement. 

One can see the morphology of the Si mesas formed by the SEG process. The epi 
thickness is 120 nm and the sidewall facet angles are about 25°, corresponding to the 
{113} facets. It is also found that the top (001) surface has been fully reduced. Per- 
fectly aligned and regularly spaced ID arrays of Ge islands are formed on the ridges 
of the Si stripe. In short, the perfect alignment of the islands along the Si stripe mesas 
is due to preferential positioning of the Ge islands on the ID ridges, which is the 
result of the full reduction of the top surface of the stripe mesas. This arrangement of 
self-assembled Ge islands is referred to as a cooperative arrangement of self- 
assembled islands (GASAD) since they are arranged on the ID ridges through coop- 
erative strain interactions among dots. 

It is interesting that only islands with a monomodal distribution, which means 
that all the islands are dome shaped and have a size of 70 to 90 nm, were observed 
on the ridges of Si stripe mesas over a large patterned region. A similar result was 
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Figure 9.6 3D AFM image of the cooperative arrangement of self-assembled Ce dots on the 
n-oriented Si stripe mesas with a window width of 0.6 m. Self-aligned and well-spaced 1 D arrays 
of the Ge dots are formed on the ridges of the Si mesas after the deposition of 1 0 ML of Ce. The 
growth temperature is 630°C. The sidewall facets of the Si stripe mesas are confirmed to be {1 1 3} 
facets. The dimensions of the Ce islands are about 80 nm wide and about 20 nm high, and the 
period of Ce islands is about 1 10 nm. 



reported on high-index facets of SEG mesas [38], in contrast with the results usually 
obtained on planar Si(OOl) substrates, where a bimodal or multimodal distribution 
of Ge islands was present. The monomodal distribution of islands may be the result 
of a strain effect and quasi-lD spatial confinement. As seen in the facet formation in 
an SEG process, mass transfer from sidewalls to the top surface has been observed 
due to the anisotropic growth rates on different surfaces [34]. Our micro-Raman 
results indicate tensile stress at the edges of the SEG Si mesas, which corresponds to 
the energetically favorable nucleation sites. Erom an energetic viewpoint, the ada- 
tom diffusion along the ID ridge is limited due to the higher energy barrier required 
to pass over the islands. Thus, it is a quasi-lD case. This is different from the case in 
which Ge adatom diffusion on the surface can be in a 2D plane and, thus, the Ge 
islands are randomly distributed on a plane. Therefore, the spatial confinement of 
the Si stripe mesas affects the diffusion of Ge adatoms from both directions of the 
two sidewalls, leading to more uniform islands: a monomodal distribution. 

The arrangement of the Ge islands depends on the geometry of the Si mesas. The 
Ge islands are only formed near the <110>-oriented edges and the central region is 
free of Ge islands. This is due to the preferential nucleation of Ge islands at the edges 
as we discussed previously and the diffusion length is sufficiently long compared 
with the window feature size to guarantee the Ge adatom diffusion to the preferen- 
tial sites. It is found that at the growth temperature of 600°G, the diffusion length of 
Ge adatoms on Si mesas is about 3 fim. This value is reasonable when compared 
with the reported data in the literature [38], where the diffusion length of Ge on 
Si(OOl) is about 30 at a temperature of 700°G. 
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Growth temperature is another important factor in MBE growth. To under- 
stand the influence of growth temperature, we have also investigated the substrate 
temperature dependence on the 2D arrangement of Ge dots. Figure 9.7 shows the 
AFM images of samples with various growth temperatures. At the low temperature 
of 500°G, as shown in Figure 9.7(a), the dots are small and dense, and seem to dis- 
tribute everywhere. However, one can see that the dots prefer to locate near the 
edges of the Si mesas, due to the preferential nucleation near the edges. Additionally, 
a few dots are located in the central region of the Si mesas, which is attributed to the 
short diffusion length at a temperature of 500°G. As the temperature increases, the 
dot size increases and the corresponding dot density decreases. This size evolution is 
consistent with that of Ge dots on planar Si(OOl) substrate. At a temperature of 
600°G [Figure 9.7(c)], Ge dots are only located near the edges, and the central 
regions are free of Ge dots. This indicates that the diffusion length is long enough to 
allow Ge adatoms to migrate to the preferential sites. When the temperature is fur- 
ther increased to 700°G [Figure 9.7(e)], only one Ge dot is seen on each Si mesa. This 
is possibly due to the enhanced mass transfer from the sidewall during Si selective 
epitaxial growth at high temperature, leading to the shrinkage of the top facets of 
the Si mesas. Meanwhile, the dot size becomes larger with the increase in tempera- 
ture. As a result, on the small top (001) facet, only one Ge dot is formed. 

To gain insight into the evolution of ordered dot arrays, we have performed 
experiments to study the dependence of the Ge amount deposited. Figure 9.8 shows 




Figure 9.7 AFM images of self-assembled Ge dots grown on Si mesas at different growth tem- 
peratures: (a) 500°C, (b) 550°C, (c) 600°C, (d) 650°C, and (e) 700°C. The deposited Ge is 1 .7 nm. 
The scale of the images is 4 x 4 ^m^. 
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Figure 9.8 AFM images of the 2D arrangement of Ce dots on Si mesas with different amounts of 
Ce; (a) 0.4 nm, (b) 0.8 nm, (c) 1 .1 nm, (d) 1 .3 nm, and (e) 1 .7 nm. The growth temperature is 
600°C. The scale of the images is 4 x 4 



2D images for samples grown with various Ge deposition amounts and at the same 
temperature. When the Ge amount is 0.4 nm, very few Ge dots are seen, suggesting 
layer-by-layer growth. We believe that Ge growth on Si mesas is still in the 
Stranski-Krastanov growth mode below the critical thickness of the growth on pla- 
nar Si(OOl) substrates for this feature size. For smaller feature sizes, the “critical 
thickness” may effectively increase because that energy may be smaller and feature 
dislocations are pushed out to the edges of the mesas. At the Ge thickness of 0.8 nm 
[Figure 9.8(b)], four Ge dots are formed at the corner sites of the Si mesa. The for- 
mation of dots at the corners arises from a similar mechanism of preferential nuclea- 
tion. As the thickness increases to 1.1 nm, the result is similar to that with 0.8 nm 
Ge, that is, only four dots are located at the corner sites of each Si mesa. The differ- 
ence is that the Ge dots at 0.8 nm are square-based pyramids, but the dots with 1.1 
nm of Ge are domes, whose size is larger. With a further increase in deposited Ge, a 
second set of Ge dots is observed. They are located in the middle of the first set of Ge 
dots along the edges [Figure 9.8(d)]. The second set of Ge dots is square-based pyra- 
mids, which are different from the dots at the corners. The different morphology of 
the dots is attributed to the different nucleation stage. The pyramids are still at their 
early stage of the shape transformation, that is, they have not undergone the shape 
transformation into domes yet. 

Based on our experimental observations, we can understand the formation 
mechanism of regimented Ge dots using an energetic analysis. The Ge growth on Si 
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mesas is in the Stranski-Krastanov mode. At the early stage of Ge deposition, the 
growth is in a layer-by-layer mode. Once Ge nucleation starts, Ge atoms tend to 
nucleate at the sites with minimum total energy. The corner sites are the energeti- 
cally preferential sites because they are susceptible to strain relaxation, thus the 
nucleation first takes place at the corner sites. After the formation of the Ge dots and 
with the increase in dot size, the energy at the corner sites increases due to the 
increasing strain energy and total energy, and then the corner sites are no longer the 
preferential sites. On the other hand, sites such as the middle site between two cor- 
ner dots become favorable sites even though they were not originally preferred. 
Then, as observed, the second set of Ge dots is formed between two corner dots. 
Moreover, the pyramidal dots are still at their early stage, whose size is smaller than 
that of the corner dots. As the Ge thickness increases further, Ge dots are formed at 
other sites as observed in Figure 9.8(e). 

Dynamically, the formation of Ge dots on Si substrate is influenced by a large 
number of parameters, such as growth temperature, deposition rate, shape, and 
quality of the Si template. To understand the dynamics of the evolution of these 
nano self-assembled quantum dots, we consider the surface dynamics of the deposi- 
tion as described by the equation for the surface height h{r) as follows: 

^ = -V-/(r,t) (9.2) 

ot 

where j{r,t) denotes a macroscopic flux moving to the point on the surface r driven 
by the gradient of the local chemical potential: 

;U,0 = -y«(r,0 (9.3) 

In turn, the gradient of the local chemical potential is defined by the difference 
between vapor and surface phases of Ge, surface interdiffusion, surface curvature, 
temperature gradient, and local fluctuation of the incoming Ge flux. Taking into 
account all of these factors, (9.2) can be rewritten in the following form: 

c)h( 

— kT = _ KV^Hr) + BJI + F + r](r,t) (9.4) 

dt 

where vV^h(r) is associated with growth desorption, K'V‘'h{r) describes the surface 
diffusion, B is the mobility, Ji is the average chemical potential in the vapor phase, F 
is the incoming atomic flux (number of particles arriving per unit time per unit area), 
and r]{r,t) is the random fluctuation in the deposition process [an uncorrelated ran- 
dom number that has zero configuration average {ij{r,t)) = 0]. 

The competition between the terms and V''h can be illuminated by introduc- 
ing of a characteristic in-plane length scale Lj [36]: 
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For L«Lj, the diffusion term KV'h{r) determines the scaling behavior, whereas 
for the longer length L»Lj, the desorption term vV*h{r) controls the scaling [39]. 

Equation (9.3) for the surface height dynamics inherently contains information 
on the resulting growth structure symmetry. By rescaling (9.3) using r ^ br, h b"‘h, 
one obtains vb“'^\^h{r) and Kb“"'V'h{r), which reflect self-affinity of the formed sur- 
face. This leads us to the so-called self-affine functions having the following form: 

f{x)~b~'^f{Yx) (9.6) 

The self-affine functions describe the subclass of anisotropic fractals, which 
appear in the diffusion-controlled growth processes [40-42]. The exponent y 
parameter is called the Holder or self-affine exponent and is associated with the 
fractal dimension - y, where d^ is the Euclidian dimension. Taking into 

account the competition between surface diffusion and the desorption processes, we 
have: 



df =4 —2a, L<< Lj 

df =1 —2a, L>>Lj (9.7) 

However, under typical MBE conditions, the desorption rate is very small (~1 
ML s ') and Lj is very large. Thus, the key mechanism controlling surface formation 
is surface diffusion. 

In this case, we observe fractal-like dot formation during MBE growth on the 
spatially confined mesa. Figure 9.9 illustrates several steps of dot formation in 
detail. Instead of using a real-time scale, we marked the steps with the deposited 
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Figure 9.9 AFM images illustrating different phases in QD formation on a Si mesa: (a) layer-by- 
layer deposition, (b) primary QDs form, (c) primary QD size increases, and (d) new set of QDs 
form. The phases are marked in the deposited nominal Ge thicknesses of 0.4, 0.8, 1.1, and 1 .3 
nm, respectively. The growing temperature is 600°C. 
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nominal Ge thickness. At the initial stage of the growing process, no island forma- 
tion occurs unless the nominal Ge thickness exceeds the critical one as shown in 
Figure 9.9(a). Then, four dots appear in the corners of the mesa as shown in 
Figure 9.9(b). All of these corner dots typically have the same size and pyramid 
shape. Gontinuous deposition results in an increase in the size or dot volume as 
shown in Figure 9.9(c). Finally, four new dots appear in the middle of the square as 
shown in Figure 9.9(d). Roughly, we can estimate the dimensionality of this “dot” 
fractal: 



df 



= lim 

1^0 



In Nil) 
ln(l/ /) 



(9.8) 



where / is the scaling length, and N(/) is the number of similar objects under the scal- 
ing needed to cover the previous one. In Figure 9.9(d) an elementary object consists 
of four dots and it repeats itself as the length scale decreases about three times. At the 
same time, the square of the new set is about 2/9 times less than the previous one, so 
4== ln(9/2)/ln(3) = 1.37. 

In a more rigorous consideration, one has to take into account two more 
processes that are particularly important for Ge deposition on Si substrate: atomic 
intermixing and strain energy. In reality, Ge QDs formed on the silicon template 
may contain a significant amount of Si atoms [12] as a result of the intermixing that 
takes place in MBE growth. Interdiffusion results in a change of strain energy, which 
affects atomic mobility and the desorption rate. Thus, a complete self-consistent sys- 
tem of differential equations describing surface dynamics, besides (9.3), should 
include diffusion equations for silicon and germanium and also take into account 
the transport coefficient modification caused by the change of strain. 



9.5 Novel Device Applications 

9.5.1 Optoelectronics 

Due to its large bandgap. Si cannot find applications for optoelectronic devices in 
the optical communication window of 1.3 to 1.55 ^m. Ge has the proper bandgap 
but the growth thickness on Si substrates is essentially limited to less than 10 nm [43] 
to maintain a defect-free situation. But for Ge dots, there is no such limit because the 
strain between Si and Ge can be relaxed through the formation of dots. Thus, Ge 
quantum dots grown on Si offer the opportunity for optical communication applica- 
tions. For interband transition, pin diodes that use the dot layers to form an intrinsic 
region can be used. To enhance the absorption, multiple Ge layers are usually used. 
Photodetectors based on Ge QDs have been demonstrated [44, 45]. Three p-i-n 
structures each with 10 periods of Ge dots were grown by MBE at 540°G. PL meas- 
urements showed a Ge dot-related peak shift from 0.85 eV to 0.80 and 0.79 eV for 
the three Ge thicknesses of 1.2 (sample A), 1.5 (sample B), and 1.8 nm (sample G), 
respectively. I-V measurement of the pin mesa diodes showed a low dark current 
density of 3 X 10“^ A/cm^ at -IV as shown in Figure 9.10 [44]. The breakdown 
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Figure 9.10 Current-voltage characteristic of device from sample B. It shows a low dark current 
of 3 X 10"^ A/cm^ at -IV. Inset is a schematic drawing of the device. 



voltage was 7V at room temperature. A strong photoresponse at 1.3 to 1.55 ^m 
originating from Ge dots was observed. Figure 9.11(a) shows the photocurrent 
spectra of samples A, B, and C at room temperature, and the device was operated in 
the photovoltaic mode. All of the diodes show a photoresponse peak between 1.3 
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Figure 9.1 1 (a) Short-circuit photocurrent spectra of the Ge dot detector at room temperature for three 

sample pin photodiodes (A, B, and C). All the diodes show a photoresponse peak at between 1 .3 and 1 .55 
^m. (b) Photocurrent of diode B at both room temperature and 77K. At room temperature, the response 
has a peak at 1 .4 /^m. The peak shifts to 1 .32 //m at 77K. 
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and 1.55 ^m. The figure also shows that as the Ge nominal growth thickness 
increases (from sample A to C), the photoresponse peak shifts slightly to longer 
wavelength. This indicates that the response range of the photodetector can be tuned 
by changing the Ge thickness during growth. In Figure 9.11(b), the photocurrent 
spectra of diode B at both room temperature and 77K are shown. The peak shifts 
from 1.4 to 1.32 ^m with a temperature decrease from room temperature to 77K. 
The FWHM also shrinks from 95 to 70 meV, and the photoresponse intensity 
clearly decreases. At normal incidence, an external quantum efficiency of 8% was 
achieved at 2.5V. The dot layers may trap the light in the intrinsic region, and thus 
increase the absorption. 

Likewise, multilayered Ge quantum dots can be used to fabricate novel quantum 
dot photodetectors based on intersubband transitions to operate in the MIR range. 
Because of the large discontinuity in the Si/Ge valence bands, the intersubband tran- 
sition of holes from the ground state of the dots to the continuum states can be used 
for IR detectors working in MIR wavelength regions. Ge/Si photodetectors can also 
be monolithically integrated on Si substrates with GMOS readout circuits, making 
low-cost devices possible. 

Figure 9.12 shows the polarization dependence of the intersublevel transitions 
for a QD sample. The sample used consists of a 200-nm undoped Si buffer layer, 30 
periods of Ge QDs sandwiched between two 6-nm boron-doped Si layers, and a 
50-nm undoped Si cap layer. The doping density in the Si layers is as high as 5 X 10'* 
cm ' grown on a Si wafer with a resistivity of 18 to 25Q • cm. The size of the dots is 




Figure 9.12 Polarization-dependent absorption spectra of the modulation-doped sample. The 
decrease in absorbance with increasing polarizer angle is due to the reduction of the component 
of the photon polarization along the growth direction. 
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obtained from a single-layered sample with an identical growth condition to be 2 to 
3 nm in height and 20 to 30 nm in base diameter. As shown schematically in the 
inset of Figure 9.12, the 0° polarization angle corresponds to a 50% component of 
the incident IR light polarized along the growth direction of the structure, while the 
90° polarization angle is defined as being parallel to the plane of layers. An absorp- 
tion peak at around 2,000 cm ' is observed. It can be seen that the absorption ampli- 
tude decreases with an increase in the polarization angle and the trend behaves like 
that of the QW-like feature. This is because the lateral dimensions of the present 
dots are much larger than their heights. Accordingly, the quantum confinement 
along the growth direction is much larger than that in the lateral direction. 

For MIR applications, QDs have several advantages over conventional QWs. 
First, the predicted long carrier lifetime in the excited states in Ge quantum dots due 
to reduced carrier-phonon interactions could improve detector performance [46]. 
Second, because of their sharp d-like density of states, the dark current level of QD 
infrared photodetectors is expected to be low when an appropriate doping level is 
selected. Another important advantage is the selective rule to enable normal inci- 
dence photon detection when the lateral sizes are further reduced [47]. One of the 
research directions may be to reduce the dot sizes to enable quantum confinement in 
the lateral directions. 

Efficient photoemitters (LEDs) and perhaps Ge lasers might even be possible 
using Ge QDs. Multilayered Ge dot superlattices may be used as a gain media in 
which interband transitions in indirect semiconductors like Si and Ge are assisted by 
phonons to make up the momentum difference between the initial and final states. 
Furthermore, due to phonon confinement in a QD, phonons with the desired 
momentum can be designed by the dot size. In addition, because both QD size and 
interdot distance are comparable with the phonon wavelength, QD superlattices 
may be used to further control the phonon group velocity and used as a phonon fil- 
ter. Thus one may be able to invoke phonon mediation to enhance interband optical 
transitions and Ge QDs may be used to attempt phonon-assisted lasers. A new field 
of phonon engineering may emerge. Again, the control of dot size to an even smaller 
dimension is of interest in future research. 

9.5.2 Thermoelectricity 

To fabricate highly efficient solid-state refrigerators, researchers have looked for 
decades for high figure-of-merit thermoelectric materials. Previously, QW struc- 
tures of SiGe/Si have been shown to have an increased figure of merit due to the 
change in the density of states of electrons to increase the Seebeck coefficient and 
to reduce thermal conductivity at the same time, the latter of which is the result of 
the reduced phonon transport [48, 49]. Ge QD superlattices may further improve 
the merit and may be used to fabricate novel thermoelectric devices for the follow- 
ing reasons. First, it has been determined that QDs can effectively confine pho- 
nons [50] or even strongly scatter phonons [51], resulting in a further reduction of a 
thermal conductivity. Meanwhile, QDs have a <5-like density of states due to quan- 
tum confinement of electrons, which in turn increases the thermoelectric power 
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factor and thus the figure of merit. Indeed, QDs may constitute a better class of the 
“phonon-blocking electron-transmitting” materials compared with alloys, QW 
superlattices, and wires. The thermoelectric devices may be fabricated for improved 
devices. 



9.5.3 Electronics Applications 

Moore’s law (http://www.itrs.net) demands a continuous increase in functional- 
ity per unit area and cost. The approach that we have been following is the scal- 
ing down of the physical feature size. As we approach the physical size limit 
due to either technology or the cost of fabrication, alternate means of increas- 
ing the functionality need to be pursued. One approach is to increase the functional- 
ity by integrating quantum devices. For example, tunnel diodes may be incorporated 
into CMOS to reduce the device account of the functional cluster; for exam- 
ple, we could reduce the number of transistors for a SRAM from 6 to 1 [52]. 
Ge QDs could also be used to fabricate improved tunneling diodes with a reduced 
valley current density because of the delta density of states [53]. For this purpose, the 
large valence band offset in the Si/Ge dots system may be taken advantage of. The 
indirect bandgap and the heavy masses of electrons do not make Si a good candidate 
for fabrication of resonant tunneling diodes. But, Ge dots embedded at the proper 
position within the p-n junction are expected to enhance the tunneling current con- 
siderably in Esaki (Zener) tunneling of electrons through the empty valence band of 
the Ge dots to the p-type region on the Si side. Many types of devices may be 
possible. 

Likewise, well-organized, in particular, 2D arranged Ge QDs can be used to 
realize novel nanoscale cellular automata, a class of device/circuit that may minimize 
interconnection problems in today’s GMOS circuits. 2D quantum cellular automata 
require a 2D array that is orderly arranged in space. Each cell of the array has a 
well-defined state representation, for example, ON/OFF for a nanodevice or simply 
the electron number in the cell. To achieve low-power consumption, high-speed 
operation, and high density, the size of the cells should be below lOOA according to 
the single electron model. The self -registered Ge QD growth has been shown previ- 
ously to produce a high-quality 2D array using a patterned substrate of a much 
larger feature size. These arranged Ge QDs may be used either directly as a quantum 
subsystem or as a micromask to integrate more complicated quantum structures into 
the cell, in which a simple set of rules in updating the state may be used for image 
processing. This method is not the only way, but it offers a promising path to fabri- 
cate 2D quantum cellular automata. 

9.5.4 Quantum Information Applications 

Finally, in this subsection, we discuss potential applications of Ge QDs in quantum 
computers. The basic engineering prerequisites for successful implementation of a 
quantum computation device are creation of the quantum memory unit (qubit) with 
a decoherence time that is significantly less than the computation cycle [54] and 
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unitary rotations of the qubits along with the ability to control interactions among 
the qubits [55]. 

There are several physical reasons why Ge QDs are very promising for applica- 
tion in quantum computing compared with other designs proposed recently in this 
intensively pursued research area [56-60]. First, some theoretical evidence [61, 62] 
suggests that certain Ge-rich SiGe alloys give the type I alignment of the conduction 
band with coherently strained Ge grown on top. Thus electrons can be effectively 
localized in the QDs to serve as qubits. The electron trapped in the dot may be 
restricted in its orbital motion to the low-angular momentum states that will drasti- 
cally suppress the spin-orbit interaction [63], thereby effective decoupling of the 
electron spin from the environment can be achieved. Second, because of the spatial 
confinement, the electron g-factor is a sensitive function of the electric field [64] and 
this effect allows efficient tuning of the electron spin in and out of resonance by a 
local electric field. Third, the chemical impurity concentration is a few orders lower 
than that in III-V compounds. Finally, most of the Si and Ge isotopes do not have a 
net nuclear magnetic moment, and isotopically pure Si can be obtained, allowing 
these materials to form paramagnetic centers creating a decoherence free environ- 
ment for the electron spin. In particular, the absence of the dipole-dipole interaction 
between the electron and nuclear spins results in a significant increase of the spin 
relaxation time in comparison with the III-V compound materials [65, 66]. These 
advantages suggest that Ge QDs will have a great deal of potential in quantum 
information processing applications. 



9.6 Conclusion 

We have reviewed issues of Ge island formation on Si. We discussed uniform Ge 
island formation on planar Si and ordered island formation on prepatterned mesa 
structures. We also discussed the effect of growth conditions such as growth tem- 
perature, deposition rate, deposition coverage, and substrate patterning on the for- 
mation of the islands. Techniques of registration and regimentation of Ge islands 
were examined. Theoretical analysis of fractal-like dot formation was presented. 
We have also discussed the potential applications of Ge islands in the fields of 
optoelectronics, thermoelectricity, electronics, and quantum computing. The prin- 
ciples apply to any other island system such as IT VI, III-V mismatched epitaxy via 
the Stranski-Krastanov growth mode. 
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Carbon Nanotube Engineering and 
Physics 



J. Xu, Brown University 



The field of carbon nanotubes has advanced quickly and broadly on many fronts 
during the past decade. Controlled fabrication of carbon nanotubes of uniform 
diameter, length, and spacing is now feasible. Real and perceived potential applica- 
tions in electronics, sensing, molecular biology, actuation, composite materials, and 
energy storage have been demonstrated. This chapter introduces some of these 
advances and some of the fundamental properties of the carbon nanotubes, dis- 
cusses the underlying physics of new effects and phenomena observed or antici- 
pated, and describes the controllable fabrication processes of new forms of 
nanotubes, as well as some interesting and relatively new and unconventional direc- 
tions of potential applications. 



10.1 Introduction 

Soon after the landmark report on the observation of carbon nanotubes by lijima in 
1991 [1], numerous findings and assessments about nanotube properties and poten- 
tial applications were put forward that established the carbon nanotube as an idea 
base material for future technologies in a broad range of applications. As a new 
material, carbon nanotubes are indeed remarkable by all accounts. They can be 
semiconducting with a bandgap ranging from approximately 20 meV to 2 eV, or be 
metallic, and capable of sustaining current densities that are hundreds of times 
greater than those of a bulk metal [2]. They come in lengths ranging from a few 
nanometers to a few hundred micrometers, with diameters of less than a nanometer 
up to a couple hundreds of nanometers. They can even take the form of a three-port 
transistor-like structure [3] and can be doped to modify their conductivity [4]. 

Mechanically, the nanotube is much stronger than steel, and may even be 
stronger than all man-made materials, but many times lighter. Thermally, it is more 
conductive than most crystals [5]. Upon charge injection it may change its dimen- 
sion so significantly that it is not proper to call this effect piezoelectricity — and, in 
fact, it is not. Chemically, it is inert everywhere along its length except at the ends or 
at the site of a bend, kink, or defect. Finally, it responds to light — not only by chang- 
ing its conductivity but also by changing shape [6]. 
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It is thus not surprising that, merely a decade after the 1991 landmark report on 
its observation, the carbon nanotube has generated such great interest and been sub- 
jected to a growing range of explorations of its utility that permeates into virtually 
every field of science and engineering, with a publication and patent filing rate at 
thousands per year in 2001 [7], 

The carbon nanotube is certainly a great development in the recent history of 
electronic materials and technologies. Is it a more important development than valu- 
able materials with proven applications like GaAs, GaN, or the organic semiconduc- 
tors that emerged not long ago and have already gained prominence in various fields 
of applications? It may be, if we factor in all of the other properties and potential 
capabilities offered by the nanotube. 

The fact that all of these properties reside in one simple form of carbon is indeed 
unusual and naturally begs for an explanation. There are many explanations, most 
of which are rooted in the fact that in this system the electronic and mechanical 
degrees of freedom are tightly coupled, as can be shown via a first-principles model 
[8]. It is this strong coupling that makes the nanotube system unique and enables a 
whole array of new effects and properties. Scores of reports on nanotube force and 
chemical and optical sensing and actuating are only a few of the marvelous early 
demonstrations of the potential applications of these new effects [9-13]. 

The strong electromechanical couplings in nanotubes can not only bring about 
innovations and improvement in traditional fields, but can also open up entirely new 
paradigms for information acquisition and execution. For example, one can envi- 
sion nanotube-based mechanical resonators, filters, and even amplifiers with per- 
formance superior to their electronic counterparts. 

However great the nanotube’s potential may be, it is not clear how reward- 
ing it would be to channel the development of nanotubes into the popular direc- 
tions of applications such as electronic transistors and memories. Moving in this 
direction means that nanotubes — and other molecular electronic devices, for that 
matter — are pursued primarily as alternatives to the silicon FETs and GMOS devices. 
Therefore, to make progress in this framework, one will have to figure out how to 
assemble the nanotube GMOS devices into a meaningful circuit. However cleverly 
designed, the circuitry will likely operate in the binary/serial scheme — in the absence 
of an alternative architecture, these assembled nanotube transistors will have to be 
made and function identically, and be individually and sequentially wired up. These 
are no small challenges, even for a small-scale integrated circuit demonstration. 

It is obviously advantageous to make nanotube devices and circuits structur- 
ally and functionally similar to GMOS devices, if a nanotube device is to func- 
tion in the same regime of binary serial signal processing. In this way, the vast 
and costly industrial infrastructure of the microelectronics technology and manufac- 
turing base can be leveraged, instead of being replaced by another base technol- 
ogy that does not yet exist. On the other hand, the extraordinary staying power of the 
incumbent silicon GMOS technology cannot be underestimated. Simply put, silicon 
electronics has kept on marching forward from one generation to the next, blasting 
through whatever limits and insurmountable barriers it has been expected to hit. With 
the exception of the ultimate economic limit — the expected diminishing return on 
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investment — no show stopper is in sight to prevent silicon CMOS from continuing its 
domination in conventional integrated electronics. This observation is not intended to 
dismiss any effort in exploring this landscape to map out potential breakthrough 
points for an emerging technology. For now, however, it is hard to see where such 
breakthroughs in this well-served space would occur. 

For these reasons, however interesting the technology issues and prospects per- 
tinent to nanotube applications in the CMOS-like setting, they will not be discussed 
further in this chapter. Such issues have been extensively covered in the literature, 
and will likely be thoroughly addressed and reviewed more in the near future and by 
some of the most competent authors in the field. Instead, our attention in this chap- 
ter is focused on areas outside the realm of traditional electronics. 

As soon as we step out of the confines of traditional electronics, we find ourselves 
surrounded by a vast field of new opportunities. On the road to future information 
technology, one can see the compelling needs for technological advances for acquiring 
information and executing actions on information, and the prospects of active inter- 
facing with the biomolecular world. The array of immediately accessible, new and 
inviting opportunities is vast. However, this chapter covers only a few examples and 
attempts to present the review from selected viewpoints in some detail and depth. 

For many of the applications, it is imperative for any new technology to have a 
high degree of control in fabrication and thereby in the properties of the products. 
This level of control is generally absent in the conventional processes of nanotube 
fabrication, based on arc discharging, laser ablation, or CVD. In these more conven- 
tional processes, the resultant nanotubes differ widely in their diameter and length, 
and therefore also in their physical properties. Additionally, they often come in the 
form of entangled bundles mixed with other particles and residual materials. Fortu- 
nately, a relatively new template-based fabrication approach demonstrated by our 
group in 1999 offers a promising solution to the problem [14]. Moreover, the 
approach, after further improvements, appears to be scalable for and adaptable to 
large-scale manufacturing. 

In this chapter, we begin with a discussion of controlled fabrication of uniform 
nanotubes in highly ordered arrays as a base technology. We include in this discus- 
sion the more recent advances in controlled fabrication such as engineered nano- 
tubes and nanotube-silicon heteroj unctions. We then turn to nanotube functions in 
three regimes: external couplings with biomolecular systems, intrinsic electrome- 
chanical couplings within a nanotube, and coupling with an external radiation field. 
We finish by describing possible future advances, including loading of metal clusters 
and doping. 



10.2 Controlled Fabrication of Uniform Nanotubes in a Highly 
Ordered Array 

The stochastic nature of the traditional arc discharge and laser ablation processes 
of nanotube fabrication is such that it is extremely difficult, if not impossi- 
ble, to achieve uniformity in or control over the diameter or length of the 
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resulting nanotubes. However, a template-based synthesis process has succeeded in 
overcoming some of the difficulties. This method makes use of a self-organized 
nanopore array formed from anodized alumina, as a growth template for nano- 
tubes [14]. This template-based approach has recently evolved into one capa- 
ble of fabricating Y-shaped nanotubes [15], and carbon nanotube-silicon 
heterojunctions. 

It has been known since the late 1960s that anodization of aluminum under 
certainly carefully controlled conditions will form nanopores that will self- 
organize into a highly ordered array, as documented in a number of pioneering stud- 
ies [16, 17] and as shown in Figure 10.1. 

By varying the anodization voltage, electrolyte, and temperature by forced seed- 
ing of the nucleation sites via prepatterning and by postanodization pore widening, 
one can vary the diameter and the spacing of the nanopores over certain ranges 
while still retaining good ordering and uniformity. One can also vary controllably 
the pore depth via the anodization time during the anodization process or via 
postanodization ionmilling or etching to shorten the pores after growth. 

Typically, we use a two-step anodization process to produce a highly ordered 
anodic alumina nanopore template. In the case of anodization by oxalic acid, an 
annealed and electropolished A1 sheet of high purity (99.999%) is first anodized at 
40V in a 0.3M oxalic acid at 10°C for 16 to 24 hours. After chemically removing the 
anodized aluminum oxide (AAO) film in a mixture of phosphoric acid and chromic 
acid, a second anodization is carried out under the same conditions for 3 to 5 hours. 
The anodized AAO template has a hexagonal structure with pore diameter of ~45 
nm, cell size of -100 nm, and channel length 10 to 20 ^m. 

Using such a highly ordered and uniform nanopore array as a growth template, 
highly ordered carbon nanotube arrays have been synthesized using the CVD 
process in which the nanopore surfaces serves both as a weak catalyst and growth 
guide. Good-quality nanotubes of the same diameter and length as that of the pores 
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Figure 10.1 AFM image of the topography of a self-organized nanopore array formed in 
anodization. 
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can be routinely grown in this template CVD process. A well-known example of 
these nanotube arrays is shown in Figure 10.2. The near perfectly aligned nanotube 
array extruding out of the alumina template was obtained after a surface cleaning 
by an ion milling (~1 kV and ~1 mA) or by RIE (with BCI3, 20 seem, Ar 5 seem, pres- 
sure 15 mTorr, and RF power lOOW) step, followed by wet etching in 6 wt% H3PO^ 
and 1.8 wt% Cr03 for about 10 hours. This example represented the best at the time 
of its publication in 1999 in terms of uniformity and ordering [14]. It is likely that it 
still represents the best ordered and uniform arrays available today. 

The nanotube synthesis process begins with electrochemical deposition of a 
small quantity of Co, Ni, or Fe to the bottom of the hexagonally ordered array of 
nanopores. Next, the catalyst was reduced by heating in a tube furnace at 600°C for 
4 hours under a CO flow (100 seem). This process was followed by pyrolysis of 
acetylene or methane in the presence of the catalyst particles. Typically, the furnace 
temperature is kept between 650°C and 850°C for acetylene and higher for meth- 
ane. The feed gas flow consists of 10% acetylene in nitrogen at the same 100-sccm 
flow rate for 0.5 to 2 hours. After synthesis, the nanotubes are annealed in nitrogen 
or argon for ~10 hours at the same temperature. A typical outcome of the process is 
carbon nanotube (CNT) array shown in Figure 10.2. 

The parallel, periodically spaced, and highly uniform nanotube array is charac- 
terized by a very small diameter distribution and an even smaller length distribu- 
tion. The mean diameter is determined by the pore diameter, which can 
be controllably varied from 20 to 100 nm while retaining a high degree of array 
ordering. The array is densely packed, and has a very high area density in the order 
of 10'“ cm ’. 

The CVD synthesized nanotubes are normally multiwalled, but could be made 
single walled with different catalysts and feed gases at higher temperatures. CVD 
synthesized multiwalled nanotubes grown are likely to be more defective than the 
single-wall nanotubes (SWNTs) grown in the arc discharge or laser ablation 
processes. 

For electronic device applications, a high level of defects could pose as much of 
a problem as the lack of control over the diameter, length, and chirality. For appli- 
cations beyond the realm of electronic devices, properties such as the extraordinary 




Figure 10.2 An example of the carbon nanotube array grown in an anodized nanopore template 
in a process described in the text and detailed in [14]. 
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mechanical strengths (e.g., Young’s modulus > 1 TPa, and bending strength > 10 
GP [18]) and high current carrying capacity measured in multiwalled nanotubes 
(MWNTs), structural uniformity, and array formation are often more important. 
Moreover, it is known that postgrowth annealing can improve MWNT quality [19], 
as illustrated in Figure 10.3 where the graphitic lines of a multiwalled nanotube sam- 
ple before annealing are compared with a sample annealed at a relatively moderate 
temperature of 1,400°C in Ar gas for 4 hours. Prior studies [19] have shown that 
annealing at higher temperatures (up to 1,800°C) would lead to more dramatic 
improvements in crystallinity. 

Nanopores having diameters that were controllably varied via pore widening 
and lengths that were controllably varied via REI can be made in this way. Starting 
with a small-diameter nanopore array formed in anodization, one can readily obtain 
nanotubes that have larger diameters. An example of a 35-nm-diameter nanotube 
array, still embedded in the template, is shown in Figure 10.4. Smaller and larger 
diameter nanotubes have been grown this way. 

For various applications, postgrowth processing may be desired to vary the 
extent of the nanotube extrusion from the template base or to trim the exposed 
nanotube length. Postgrowth trimming can be done with a high degree of precision 
in REI. 

For many applications, such as mechanical oscillators, force sensors, and the 
biomimicking adhesion surfaces to be discussed later, it is desirable to have highly 
uniform free-standing nanotubes extruding out of the hosting substrate by a certain 
length. In principle, exposure of the nanotubes out of the template by any length can 
be readily obtained by selective etching of the alumina template surface. In practice, 
doing so while keeping the nanotube from sticking together turns out to be rather 
difficult, because of the high elasticity of the nanotubes and because of the van der 
Waals forces between the long parallel and straight nanotube surfaces. The presence 
of charge or chemical residuals during the etching, and therefore the associated or 
induced surface forces may have contributed to the difficulty we experienced. 
Figure 10.5(a) shows an oblique view of an exposed nanotube array after 6 hours of 




Figure 10.3 An example of the improvement of the graphitic lines of a MWNT sample by anneal- 
ing at 1,400°C in Ar gas for 4 hours. Left: before annealing. Right: after annealing. 
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Figure 10.4 SEM view of a 35-nm-diameter nanotube array. 




Figure 10.5 SEM image showing nanotubes clumping together after wet-etching back the alu- 
mina template at (a) 6 hours and (b) 1 6 hours. 



etching in a 6 wt% HjPO^ and 1.8 wt% Cr 03 , and Figure 10.5(b) shows the same 
view after 16 hours at the same etching conditions. 

The specific length at which sticking and bundling start to occur varies widely 
with different etching processes and recipes. A clear and definitive understanding of 
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the underlying mechanisms is still lacking. However, our efforts to develop methods 
to counter this problem have met with limited success in which we obtained free- 
standing nanotubes of over 10:1 in aspect ratio without sticking. This was achieved 
by wetetching back the hosting alumina template in a solution containing disper- 
sants. Further development of the dispersants-assisted etch process is under way and 
detailed in [20]. 

Findings to date [20] show that to avoid the natural tendency of the nano- 
tubes to stick together and form haystack-like bundles, a postgrowth treat- 
ment process using a mixture of 6 wt% phosphoric acid and 1.8 wt% chromium 
oxide as the etchant, and 0.1 wt% gum arabic or 5 wt% polymethacrylic acid 
as the dispersant seems to be effective. This process has yielded for the first time 
well-aligned and spatially free-standing CNT arrays. The dispersants can be 
adsorbed on both the surface of carbon nanotubes and that of the alumina film, 
resulting in the elimination of aggregation of exposed carbon nanotubes, a more 
uniform dissolution of alumina, and a lower and thereby more controllable etching 
rate. 

To reach this conclusion, different types of dispersants, varying in charge, 
molecular weight, and concentration, are used. Polymethacrylic acid (PMAA, 
sodium salt), polyacrylic acid (PAA), gum arabic (GA), sodiumdodecyl sulfate 
(SDS), cetyltrimethylammonium chloride (CTAC), and poly(ethylene oxide) (PEO) 
were tested. The etching times were varied from 18 to 36 hours. It was found that 
long-exposure CNTs with more uniform etching and fewer residues can be obtained 
for etching solutions with GA or PMAA, whereas tangled GNTs or GNTs covered 
with residues on the surfaces resulted when using other dispersants. 

Figure 10.6 shows SEM images of the exposed GNT arrays etched in a mixture 
with 0.1 wt% GA and 5 wt% PMAA added at room temperature. The length of the 
exposed GNTs is more than 600 nm with an aspect ratio greater than 10, which 
would be satisfactory for many nanomechanical and nanomolecular applications. 
According to the experimental results, it was found that the AAO etching rate was 
much lower in the mixture with dispersant than without. We note that the SEM 
image of the cross-sectional view of the exposed nanotubes in Figure 10.6(b) is 
obtained on nanotubes coated with -10- to 15-nm-thick Au/Pt, helping to improve 
the image quality by discharging the nanotubes pumped by the electron beams. The 
Au coating of nanotubes is also of interest to biomolecular binding applications, as 
discussed later. 

In short, an effective and controllable method is now available for producing 
highly ordered, well-aligned GNT arrays. In addition, a postgrowth etching process 
has been introduced to yield free-standing nanotubes of lengths up to 500 to 800 nm 
over large areas. The GNTs are grown by pyrolysis of acetylene or methane into an 
alumina nanopore array template. Exposing the GNTs from the AAO template 
without sticking involves first cleaning the surface by dry-etching followed by dis- 
solving the alumina in a mixture of 6 wt% HjPO., and 1.8 wt% Gr 03 with an added 
dispersant of GA or PMAA. The extremely uniform arrays can be used in a variety of 
applications including nanomechanical oscillators, field emission displays, probes 
and detectors for biomedical use, and IR and acoustic imaging. 
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Figure 10.6 SEM oblique view of arrays of long (500-nm) nanotubes extruding out of the alu- 
mina template, which was etched back in (a) 5 wt% PMAA for 25 hours and (b) 0.1 wt% CA for 
25 hours, with a thin layer of sputtered Au/Pt on the side wall. 



10.3 Interfacing with Biomolecules and Cells 

Monitoring, understanding, and effecting control of the biomolecular activities and 
the inner workings of a living cell have been a long-sought-after goal of life sciences 
and medicine. However, the advances on this front have been limited, largely by the 
available tools and approaches. 

The development of a CNT-based molecular and cellular interface technology 
could open a new pathway and enable revolutionary advances, such as molecular- 
scale conversion of bioinformation in protein and cells into digital electronic signals 
and conversely electronic control and manipulation of cellular and protein func- 
tions. This may sound like an ambitious proposition and is most likely unprece- 
dented, but the experimental trials to date suggest that given sufficient efforts and 
resources there is a good chance of success. 

Indeed, we have successfully created nanoscale probes constructed from carbon 
nanotubes. Using such a nanotube probe, one could measure — and we have meas- 
ured — enzymatic activity through the direct conjugation of redox enzymes to 
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nanotubes. Furthermore, it appears entirely possible that one could introduce bio- 
molecules and chemical into a living cell via a CNT probe. 

Man-made biosensors, however advanced, are likely to remain inferior to bio- 
molecules in specificity, sensitivity, and efficiency. It is well established that biomo- 
lecular responses can be of single-molecule precision and specificity. And, their 
responses can be so efficient that they are often termed nondissipative, implying lit- 
tle or no energy loss in the process — a notion rather foreign to the world of conven- 
tional electronics. The sensitivity, specificity, and efficiency of biomolecular 
interactions are hardly surprising, given the long evolution of “engineering and opti- 
mization by Nature.” 

The development of such nanotube interface technologies will enable direct, 
real-time bioinfo acquisition by transducing biomolecular signals into electronic 
forms for subsequent information extraction or processing on a conventional elec- 
tronics platform. One example [21] is the reading of redox activities via a CNT 
array probe in the form of electrical current pulses. In this case, the glucose oxidase 
(GOx) is linked via coupling of its amine (RNHJ group to a COOH bond at the tip 
of a nanotube. The GOx-nanotube complex is placed in a flow cell where glucose 
droplets are injected into the flow and, on reaching the GOx, produces a current 
pulse in the nanotube probe that can be detected, amplified, and displayed by con- 
ventional electronic circuitry in real time. 

In experiments [21], the electron transfer rate in a molecularly linked 
GOx-nanotube assembly proved to be orders of magnitude greater than with GOx 
adsorbed onto a conventional carbon electrode or even on the surface of a GNT 
mat [22]. 

It is an interesting hypothesis to verify that electrical access to redox-active 
enzymes could be a means for modulation of their activity and, consequently, con- 
trol of the reaction. However, the redox centers of these enzymes are typically buried 
inside the protein with the surrounding shell acting as a protective barrier that 
impedes electron transfer. In addition, the surface interaction is such that many pro- 
teins denature on contact with a conventional electrode, effectively coating the elec- 
trode with a layer of polymer that reduces the transfer of carriers from the other, 
still-active enzyme. 

The vertically aligned carbon nanotubes offer important advantages in this con- 
text: They are chemically inert except at the ends, which can be activated with car- 
boxyl groups or further biofunctionalized [9-13]; they are mechanically stronger 
than most, if not all, other manufactured materials; they are able to conduct higher 
electric current density than metals; and they have the highest thermal conductivity 
of all materials. The very large aspect ratio and vertically aligned configuration of 
the nanotube greatly improves the contact surface area and the ease of access of the 
target molecules to the sensing proteins anchored atop the nanotubes. Due to the 
small diameter (2-100 nm) and thus large radius of curvature, nanoparticle surfaces 
are less likely to denature proteins, as observed in experiments [21]. Furthermore, 
the nano tip may penetrate into the protein structure and access the buried redox 
center. A few groups have tried to connect nanotubes to proteins, but have met diffi- 
culties arising from the extraction, processing, and assembling of the nanotubes. 
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which are normally in the form of entangled bundles and random meshes. These dif- 
ficulties are largely eliminated in the highly ordered, arrayed nanotubes discussed 
here. Real-time [21] and static [22] recordings of electronic current pulses resulting 
from the GOx redox action via the contacting nanotube electrodes have been 
demonstrated. 

Although these experimental findings may be specific to the GOx-nanotube 
complex, the implication of this direction of exploration is greater, because it may 
take us to the intersection of traditionally separated fields of science and engineer- 
ing. Biomolecular responses to stimuli are extraordinarily sensitive, specific, and 
efficient. When combined with electronic signal processing and control, they could 
open up a wide range of new opportunities of vast value to information and medical 
technologies. 

In Figure 10.7 a molecular linker is shown that plays the triple role of molecular 
recognition and thereby is self-assembling and acts as a mechanical link and electri- 
cal conduit. Natural molecular linkers, such as peptides, leucine zippers, and so on, 
do exist, but making them function in all three roles is not a simple task. Various 
attempts to engineer the desired functionalities into the molecular linkers are under 
development. The work on engineered DNA conductivity in which the imino pro- 
ton bond between the base pairs is replaced by a divalent ion (as seen in Figure 10.7) 
is a good example of some of the most recent and novel developments [23]. 

Developing a conductive molecular linker is only half of the task. Linking it to a 
nanotube often requires functionalizing the ends of the nanotube. Luckily, nano- 
tubes happen to be chemically active at the ends. For example, this was demon- 
strated in a reactivity study where it was shown that although amorphous carbon 
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Figure 10.7 Illustration of a protein-nanotube assembly and electrochemical responses corre- 
sponding to different binding strategies (black solid line — binding of a protein via the amine group 
of the protein to a carboxyl group at the nanotube tip; gray line — adsorption on the side wall). 
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can be attacked from any direction, carbon nanotubes can be oxidized only from the 
ends [24, 25]. Moreover, from our experiments and the work of Guiseppi-Elie et 
al. [22], it appears that carboxyl groups can be attached to the ends of the nanotubes 
relatively easily. 

With carboxyl groups at its exposed ends, a nanotube can be covalently bonded 
both to DNA and many other molecules, biological or otherwise. This capability is 
very appealing and can enable many other applications such as molecular sensing 
via chemical and molecular binding forces. Charles Lieber’s group demonstrated the 
first such experiment in which they coupled amines (RNH^) to the COOH group on 
the nanotube probe and used it to demonstrate pH-independent chemical force 
probing of a self-assembled monolayer surface. They also demonstrated nanotube 
binding via the COOH to biotin followed by streptavidin, opening the door to inter- 
esting medical and biological applications beyond sensing [9-13]. 

Based on this success, it is hard not to share their enthusiasm and to agree with 
their general assessment that such functionalized nanotube tips have much potential 
in probing specific intermolecular forces, which are signature properties of many 
chemical and biosystems, and in molecular imaging with single-molecule resolution. 



10.4 Intrinsic Quantum Electromechanical Couplings 

Our attention up to this point has been on external couplings of nanotubes, with 
couplings to molecular systems being a particular focus. Even more remarkable 
properties and applications of nanotubes are expected of the intrinsic and unusually 
strong coupling between the electronic and mechanical degrees of freedom within 
the nanotube. The effects of this coupling appear to hold great promises in opening 
up new opportunities for advancing the science and engineering of nanoelectrome- 
chanical (NEM) systems and actuators. 

Although ongoing research has yet to present answers to many open questions 
about the dynamic, mechanical responses of the nanotubes to electronic stimulation 
and vice versa, a reasonably good understanding of the static electromechanical 
interactions has already been established. Additionally, from first-principles consid- 
erations, we can already offer an intuitive explanation of why CNT electronic prop- 
erties, whether single walled and or multiwalled, are strongly dependent on their 
diameter and helicity. 

Carbon is interesting and unique in that it can form the mechanically soft and 
metallic graphite or the very hard and insulating diamond. In the former case, the 
carbon atom’s covalent bonds lie in the 2D plane, as so-called sp^ bonds, whereas in 
the latter its bonds extend into 3D space and are termed sp^ bonding. Carbon nano- 
tubes — as well as C^„ and other fullerenes — are in a third stable (or metastable) form 
of carbon lattice structure. Intuitively, a carbon nanotube can be viewed as a graph- 
ite sheet rolled up into a single-walled or multiwalled tube in which the originally 
planar sp^ bond vectors are bent along with the graphite plane, thus projecting a 
component into the third dimension and thereby blending in some of the character- 
istics and properties of the sp^ bonds. It is therefore not surprising to find that carbon 
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nanotubes exhibit mechanical and electronic properties in between graphite and 
diamond. The smaller the diameter, the more bent the sp^ bonds are, and the more 
like sp^ they become, leading to a wider bandgap. The dependence on helicity can be 
interpreted similarly, but this dependence is well defined only for single-walled 
nanotubes. For the NEM and actuation applications we are interested in here, mul- 
tiwalled nanotubes are the focus, because their diameters, lengths, and spatial 
arrangements can be controlled during fabrication. 

It has been shown through a more detailed and quantitative analysis that the 
bandgap of a nanotube depends inversely on the local radius of curvature (see 
Figure 10.8) — the diameter and helicity [26]. In the case of multiwalled nanotubes, 
the helicity of one wall is unlikely to be correlated with that of the next wall. As a 
result, the effect of the helicity is averaged over multiple walls, and the bandgap is 
found theoretically and experimentally to follow a simple linear relation with the 
inverse of the diameter. 

Underlying this remarkably simple appearance of the bandgap-diameter 
dependence is a not-so-simple quantum electromechanical coupling of the mechani- 
cal and electronic degrees of freedom. In general, one can write a Hamiltonian in 
three parts: an atomic energy part, an electronic energy part, and an electron- 
phonon interaction part. In most systems, the third part is a small perturbation. 
Thus, the first two parts are normally treated separately, and in fact by two mostly 
separated communities: solid mechanics and electronics, each to a high level of 
sophistication. However, in carbon nanotubes, the system minimizes its total energy 
by balancing its distributions between the electronic states and the mechanical 
strain energy, thanks to the strong coupling term in the Hamiltonian. As such, the 
system would therefore respond to a change in electronic state occupancy with a 
change of mechanical energy, and vice versa, giving rise to a potentially giant elec- 
tromechanical interaction. 




Figure 10.8 Theoretical (solid lines) and experimental bandgap dependence on the inverse of 
nanotube diameter, that is, 1/D. {After: [8].) 
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However sound this intuitive argument might be, its experimental and quantita- 
tive validation remained elusive until most recently when conditions become ready 
for a comprehensive approach, combining theory with direct experiments, to the 
problem. 

The discussion we present in this chapter is based on a first-principle model fol- 
lowing Feynman’s coupled-mode method. We leave the more quantitative and 
detailed density functional analysis and experimental findings to a more formal 
treatment [27]. 

This coupled-mode model pays little attention to the specific details of the 
atomic system, and instead focuses on the fundamentals of the coupling between 
adjacent atoms, in this case the coupling between bonding and antibonding orbitals 
of adjacent atoms, and the minimal energy eigenstates that correspond to the mixing 
of these orbitals. For the sake of simplicity and clarity, one can focus only on the 
orbitals of the yr-electrons, although clearly in a more detailed context the o-ele- 
ctrons of SWNTs may play a role, and some of the theoretical effects of Ji—o 
hybridizations have been commented on in the literature [28, 29]. 

Alternatively, the electromechanical couplings of a few specific nanotube struc- 
tures can be examined in greater detail via computational simulations, particularly 
those based on the density functional theory (DFT) of Hohenberg and Kohn [30]. 
However, these details tend to be model specific and sometimes code specific, and 
they agree qualitatively with one another in certain contexts, but differ in others. 
The reasons for this may either be physical or merely relics of computation, and the 
manifest sensitivity of ab initio computations to initial parameters. 

The first-principles coupled-mode approach is thus often more appealing 
because it complements the numerical models by providing insights into the princi- 
pal effects free of the model-specific and/or structure-specific complexities. Along 
with the first-principle approach complemented by DFT numerical modeling, a set 
of direct experimental measurements of the lattice responses to excess electron injec- 
tion or extraction has been performed by a team in our lab for experimental valida- 
tion and for further insights [27]. 

The first-principle approach to the quantum electromechanical couplings can be 
summarized as follows. One can start with the assumption that the Jt-orbital con- 
tributes principally to the electromechanical behavior, and that the orbital may be 
viewed as being split into distinctive bands with bonding and antibonding character- 
istics, respectively. These two coupled bands work to shift the ground state energy 
by some small amount, either positively or negatively, in response to a variation in 
the lattice parameters. In the coupled-mode model, one can determine how the 
ground state energy is varied by adding a small amount of excess charge dq to the 
system, either positively or negatively, depending on which of the Jt-bands accepts 
how much of the new charge. 

Conceptually, the injection of charge alters the energy of the electronic subsys- 
tem. But, because of the strong coupling between the electronic degree of freedom 
and the mechanical (atomic) degree of freedom, the excess electronic energy could 
be partially coupled to and taken up by the atomic subsystem in the forms of bond 
extension or contraction. 
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The issue of solving the standard Hamiltonian eigenvalue problem for SWNTs 
has been treated extensively in many instances. For ease of comparison, we adopt 
the fairly conventional notations in the literature, in particular for the assumed form 
of the eigenspectrum of the closed shell energy, as laid out, for example, in [28, 29]. 
We assume in particular that the effects of the coupling of the bonding and anti- 
bonding states of the Jt-electron valence and conduction bands, respectively, vary 
the ground state such that 



£"■- =E„±a(k)/(k) (10.1) 

where a(k) is a perturbing coupling parameter and f(k) is a relatively slowly varying 
function of k. The term £„ represents the ground state energy of the closed shell elec- 
tron in the 2p orbital, whose eigenspectrum can be determined in ways explained 
in [31], from a modified, curved surface Hamiltonian such as 

=(27n//T)a(m + <&) (10.2) 

where T = + n^a^is the wrapping vector for an {n^, n^) tube, and a is a Pauli spin 

matrix. The corresponding spectrum of eigenvalues represents that of the free elec- 
tron of the closed Ip shell in the SWNT, which can then be split into two distinct 
states, with bonding and antibonding characteristics, by the bonding and antibond- 
ing levels of the Ji bands represented by the factors a(k)/(k) in (10.1). The quantity 
V oc a(k) in (10.2) is proportional to the hopping integral [32, 33]. 

The coupling function a(k) can be taken in the tight-binding, nearest-neighbor 
approximation to have either a linear or quadratic dependence on deformation 
(depending on whether the tube is metallic or semiconducting, respectively.) 

The linear assumption was incorporated in different ways in the literature. We 
take a more first-principled approach and permit the context of the problem to 
determine the function a(k). The expression for the energy splitting between the 
coupled mode states can be written as 

=a(k){^±/'(k)} (10.3) 

with p = {(IjtITf {m + <I>)Y^^ This way, a(k) can then determined by imposing 
on (10.3) the condition that the ground state energies, with both bonding and 
antibonding characters, be at or near an equilibrium state for the system, that is, 
OEWOk = 0. The function /(k) that is convenient for the tubular system has the 
form [34] /^(k) +2 cos{k^al2), which contains within it the condi- 

tion of continuity in the axial direction but quantization in the circumferential 
direction, and can be further reduced to a simpler form because we are interested in 
the changes of k^: 



KK ) =2. cos{k^ fl/2) 



(10.4) 
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where a is the bond length. We can easily solve for a{k^), where the coupling parame- 
ter has also been modified to depend functionally only on k^. For small variations, 
one need only to keep first-order terms in k^: 

a{ky^ = Ke.x^{^±i){\- (10.5) 

One can find howal^^,) varies with the addition of a small amount of charge dq 
by looking at da(ky)ldq. To determine this quantity, we note that also depends on 
the total charge of the system, generally following a power law, ~ q\ 

We obtain the variation in the coupling as follows: 

d(^ky ^ / dq =K exp{ju ±2)(l — ^yq^~^ (10.6) 

If we now reconsider (10.3) with the new, charge-varied coupling, and a new 
function f(ky^^J, which has the same form as the previous one but with a new lattice 
term determined by the charge addition, then 

£„ew =dcc(ky ±/(^y„ew)] (10.7) 

We can determine by assuming that (10.7) is again at or near equilibrium 
and taking OE^Jdky^^^. If once again we only retain terms to linear order in 
and proceeding as we did earlier, we find that 

^7„ew ~ y^oid"^ (<?oid +dqf exp(^±2) (10.8) 

allowing us to write out the fractional variation as 

dkylky ~K)K =7‘?Iid^('?oid +dq)^~'' exp(^±2)-l (10.9) 

by defining dq as some fraction of q^^^, specifying a particular y and recalling that 
fj.~{{2jinf (m + which contains some information about the wrapping vector 
of a given tube, in the T term as well as the “phase” term <I>. 

A few representative results for various values of y are shown in Figures 10.8 
and 10.9. Specifically, the cases of 0 < y < 1 and 1 < y < 2 are looked at, which are 
indicative of the qualitative behavior of the lattice in those scaling regions. As can be 
seen in Figure 10.9, for 1 < y < 2 and 0 < y < 1, respectively, the lattice generally 
expands as positive or negative charge is added. But, there is a slight contraction 
between dqlq = 0 and 0.01. 

These theoretical findings can be compared with that obtained from Raman 
spectroscopy. It is has been well established that Raman modes in CNTs are radial 
breathing modes (RBMs), which occur between 100 and 300 cm ', the G-band (tan- 
gential) at -1,600 cm ', the D-band (disorder-induced) at 1,300 to 1,400 cm ', and 
the G'-band (D"‘-band) at 2,600 to 2,800 cm ' [2]. Other peaks in the spectrum are 
from the anti-Stokes process or harmonics. 
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Figure 10.9 First-principle coupled-mode model of lattice expansion and contraction as function of excess 
charge injection and extraction. 





In a defect-free graphite sheet the Raman spectra contain all of these peaks 
except the D-band, which originates from double resonant Raman scattering from a 
defect in the case of graphite. In this process the excited electron will go through a 
double scattering from a phonon and a defect. Carbon nanotubes can be viewed as a 
graphite sheet rolled up into a tubular structure, which effectively increases the 
number of sp^ bonds and thereby the intensity of the D-band. The origin of the 
G'-band is double scattering, like the D-band but this time both scatterings are from 
phonons, so we have this peak regardless of any defect in the system. 

Figure 10.10 illustrates the modes of atom movements for zigzag and armchair 
tubes. From all possible oscillation related to different symmetry groups in SWNTs. 
Only £j^, and modes are Raman active where, in the A modes, atoms in the 
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Figure 10.10 Lattice oscillation modes. Zigzag tubes — G-band modes: A,^(L) , f,g(A), and £2g(L); 
D-band modes: A^g(L) , E^g(A) , f,g(L), fj/A), and £2g(L)- Armchair tubes — G-band modes: A,g(A), 
E^g(l), and E^giA)', D-band modes: A^g(A), f,g(A), £,^(1), E^giA), and E^gil). 
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same circle around the circumference of the nanotube oscillate all in phase, and in 
modes there are 2n nodes in the wave. The notations A and L in parentheses are 
related to oscillations parallel and perpendicular to the tube axis, respectively. Also 
all out-of-plane vibrations fall in the low-frequency portion of the spectrum, 
whereas the G- and D-band modes are all in-plane vibrations. If there is any change 
in resonant frequency due to a C-C bond change, it will show up in their corre- 
sponding spectra visibly. 

In addition to the fact that the G-band has a sharper peak and is therefore easier 
to detect shifts in than the D-band, there are several reasons for us to consider the 
G-band peak for the purpose of detecting the bond length changes. The D-band is 
sensitive to the diameter distribution of and to the stacking and bundling coupling 
between the tubes in the sample (such as those used in our experiments), whereas the 
G-band is much less sensitive, especially for large-diameter tubes (such as those in 
the experiment reported here: ~50 nm) [35]. Also due to the double resonance origin 
of the D-band, its spectral position will shift with respect to the excitation energy 
while the G-band positions remain unchanged with respect to the energy change. 

To relate the G-band Raman peak shift to the C-C bond length changes, we can 
consider a flat graphite sheet. For any ith atom vibration in the system, we can write 

M,S, =^K"(u, -u,) (10.10) 

where K'' is the 3x3 force matrix and the sum over / is over all the neighboring 
atoms. It can be shown that 

( 10 . 11 ) 

where r. is the distance between the ith and /th atoms. From this we can see that any 
change in the C-C bond length will shift the in-plane Raman mode frequencies line- 
arly, that is, A(o~Aa. 

In the Raman experiment, uniform GNTs, extracted from the nanotube arrays 
shown in, for example. Figures 10.2, 10.4, and 10.5 by dissolving away the alumina 
template, were dispersed on a Si-Si02 wafer. By applying different voltages across 
the sample we can controllably vary the static charges on the GNTs. Figure 10.11 
shows the measured shift of the G-band peak with applied voltage (charge) of both 
polarities. A monotonic increase of the bond length with positive and negative 
charges on GNTs is clearly seen, as anticipated from the first-principle model and 
the DFT simulations. 

Given the superior mechanical properties, combined with the electromechanical 
couplings, one can envision a number of mechanical applications that make innova- 
tive use of the exceptional properties. In the passive mode of mechanical applica- 
tions, surfaces that have exceptional adhesion and friction properties can be made of 
nanotube arrays, mimicking biologically inspired strategies, such as those found in 
lizard feet [36]. The nanotubes with diameters between 20 and 200 nm are ideally 
suited to mimic the nanohairs found in lizard feet. And, through the dry van der 
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Figure 10.11 Raman G-band peak shift (bond length change) versus charging voltage (charge 
density). 



Waals force, they can be reversibly attached to any surface and achieve sufficiently 
high adhesion and friction to support exceedingly large weight per unit area under 
harsh conditions. 

The carbon nanotube-alumina matrix can be viewed and used as a reinforced 
ceramic composite [37]. Nanoindentation introduced controlled cracks and the 
damage has been examined by SEM. These composites are found to exhibit the 
three hallmarks of toughening in fiber composites: crack deflection at the 
CNT/matrix interface, crack bridging by CNTs, and CNT pullout on the fracture 
surfaces. These nanocomposites have potential for toughening and damage toler- 
ance at submicron scales and hence are excellent candidates for wear-resistant 
coatings. 

In the active mode, a strong electromechanical interaction has manifested itself 
beautifully in a clever experiment by Baughman et al. [38] in which two sheets of 
nanotube bundles were laminated into a double-layer film with a double-sized 
Scotch tape in between. Such a double-layer set in a cantilever configuration was 
then shown to bend to opposite directions in aqueous NdCl upon applying alternat- 
ing bias voltage. The applied voltage was in the range of a few volts, whereas the 
operating voltage in a ferroelectric or piezoelectric actuator would be orders of 
magnitude higher for a similar level of displacement. 

Light-activated mechanical deflection of nanotubes has been observed by liji- 
ma’s group under illumination of ordinary microscope light, and in the form of 
bundles [6]. 

In the high-frequency mode of operation, one can envision various forms of 
nanotube electromechanical oscillations. Oscillations of individual nanotubes have 
indeed been observed, for example, by de Heer’s group [39] and in our own experi- 
ments. Even in normal SEM imaging processes, oscillations of nanotubes were often 
observed when the nanotubes are still embedded in the insulating alumina template. 
Such oscillations are likely a result of the charging of the nanotubes by the scanning 
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electron beams, providing yet another experimental support to the hypothesis of 
strong electromechanical couplings discussed earlier. 

Naturally, these experimental observations of nanotube oscillations and the 
underlying physical mechanisms have inspired explorations of nanotube-based 
mechanical sensors and oscillators. One example of such explorations is the concept 
of a nanotube stereo-cilia device functioning as a “nano-ear.” It is designed for sens- 
ing molecular motions via the acoustic waves induced by the molecular activities 
much in the same way as the stereo-cilia hair cells in human ears do. This idea has 
been followed by ongoing research and implementation efforts through a collabora- 
tion between Noca, Hunt, and Hoenk et al. (NASA JPL) and our group, and the sub- 
ject was covered in some detail in a feature article by Daviss [40]. 

Rather than providing a parallel review of the basics of the same idea here, here 
the view is broadened to include efforts in an emerging field of much greater impor- 
tance and scope. This field could be called nanoelectromechanical resonators and 
devices. 

Generally speaking, anything that can be done in RF signal processing 
using electromagnetic waves can be done using acoustic waves, be it amplifica- 
tion, filtering, or modulation. But, why bother to use mechanical resonators and 
devices, especially when we have no shortage of electronic resonators and devices? 
One reason is that, in some cases, mechanical devices are intrinsically superior. A 
representative example is resonators. Mechanical resonators may have a Q-factor 
on the order of 10'' or even higher because of the high-energy storage capacity, the 
low internal loss, and the low parasitic coupling to the surroundings. Empirically, 
one can easily tell this high value of Q from the ringing of bells and the superb sound 
of musical instruments. In contrast, the Q-factor of an electronic resonator, inevita- 
bly suffering from the R in the RFC circuitry, is usually lower by orders of 
magnitude. 

Why, then, do we not see an acoustic computer on our desktop? The obvious 
answer is that it is hard to make acoustic devices that are as small as their electronic 
counterparts. Even if we could somehow manage to fabricate ultrasmall acoustic 
devices using modern lithographic techniques, we could hardly avoid incurring 
additional loss due to dangling bonds at the etched surfaces. This surface loss can be 
substantial in nanoscale structures because the surface-to-volume ratio scales up 
very rapidly with 1/r and is also very susceptible to the ambient conditions. Nano- 
tubes, on the other hand, are naturally small and strong, and have few surface prob- 
lems because of their nonreactivity. 

Another fair question may be asked about the speed of operation. Here again, 
the picture may be prettier than we thought. The nanotube resonating frequency, f, 
is proportional to the product of D/L^ and square root of £/p where £ is the elastic 
modulus and p is the mass density, as explained by Poncharal et al. [39] in their 
paper on nanotube oscillation experiments. The nanotube’s Young’s modulus is 
known to be very high [41], as high as 1.8 TPa [18]. Without pushing for attaining 
any extraordinary structural parameters, one can comfortably obtain an oscillation 
frequency in the range of gigahertz with a typically sized nanotube, say, a multiple- 
walled nanotube of 30 nm in diameter and 500 nm in length. Experimentally, a high 
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Q-factor of more than 1,000 at an oscillating frequency of more than 2 GHz has 
been reported [42], 

10.5 Extrinsic Coupling to Radiation Fields 

In addition to the intrinsic electromechanical couplings examined earlier, extrinsic 
couplings to radiation fields could be and have been explored, for example, along 
two prominent directions: photodetection and emission. 

Consider IR photodetection as a first example. Both theory and experiments 
have shown that nanotubes can be semiconducting with a bandgap that is inversely 
proportional to the tube diameter and thereby have an IR response over a very 
broad wavelength range from 1 to 15 ^m (e.g., [9-13]). While an actual demonstra- 
tion of nanotube IR detection is important and is the objective of some intensive 
ongoing efforts by our group and others, it is perhaps even more important at this 
early stage to gain a better understanding of the basic advantages and differentiating 
features of nanotubes for IR detection. 

There are two possible modes of IR sensing — cooled band-to-band photocur- 
rent sensing and uncooled thermal-electric sensing. In both cases, the highly ordered 
nanotube array technology offers intrinsic normal-incidence detection, large and 
scalable reception surface area, low thermal noise, and high resistance to defect- 
induced failure. In addition, it is conformal with curved surfaces. 

The normal-incidence detection is permitted as a result of the tubular structure 
and vertical orientation in the ordered array, both of which break the in-plane trans- 
lation symmetry. Nanotube array fabrication relies on the use of anodized alumi- 
num film, which is naturally both scalable and conformal. Thermal noise is spatially 
random and can therefore be suppressed by spatially averaging it over highly 
ordered arrays of uniform nanotubes. The natural tube-to-tube isolation in the 
array and the small size of each nanotube minimizes the chance of defect-induced 
material failure that is often seen in conventional narrow-bandgap semiconductors. 
Although the peak wavelength responses of semiconductor QW and QD materials 
can be tuned over a broad range, it appears that the nanotube’s wavelength response 
range is much broader [9-13]. In the case of SWNTs, the spectral responses are 
dependent on both diameter and chirality; in the case of multiwalled nanotubes, the 
spectral range can be tuned by adjusting a single structural diameter — the diameter. 
Likewise, the absorption efficiency can be easily tuned by adjusting the nanotube 
length. To cover the same spectral range using the existing technology platform, 
four or more different materials, and therefore different growth and processing 
technologies, would be required. In QW- or QD-based detection, stacking of multi- 
ple active layers is used to increase the absorption efficiency, but this strategy is lim- 
ited by strain relaxation and defect formation. To achieve the same result using our 
arrayed nanotube platform, one can simply increase the nanotube length. 

In the uncooled thermal-electric detection mode, the high thermal conductivity 
of nanotubes and the subwavelength spacing of parallel and highly absorptive nano- 
tubes are also beneficial in that the former maximizes the temperature gradient at 
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the junction, while the latter gives rise to so-called antireflection due to photon trap- 
ping in the deep nanoscale cavity array. Experimentally, both FIR and visible light 
photoresponses have been observed in nanotube bundles, as well as in multiwalled 
nanotube arrays in uncooled and cooled configurations most recently [9-13, 43]. 

Although carbon nanotubes, like most semiconductors, do emit in the fluores- 
cence mode, they are not known to be good optical emitters on their own [9-13]. 
The large aspect ratio and small radius of curvature of nanotubes, however, suggest 
that nanotubes can be good electron field emitters — for a given threshold field, the 
threshold voltage of field emission can be much smaller than that of planar carbon 
electrodes. The high thermal conductivity of these structures is also a major benefit 
for achieving a large-scale display panel. Indeed, a fully vacuum-sealed nanotube 
field emission display panel, measuring 5 inches along the diagonal, has been dem- 
onstrated recently. Its onset gate voltage for emission was as low as 60V, while its 
luminance was as high as 510 cd/m^ [44]. 

An extension of the concept of coupling to radiation is the X-ray radiation gen- 
erated by high-flux electrons emitted from a nanotube field emission cathode. A 
28-mA current of energetic electrons from nanotube emitters hitting the Cu target 
produced sufficient X-ray intensity to permit the clear imaging of a human 
hand [45]. Yet another extension, being pursued by a group at NASA JPL and our- 
selves, is the electromagnetic wave radiation from the emitted electron beam in a 
klystron cavity [46]. 



10.6 Heterojunction Nanotubes 

Up to this point, the nanotubes we have referred to are the native kind, or naturally 
occurring kind, as discovered by lijima [1]. (To be more accurate, they are same as 
the ones rediscovered by lijima; several groups apparently had found and reported 
on such nanotubes decades earlier, and one group’s findings were published in the 
open literature in 1978-1979 [47, 48].) These are straight tubes of nanometer 
diameter, made of pure carbon in graphitic multiwalled or single-walled forms. Even 
with their simple structure, such native nanotubes have already been shown to 
enable many potential applications in many different ways. It is expected that with 
time they will only show more and better prospects. 

Can there be other forms of nanotubes? What would we be able to do with dif- 
ferent forms of nanotubes. How can they be made? 

There can indeed be other forms of carbon nanotubes: structured nanotubes or 
engineered nanotubes. One can envision several of such forms — Y-shaped, 
T-shaped, tubes with variable diameter along their length, and nanotubes that are 
chemically or metallurgically modified. Many of these have already been demon- 
strated. Some were made as intended or as designed, while others were obtained by 
accident or were found while making other nanotubes, much like the discovery of 
the nanotube itself, which arose from fullerene growth [1]. 

Among the various forms of nanotubes the controllably engineered kind is obvi- 
ously more attractive. One representative type is highlighted here as an example of 
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ongoing advances in two primary directions of evolution of the nanotubes into the 
next-generation-engineered nanotubes: Y-junction nanotubes. 

Y-junction nanotubes, demonstrated in 1999 [3, 15], can be viewed as a larger 
tube branched into two structurally connected smaller nanotubes. They were first 
synthesized in a CVD process, using a nanopore alumina matrix as the growth tem- 
plate. In this pore-guided synthesis process, a Y-branched nanopore template is first 
formed using a three-step anodization process. The first two steps are the same as 
that used for forming the straight nanopores in anodized alumina [14]. At the third 
step, the anodization voltage is reduced from that of the first two steps to half or 
about half. As a result, the straight large nanopore bifurcates into two smaller pores. 
This is then followed by the normal nanotube growth procedure for the straight 
nanotubes. The formation mechanism of the Y-shaped pores and the Y-junction 
nanotube growth mechanism within them are subjects of significant interest, but 
not yet well understood. Time and further effort will help us map out the range of 
possible variations of the basic Y-tube structure and limitations. 

However, early-stage results are already encouraging, as illustrated by the SEM 
image shown in Figure 10.12. Furthermore, their measured and modeled properties 
are intriguing and inviting. For example, we found that the Y-junction nanotube in 
the two-terminal contact configuration functions like a rectifying diode at room 
temperature. Given the inverse dependence of bandgap on diameter discussed ear- 
lier, this is not all that surprising — the smaller tubes have a larger bandgap and the 
larger tube has a smaller bandgap. Consequently, as a whole, the Y-structured tube 
is a heteroj unction diode. 

Given these features, one can readily envision a number of possible applications 
in both the non-CMOS and the CMOS-like regimes. For instance, it is possible that 
we could obtain a transistor function from the three-terminal contact configuration, 
although making reliable contacts with the three ports of the Y-junction nanotube 
individually has proven to be very challenging. At the engineering level, this should 
be viewed as just the beginning of nanotube structural engineering. Material quality 
at present is still much poorer than that of straight nanotubes, although the rectify- 
ing effects expected of a heteroj unction are readily attainable over a large tempera- 
ture range from 10 to 300K in more than half of the hundreds of samples we 




Figure 10.12 SEM image of a Y-junction nanotube, first reported in [3]. Smaller and larger 
diameter variations have since been made as well in our lab. 
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fabricated and measured. And, we found that annealing at 1,400°C in Ar has the 
same positive effects on the crystallinity in the straight portions of the Y-tube as 
shown earlier in Figure 10.3. But the crux region of the Y remains substantially more 
disordered, and seems to require higher temperature annealing. 

At a more fundamental level, a number of interesting quantum transport 
issues have arisen. The Y structure lacks both the inversion symmetry and the 
axial symmetry of the straight nanotube. This means a change of the condi- 
tions defining the quasi-lD plasmons, a large change in the axial phonon 
modes, and a redistribution of the density of phonon states, with much less effect 
on the tangential modes. One can anticipate some of this easily with the breathing 
and twist modes. The axial modes are lower in energy than the stiffer tangential 
modes and are therefore much more effective in influencing the conductance arising 
from the transport of electrons at the Fermi surface. There are likely many more 
low-energy modes in the Y because of the addition of the “tuning fork” modes. 
Therefore, one can expect a lower phonon-scattering limited mobility. Given the 
likely larger impurity and defect concentrations, and therefore a lower impurity 
scattering limited mobility, it is possible that the two, with opposite temperature 
dependences, together bring the total mobility down and give the mobility an overall 
less peaked T dependence. The peak mobility could be further suppressed by the 
geometric scattering time in the Y-region. All of these possibilities are necessarily 
speculative at this early stage, and need to be validated by experiments and detailed 
theory. 

The reliable fabrication and functionality of the Y-junction CNT arrays are 
application enabling, and the high-density 3D packing is particular inviting. Large- 
area, highly uniform active elements with redundancy built in and high packing den- 
sity can be used to achieve desired device and circuit functions. For example, a logic 
device architecture based on Y-junction CNT arrays can be envisaged. By utilizing 
the rectifying behavior of individual Y-junctions, logic functions can be performed 
with proper wiring and several logic gates can then be connected in a single high- 
density matrix. 

Although diode logic is not optimal compared to transistor-transistor logic 
designs, this represents but a first step in using the Y-junction diode matrix platform 
to create ultradense circuitry. Indeed, the necessary processing required to pattern 
fine wires onto such an array module has already begun to be developed along with 
methods to create densely packed FETs out of CNTs embedded in the alumina 
matrix. 

In addition, the compatibility of the template-based nanotube array fabrication 
process with planar integration methodologies allows one to envision integration 
nanotube devices directly on a silicon wafer. This approach may offer a path toward 
effectively combining nanotube technologies with current semiconductor integrated 
circuit technology (Figure 10.13). The great versatility of CNTs would be a tremen- 
dous asset in this respect because their superior mechanical, electrical, magnetic, and 
so on properties could be employed in a heterogeneous fashion onto a monolithic 
chip design. Progress has been made on this front that has resulted in a highly uni- 
form carbon nanotube-silicon heteroj unction diode array. Moreover, an extremely 
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Figure 10.13 Logic AND and OR gate arrays formed by selectively connecting two or more 
Y-junctions in parallel. (After: [49].) 



high ON/OFF ratio, as high as 10*^, is measured in this new type of heterojunction 
diode. 

Again, the use of a highly ordered nanopore array template for the growth of 
the nanotubes was the enabling element. The fabrication process starts with the for- 
mation of the nanopore array alumina film on silicon by anodizing electron beam 
evaporated A1 on doped silicon. A thin, typically ~5-nm Ti layer is used both to 
ensure good adhesion of the A1 film during anodization and to enable the nanopores 
during the anodization to perforate through the alumina film. On completion of the 
anodization step, an array of uniform and hexagonally spaced nanopores in alu- 
mina is formed directly on the silicon surface, each of which is normal to the plane, 
of the same depth and diameter. The nanopore array serves as a template for nano- 
tube growth. The growth process follows essentially the same steps in our earlier 
work on growing nanotube arrays on a free-standing A1 plate, as detailed earlier. A 
typical array of carbon nanotubes grown this way directly on silicon is shown in 
Figure 10.14. 

The electronic properties of the hetero junction between the carbon nanotube 
and the silicon were examined in details. To this end, a gold electrode film was 
evaporated on the top surface of the nanotube array at a 45° angle to avoid shorting 
through the nanotubes. 

The p-type Si(lOO) wafer with a 0.01 £1 • cm resistivity and thickness of 500 jum 
served as the bottom contact in the measurements. The measurements were per- 
formed in vacuum and in a cold finger closed cycle cryostat using source measure 
unit. 

The measured I-V dependences at all temperatures exhibit well-pronounced 
rectifying behavior (Figure 10.14, bottom) with the forward direction at negatively 
biased CNT electrode achieving an ON/OFF ratio as high as 10^ at 17K and 4V. The 
rectifying behavior and its polarity are in accordance with the data observed at the 
hetero junction of carbon nanotubes and silicon nanowires [50]. An estimation of 
the forward current at 4V shows the current trough of an individual CNT to be on 
the order of 10 "A. This value is lower than that in the previous experiments on sin- 
gle nanotubes, showing that there is further potential for improvement of our 
devices. 
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Figure 10.14 Top: SEM image of uniform nanotube array grown in an AAO template on Si. 
Bottom: Dark current-voltage characteristics of a CNT/Si array structure at 1 7K. 



The realization of a CNT/Si heteroj unction array is promising for reasons other 
than its candidacy for building logic structures. The 2D periodic lattice of the nano- 
tubes and high refractive index difference relative to the alumina matrix can be used 
as photon bandgap material. The junction behavior in the orthogonal direction 
implies significant potential for application as an electro-optical modulator. 



1 0.7 Prospects for Future Advances 

Doping nanotubes is of great interest as well. Doping is what makes the conductivity 
of semiconductors controllably variable over many orders of magnitude. This ability 
is, in my view, what makes semiconductors so useful and unique. Through doping, 
we can change the semiconductor conductivity type from w to p as well. Conductiv- 
ity change via doping has also been shown to be possible in carbon nanotubes. While 
pristine uncontaminated — and therefore undoped — nanotubes appear to be natu- 
rally p-type [51], methods to dope nanotubes into both types of carriers have been 
demonstrated, with «-type doping being somewhat more difficult [52-55]. 
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Controlled doping is, of course, critically important for the task of creating 
CMOS-like nanotube FET cells. To stay within the scope of this chapter, the pros- 
pects of doping are viewed here from the point of its enabling potential for non- 
CMOS device and system explorations. Superconductivity might be one extreme 
example of many effects that could be enabled by doping. It has been suggested that 
superconductivity may exist in nanotubes and may arise from coupling between 
nanotubes bundled together in a rope. This intertube coupling would not be strong 
since the spacing is usually larger than the normal lattice constants, and the non- 
bonding coupling is much weaker than that of lattice bonding. However, strong 
coupling could exist between carbon atoms and impurity atoms such as catalyst 
particles, which can be as close to a carbon atom as the lattice constant of a 2D gra- 
phene sheet (-0.245 nm), and which can be naturally brought into existence by the 
usual catalytic deposition process; as such they can be difficult to remove [56]. The 
strong coupling between carbon atoms and transition metal atoms extends the 
dimensionality from ID to quasi-2D or 3D. What is not so apparent but most 
intriguing is the possibility that these couplings can transform a semiconducting 
nanotube into superconducting [57]. This suggestion is supported by the findings 
from tight-binding modeling of the density of states and phonon-electron interac- 
tions. A strongly enhanced density of states at the Fermi surface by the carbon- 
transition metal coupling is theorized to enable a Cooper-pairing transition. An 
optimal doping level for this purpose is estimated to be around 3% to 5%. While 
superconductivity in the 10 to 5 OK range by itself may not be a new development, its 
presence in a wire-like nanometer-scale structure would be. 

The very large surface-to-volume ratio and the easy access to the interior and 
exterior wall surfaces of the highly aligned arrays of uniform hollow carbon nano- 
tubes with open ends make them suitable for hydrogen and Li ion storage [58, 59] 
and fuel cell electrodes [60, 61]. 

In the case of fuel cell electrodes, the very large electrochemical surface on both 
the exterior and interior walls of the carbon nanotube could be used to support 
catalyst, most of which is Pt based, for efficient conversion of fuel to electric current 
with fast oxidation kinetics. Pt electrode as a standard catalyst for oxidation of 
small organic molecules is active in the dehydrogenation step but suffers seriously 
from the so-called self-poisoning of the surface by reaction intermediates such as 
CO. As a consequence, oxidation on Pt in a normal flat electrode is possible only at 
potentials where adsorbed CO and other poisoning intermediates are effectively 
oxidized, resulting in an overpotential and loss in efficiency [62] . It has also been 
hypothesized that for a given current the greatly increased surface area would help 
reduce the self-poisoning effect. More definitive experiments validating this 
hypothesis are needed. However, loading of metal particles and clusters into the 
nanotubes has been proven beyond doubt [63]. The process of loading normally 
begins with immersion of the nanotube array in the appropriate acids such as 
H^PtClglaq) or per oxo -tungstic acid for 12 to 48 hours, followed by drying in the air 
and reduction at 650 to 850K for 3 to 5 hours in H^ gas. To dissolve away the alu- 
mina membrane, one can immerse the alumina membrane with the metal loaded 
nanotube array in 48% HF for 24 hours. 
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from depositing GaN monolayers, 294 
embedded in AIN matrix, 330 
emission spectra, 332 
excitations, binding energy, 333 
growth of, 301 
linear alignment, 296 
micro-Raman spectra, 334 
optical properties, 323-37 
perfectly coherent, 316 
photoluminescence spectra, 331 
PL decay time, 334 
PL spectra, 324 

PL spectra, temporal evolution, 329 
preferential alignment, 299 
schematic, 306 
self-arranged, 300 

self-assembled, optical properties, 329 
self-organized growth, 303 
superlattice, 296 
TEM images, 317 
temperature dependency, 331 
thermal stability, 331 
time-resolved PL spectra, 330 
weak-beam image of cross section, 297 
wurtzite, 336 

See also Quantum dots (QDs) 

GaSb, 235-39 

band structure, 238 
defined, 235 

electronic properties, 238-39 
growth, 235-38 
LPE, 236-37 
MBE, 237-38 
MOCVD, 237 
optical constants, 240 
optical properties, 239 
phase diagram, 236 
physical properties, 235 
properties, 238-39 
structural properties, 238 
See also Sb-III binary compounds 
GaSb/InAs type II superlattice, 273-84 
band structure, 275 
experimental results, 275-84 
introduction, 273-75 
mini band energy profile, 274 
photoconductors in LWIR range, 275-79 
photoconductors in VLWIR range, 279-80 
photodiodes in LWIR range, 280-81 
photodiodes in VLWIR range, 282-84 
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Gas source MBE (GSMBE), 20 
Ge 

bimodal, 350, 351 
deposition, 350, 362 
deposition amounts, 359 
dots formation, 360 
growth of, 350 
lasers, 365 
lattice constant, 350 
multilayered quantum dots, 364 
nucleation, 360 
thickness, 359, 362 
trimodal, 351 
Ge islands, 3, 349-67 
arrangement of, 357 
device applications, 362-67 
distribution, 352 
domes, 353, 354 
electronics applications, 266 
formation, 352, 353 
with monomodal distribution, 356 
optoelectronics, 362-65 
pyramids, 353, 354 
pyramids to domes ratio, 354 
quantum information applications, 366-67 
regimentation, 355-62 
registration, 355-62 
on Si substrate, 354 
temperature growth and, 358 
thermoelectricity, 365-66 
uniform, 350-54 

Generation-recombination (GR) noise, 83 
Ge QDs, 362-67 
arranged, 366 

for electronic applications, 366 

photodetectors, 362 

for quantum computing, 367 

on silicon template, 362 

superlattices, 365 

See also Quantum dots (QDs) 

Gibb’s phase rule, 8 
Glucose oxidase (GOx), 380, 381 
Ground-signal-ground (GSG) configuration, 
174-75 

Growth of nanostructures, 1, 34-41 

H 

Hall mobility, 247, 260, 276 

Heteroepitaxy, 16 

Hetero junction nanotubes, 392-96 



I-V dependencies, 395 
electronic properties, 395 
realization, 396 

See also Carbon nanotubes; nanotubes 
High-angle annular dark field (HAADF), 213 
High-detectivity QDIPs, 99-102 
dark current, 101 
dark noise current, 101 
peak detectivity, 100, 102 
peak responsivity, 100 
High-resolution cross-sectional transmission 
electro microscopy (HR-XTEM), 161 
High-resolution TEM (HRTEM), 211, 212, 
213 

image of pseudo twin plane, 213 
image of ZnO nanowire, 213 
images for InGaN QW cross section, 308 
uses, 212 
See also TEM 

High-speed quantum dot lasers, 159-83 
advantages, 160 
Auger recombination, 179-83 
characteristics, 172-83 
fabrication challenge, 159 
introduction, 159-60 
modulation characteristics, 174-83 
room temperature dc characteristics, 172 
SCH, 163-68 

temperature-dependent dc characteristics, 
172-74 

tunneling injection, 172-83 
tunneling injection of carriers in, 168-71 
See also Quantum dot lasers 
Hole burning, 132-34 
Homoepitaxy, 16 

I 

InAs 

MQD region, 65 
QD-based QDIPs, 92-99 
InAs/GaAs 

large capped QDIP structures, 70-74 
SAQDs, 50-57 

unintentionally doped QDIPs, 77-87 
InAs/InGaAs QDIP, 92-99 
conduction band structure, 93 
dark-current density, 95, 96 
internal and external quantum efficiency, 98 
noise current vs. bias, 97 
peak responsivities, 94 
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InAs/InGaAs QDIP (continued) 
schematic cross section, 93 
spectral response, 93 
See also Quantum dot infrared 
photodetectors (QDIPs) 

InAsSb, 250-59 
bandgap, 250-51 
characterizations, 253-56 
device measurement, 256-59 
effective masses, 251 
electrical characteristics, 254-55 
growth of, 253 

intrinsic carrier concentration, 251-52 
MBE, 253 
MOCVD, 253 

optical characteristics, 255-56 
photoconductors, 256-57 
photodiodes, 257-58 
photodiodes by MBE, 258-59 
physical properties, 250-52 
structural characteristics, 253-54 
transmission spectra, 255 
XRD peaks, 254 

See also Antimony-based materials 
InAsSb/InAsSbP, 267-73 
characterization, 268-69 
device results, 271-73 
DH lasers, 271 
doping, 269 
growth, 267, 268-69 
physical properties, 268 
SLS lasers, 271-72 
strained-layer superlattices, 269-70 
Inductively coupled plasma (ICP), 202 
InGaAs 

large capped, energy-level schematic, 73 
QDIPs, 68, 69 
In(Ga)As QDs, 160-63 
electronic spectra, 161-63 
self-organized growth of, 160-61 
See also Quantum dots (QDs) 

InGaN, as quantum material, 337 
InGaN QDs, 38, 301-14 
AEM images of, 309, 310 
confinement of excitons, 341 
cylindrical, 337, 338 
Gaussian curve-fitting PL, 311 
high-resolution micro-PL spectrum, 342 
HRTEM images, 308 
maximum blue shift of PL peak, 343 



MBE growth, 301-7 
MOCVD growth, 307-14 
nanoscale, 311 
optical properties, 337-43 
PL peaks, 339 
PL spectra, 340 
PL spectra comparison, 312 
polarization, 339 

polarization-induced electric field, 341 

quantum confinement, 339 

room temperature PL spectra, 340 

schematic, 313 

by selective growth, 307 

by self-assembly, 307 

strain, 339 

subband emission, 341 
surface-emitting lasers, 343 
surface morphology, 312 
thermal stability, 341 
thickness, 311 

on top of GaN pyramids, 313 
See also Quantum dots (QDs) 
Inhomogeneous line broadening, 117 
based by QD size fluctuations, 119 
illustrated, 117 
See also Nonuniformity 
InSb, 242-50 

on(lll)B GaAs, 246-47 
characteristics, 242 
defined, 242 

doping characteristics, 249-50 
electrical characteristics, 247-48 
growth of, 245-47 
material parameters, 242 
MBE, 246 
MOCVD, 245-46 
N-type doping, 249 
optical characteristics, 249 
photodetectors, 250 
physical properties, 244 
P-type doping, 249-50 
structure characteristics, 247 
temperature-composition binary phase 
diagram, 243 
uses, 243 

See also Sb-III binary compounds 
InSbBi, 262-66 

absorption coefficient, 264 
defined, 262 

electrical characteristics, 264-65 
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MOCVD growth, 262-65 
optical characteristics, 263-64 
photodetectors, 265-66 
structural characteristics, 263 
XRD, 263 

See also Antimony-based materials 
Internal optical loss, 143-47 
Internal quantum efficiency, 124-25 
differential, 136 
in OCL, 136 

parasitic recombination effect on, 128-29 
InTlAsSb, 266-67 

electrical properties, 267 
growth parameters, 266 
See also Antimony-based materials 
InTlSb, 259-62 

chemical analysis by AES, 259 
electrical characteristics, 260-61 
MOCVD growth, 259, 260 
optical characteristics, 261-62 
photodetectors, 262 
structural characteristics, 259-60 
See also Antimony-based materials 
Intraband photocurrent spectra, 62 
bias dependence, 105 
illustrated, 63, 67, 68 
of InAs/GaAs QDIP, 67 
of InAs/InGaAs QDIP, 68 
peak photocurrent, 64 
of S-AlGaAs, 63 
of S-GaAs, 63 

Intrinsic quantum electromechanical couplings, 
382-91 
IR lasers, 267-73 
IR sensing, 391 

L 

Large InAs/GaAs QDs, 50-57 
Lasing thresholds, 144 
cavity length and, 146 
illustrated, 145 
second, existence, 144 
Lattice oscillation modes, 387 
Lely growth method, 14-16 
crystal quality, 14 

cylindrical crucible cross section, 15 
defined, 14 
modified, 15-16 

See also Bulk crystal growth techniques 
Light-current characteristic (LGC), 124-25 



high injection currents, 137 
intrinsic nonlinearity, 134-39 
linear, 125 

nonlinear recombination channels, 139 
for structures with different rms, 125 
temperature-dependent, 174 
Light-emitting diodes (LEDs), 289 
Linear muffin-tin (LMTO) method, 259 
Linewidth enhancement factor, 177-78 
defined, 177 
wavelength vs., 178 

Liquid phase epitaxy (LPE), 5-6, 16-17 
advantages, 17 
defined, 16 
disadvantages, 17 
GaSb, 236-37 
system cross section, 17 
See also Epitaxial growth techniques 
Local area networks (LANs), 159 
Local density approximation (LDA), 259 
Local neutrality violation, 129-31 
Logic AND/OR gate arrays, 395 
Longitudinal-optical (LO) phonon energy, 61 
Long-wave infrared (LWIR) 
photoconductivity, 267 
region, 71 

uncooled type II photoconductors in, 
275-79 

uncooled type II photodiodes in, 280-81 
Low-energy electron microscope (LEEM), 314, 
315 

LSW theory, 352 

M 

Magnetic force microscopy (MEM), 214 
Materials, 2-3 

antimony-based, 229-85 
silicon/germanium, 3 
thermodynamics of, 6-8 
zinc oxide, 2-3 
MGT, 233 

Medium-wave infrared (MWIR) PC spectrum, 
55, 71 

Metalorganic chemical vapor deposition 
(MOCVD), 1, 6, 24-29 
Ill-nitride QDs, 307-14 
ALE and, 29 
defined, 24 

feasibility of reactions, 28-29 
GaSb, 237 
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Metalorganic chemical vapor deposition 
(continued) 

growth mechanism, 201 
growth of GaAs, 26 
growth process, 24, 26 
InAsSb, 253 
InSb, 245-46 
InSbBi, 262-63, 262-65 
InTlSb, 259, 260 
low-pressure, 200 
mass production capability, 200 
process illustration, 26 
reactants/growth temperatures, 27 
reactor schematic diagram, 25 
ZnO nanostructure, 200-208 
See also Epitaxial growth techniques 
Metalorganic MBE (MOMBE), 20 
Migration-enhanced epitaxy (MEE), 49 
capping, 49 
growth, 50 

Modulation characteristics, 174-83 
Auger recombination, 179-83 
chirp, 178-79 
large-signal, 180 

linewidth enhancement factor, 177-78 
small-signal, 175-77 
See also High-speed quantum dot lasers 
Molecular beam epitaxy (MBE), 6, 20-24 
Ill-nitride QDs, 292-307 
advantages, 23 
catalyst-assisted, 208-9 
defined, 20 
GaSb, 237-38 
gas source (GSMBE), 20 
growth of self-organized QDs, 160-63 
growth process, 23 
InAsSb, 253 

InAsSb photodiodes by, 258-59 
InSb, 246 

metalorganic (MOMBE), 20 
solid source (SSMBE), 20 
system schematic diagram, 21 
See also Epitaxial growth techniques 
Multimode generation threshold, 124, 141 
Multiple-layer QDs (MQDs), 47 
emission energy in, 335 
QDIP structures, 65-66 
spectrally integrated PL intensity, 335 
See also Quantum dots (QDs) 

Multiple twinned particles (MTPs), 212, 213 



Multiwalled nanotubes (MWNTs), 376 

N 

Nanoelectromechanical (NEM) systems, 382, 
383 

Nanospores, 374, 376 
Nanostructures. See Semiconductor 
nanostructures 
Nanotubes 

carbon, 371-98 
doping, 396 
heterojunction, 392-96 
multiwalled (MWNTs), 376 
single-wall (SWNTs), 375 
Y-junction, 392, 393-94 
See also Semiconductor nanostructures 
Nanowire lasers, 219-20 
configurations, 220 
defined, 219 
emission spectra, 220 
optically pumped, 219 
Nanowire photodetectors, 220-21 
Near-field scanning optical microscopy 
(NSOM), 214 

Noise, generation-recombination (GR), 83 
Noise spectrum density, 83-84 
bias vs., 84 
frequency vs., 83 
Nonlasing QDs, 123-24 

characteristic temperature, 123-24 
recombination in, 123-24 
thermal population, 123 
See also Quantum dots (QDs) 

Nonlinear optical properties, 218-19 
Nonuniformity, 117-25 
effect on gain, 118-19 
effect on internal quantum efficiency, 
124-25 

effect on multimode generation threshold, 
124 

effect on temperature dependence of 
threshold current, 122-24 
effect on threshold current, 120-21 
effect through parasitic recombination 
outside QDs, 122-23 
effect through recombination in nonlasing 
QDs, 123-24 

inhomogeneous line broadening, 117 
problem, 117 

Normal-incidence protection, 391 
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N-type doping, 249 

O 

Optical characterizations, 215-19 
nonlinear properties, 218-19 
PL, 215-17 

Raman spectrum, 217-18 
See also ZnO nanostructures 
Optical confinement layer (OCL), 119 
dominant recombination channel, 136 
free-carrier density, 136, 143 
group refraction index, 135 
internal quantum efficiency, 136 
parasitic recombination current density in, 
135 

recombination rate superlinearity, 138 
Optical devices, 219-21 
nanowire laser, 219-20 
nanowire photodetector, 220-21 
See also ZnO nanostructures 
Optical loss, 143-47 
Optoelectronics, 2, 362-65 
Organometallic vapor phase epitaxy 
(OMVPE), 160-61 
Ostwald’s ripening, 352, 353 
Oxide-based nanostructures, 2-3 

P 

Parasitic recombination, 126-29 

effect on characteristic temperature, 

127- 28 

effect on current threshold, 126-27 
effect on internal quantum efficiency, 

128- 29 

Phase diagrams, 7-8 

Phonon-assisted tunneling times, 170-71 
Photoconductors (InAsSb), 256-57 
Photoconductors (LWIR range), 275-79 
characterization, 275-77 
device measurement, 277-79 
growth, 275 

Photoconductors (VLWIR range), 279-80 
device measurement, 279-80 
growth, 279 

uniformity of material and, 280 
Photocurrent (PC) spectroscopy, 52 
Photodetectors 

based on Ge QDs, 362 
GaSb/InAs type II superlattice, 273-84 
Ge/Si, 364 
InSb, 250 



InSbBi, 265-66 
InTlSb, 262 
nanowire, 220-21 
QDIP, 67-69, 77-87, 92-109 
QWIP, 85-87 
Photodiodes 
InAsSb, 257-58 
InAsSb, by MBE, 258-59 
Photodiodes (LWIR range), 280-81 
device measurement, 281 
growth, 281 
under zero bias, 281 
Photodiodes (VLWIR range), 282-84 
characterization, 282 
device measurement, 282-84 
growth, 282 

Plasma-enhanced chemical vapor deposition 
(PECVD), 29-31 
avalanche effect, 30 
defined, 29 

microwave plasmas, 30-31 
reactor schematic diagram, 30 
See also Thin-film deposition techniques 
PL excitation (PLE), 52 
PL spectroscopy, 215-17 
uses, 215 

of ZnO nanorods, 216 
of ZnO nanowires, 216, 217 
Polarization effect, 326 
Power characteristics, 141 
P-type doping, 249-50 
Pulse laser deposition (PLD), 194 
Punctuated island growth (PIG) method, 

50-51 

defined, 50-51 

InAs/GaAs MQD-based detectors, 77-87 

Q 

Quantum cascade lasers (QCLs), 152 
Quantum confined stark effect (QCSE), 322 
Quantum dot infrared photodetectors (QDIPs), 
2, 45-109 
active layers, 107 

with AlGaAs blocking layers, 87-92 

dark current mechanisms, 81 

device structures, 47, 76-77 

dual-color, 102-7 

electron ground states, 103 

FTIR intraband photocurrent spectra, 67, 

68 
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Quantum dot infrared photodetectors 
(continued) 

high-detectivity, 99-102 
InAs/InGaAs, 92-99 
InAs large QD-based, 65 
InGaAs, 68, 69 
interband transitions, 61 
large InAs/InGaAs capped structures, 
70-74 

lateral transport structure, 48 
MQD-based structures, 65-66 
n-i-n structure, 103 
noise current, 83 
noise sources, 84 
performance, 107 
photovoltaic operation, 79 
prognosis, 107-9 

small InAs/InGaAs capped structured, 
66-70 

structure growth, 49-76 
successful, 47 
transport mechanism, 85 
unintentionally doped, 77-87 
VDA, 74-76 

vertical transport structure, 48 
Quantum dot lasers, 2, 113-52 
advantages, 115 
bandgap-engineered, 150 
commercial perspectives, 116 
critical sensitivity, 139-42 
defined, 113 

energy band diagram, 116 

enhanced power performance, 150-51 

excited states, 131-32 

fabrication, 115-16 

high-speed, 159-83 

hole burning, 132-34 

hot carrier problem, 163 

internal optical loss, 143-47 

introduction, 113-15 

LCC nonlinearity, 134-39 

local neutrality violation, 129-31 

maximum gain dependence, 142 

multimode generation, 121 

novel designs, 148-51 

operating characteristics, 117 

parasitic recombination, 126-29 

perspectives, 151-52 

SCH, 163-68 

schematic cross section, 133 



schematic structure, 116 
state-of-the-art complications, 116-47 
temperature-insensitive threshold, 148-50 
threshold current density, 116 
tunneling-injection, 148-50 
uniformity issue, 36 
Quantum dots (QDs), 2 
3D, 37 

Ill-nitride, 289-344 
Ill-nitride growth, 40-41 
conduction band, 35 
defined, 45 
density, 36 

energy level structure, 35 

epitaxial growth of, 160 

fabricating, 115 

GaAs, 37 

GaN, 292-301 

GaN, self-assembled, 41 

Ge, 362-67 

growth modes, 38 

growth modes schematic, 292 

growth techniques, 36-41 

InAs/GaAs growth, 39-40 

In(Ga)As, 160-63 

InGaN, 38, 301-14 

intraband electronic transitions, 64 

junction lasers with, 163 

large InAs/GaAs, 50-57 

layers, 107 

local neutrality violation, 129-31 
as medium in injection lasers, 115 
multilayered structures, 57 
multiple-layer (MQDs), 47 
multiple-period, 336 
nonlasing, 123-24 
nonuniformity, 117-25 
number of stacks, 107 
properties, 35-36 
pyramidal, 103 

self-assembled, 45, 49, 73, 162, 291, 329 
self-organized, 2, 142, 164-68 
shape of, 38 
size, 36 

size dispersion, 124 
size fluctuations, 117 
spontaneous growth, 292 
structure growth, 49-76 
as superatoms, 113 
uniformity, 36 
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Quantum information applications, 366-67 
Quantum well infrared photodetectors 
(QWIPs) 

AlGaAs-GaAs, 86 
noise gain, 87 
transport mechanism, 85 
Quantum wells (QWs), 113 
defined, 34 
lasers, 160 

for stimulated optical transitions, 113 
structures, 47 

Quantum wires (QWRs), 113 
Quaternary compounds, 3 

R 

Radial breathing modes (RBMs), 386 
Raman G-band peak shift, 388, 389 
Raman spectroscopy, 217-18 
defined, 217 
of ZnO nanowires, 218 
Rate equations, 135-36 
Recombination lifetime, 335 
Reflection high-energy electron diffraction 
(RHEED), 22-23, 246 
dynamic, 22 
patterns, 22, 301 
schematic diagram, 23 
specular spot, intensity variation, 302 
Resonant-cavity photodetector structure, 108 
Resonant tunneling diodes (RTDs), 273 
Room temperature dc characteristics, 172 

S 

Sb-based III-V semiconductor alloys, 230-32 
Sb-III binary compounds, 235-50 
AlSb, 239-42 
GaSb, 235-39 
InSb, 242-50 

Scanning probe microscopy (SPM), 214-15 
defined, 214 
properties, 215 
resolution, 214 

Scanning transmission electron microscopy 
(STEM), 213 

Scanning tunneling microscope (STM), 214 
Second-harmonic generation (SHG), 218 
Selected area diffraction (SAD), 199 
Selected area electron diffraction (SAED), 196 
Selective epitaxial growth (SEG), 355 
high-index facets, 357 
mesa ridges, 356 



process, 356 
Si mesas, 357 
Self-affine functions, 361 
Self-arranged GaN QDs, 300 
Self-assembled Ge islands, 349-67 
arrangement of, 357 

cooperative arrangement of (CASAD), 356 
defined, 352 

device applications, 362-67 
formation, 352, 353 
introduction, 349 
regimentation, 355-62 
registration, 355-62 
on Si substrate, 354 
uniform, 350-54 
Self-assembled QDs (SAQDs) 
defined, 45 
GaN, 329 
InAs/GaAs, 49 
InAs/InGaAs, 73 

as infrared (IR) photodetectors, 45, 47 
PIG InAs/GaAs, 53 
strain distribution, 162 
VSO, 57 

See also Quantum dots (QDs) 
Self-organized growth, 292 
Self-organized QDs, 2, 142 
band structure, 162-63 
carrier relaxation, 164-68 
femtosecond differential transmission 
spectroscopy, 165-67 
high-frequency electrical impedance 
measurements, 164-65 
In(Ga)As, 160-61 
MBE growth of, 160-63 
phonon bottleneck, 164-68 
symmetry, 142 

See also Quantum dots (QDs) 

SEM, 211 

field emission (FESEM), 197 
image of arrays of long nanotubes, 379 
image of nanotube array, 377 
image of nanotubes, 377 
image of Y-junction nanotube, 393 
image of ZnO nanotubes, 212 
image of ZnO nanowires, 212 
uses, 211 

Semiconductor nanostructures 
growth, 1, 34-41 
materials, 2-3 
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Semiconductor nanostructures (continued) 
optoelectronic devices based on, 2 
oxide-based, 2-3 
ZnO, 187-224 

Separate confinement heterostructure QD 
lasers, 163-68 
Auger coefficients for, 181 
carrier injection, 167, 168 
high-frequency impedance measurements, 
164-65 

hot carrier effects, 167-68 
at low temperatures, 173 
performance, 167 
See also Quantum dot lasers 
Separate confinement heterostructures (SCHs), 
160 

Shockley-Read-Hall coefficient, 180 
Short-period superlattices, 58 
Single-wall nanotubes (SWNTs), 375 
Slope efficiency, 173-74 
increase, 174 

temperature dependent, 174 
variation with temperature, 173 
Small-signal modulation measurements, 
175-77 

coupled rate equations, 175 
efficiency, 175 

resonance frequency plot, 176 
tunneling-injection laser, 175 
Solid source MBE (SSMBE), 20 
Spatial hole burning (SHB), 132-33 
Sputtering, 33-34 
advantages, 34 
dc, 34 
defined, 33 
sputter yield, 34 

system schematic cross section, 33 
See also Thin-film deposition techniques 
Stark effect, 104 
Strain distribution, 162 
Strained-layer superlattices, 269-70 
Stranski-Krastanov growth, 349, 350, 360 
Structural characterizations, 211-15 
scanning probe microscopy, 214-15 
SEM, 211 
TEM, 211-14 
XRD, 214 

See also ZnO nanostructures 
Structure parameters, 139-42 
critical sensitivity to, 139-42 



multimode generation threshold, 141 
power characteristics, 141 
threshold characteristics, 141 
tolerable values of, 140 
Successive ionic layer absorption and reaction 
(SILAR), 29 
Superatoms, 113 

T 

TEM, 49,211-14 

fine surface structures and, 213 
high-resolution (HRTEM), 211, 212, 213 
images of GaN QDs, 317 
with SAED, 211 
situ, 213, 214 
Z-contrast technique, 214 
Temperature dependence 

characteristic temperature, 128 

dc characteristics, 172-74 

electron and hole level occupancies, 130 

in escape times, 134 

GaN QDs, 331 

light-current characteristics, 174 
multimode generation, 134 
slope efficiency and, 174 
threshold current, 122-24, 127 
threshold current density, 127 
Temperature-insensitive threshold, 148-50 
bandgap engineering, 150 
tunneling-injection, 148-50 
Template-assisted growth, 209-10 
AAM template, 209 
defined, 209 
fabrication and, 209 
Tertiary compounds, 3 
Thermal escape, 133-34 
Thermal evaporation, 195 
Thermodynamics, 5 
chemical reactions, 7 
of CVD, 28 
phase diagrams, 7-8 
review, 6-8 
second law of, 6 
Thermoelectricity, 365-66 
Thin-film deposition techniques, 29-34 

plasma-enhanced chemical vapor deposition 
(PECVD), 29-31 
sputtering, 33-34 
vacuum evaporation, 31-33 
Threshold characteristics, 141 
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Threshold current 

densities, lower/upper, 147 
divergence, 121 

nonuniformity effect on, 120-21 
parasitic recombination effect on, 126-27 
temperature dependence of, 122-24, 127 
Transmission electron microscope. See TEM 
Transparent conducting oxides (TCOs), 191 
Trimethylgallium (TMGa), 237 
Trisdimethylaminoantimony (TDMASb), 237 
Tunneling-injection QD laser, 148-50 
energy band diagram, 149 
heterostructure design, 169-70 
high-speed, 172-83 
photoluminescence spectrum, 170 
schematic view, 149 
three-pulse DTS signal from, 171 
See also Quantum dot lasers 
Tunnel injection, 168-71 

conduction band states alignment, 170 
illustrated, 169 

U 

Uniform Ge islands, 350-54 
Unintentionally doped QDIPs, 77-87 
capture probability, 86 
dark current mechanisms, 81 
noise spectrum density, 83-84 
photoconductive gain, 85 
photovoltaic operation, 79 
responsivity, 79-80 
See also Quantum dot infrared 
photodetectors (QDIPs) 

V 

Vacuum evaporation, 31-33 
defined, 31 

electron beam evaporation, 32, 33 
evaporation techniques, 32 
filament evaporation, 32 
flash hot plate, 32 
system cross section, 31 
See also Thin-film deposition techniques 
Valance force field (VFF) model, 162 
Vapor/liquid/solid (VLS) mechanism, 191-92 
Vapor phase epitaxy (VPE), 6, 17-19 
advantages/disadvantages, 19 
defined, 17 
growth of GaN, 1 9 
growth process, 17 
organometallic (OMVPE), 160-61 



reactor cross section, 18 
See also Epitaxial growth techniques 
Vapor phase transport (VPT), 195-99 
CVTC growth, 196 
defined, 195 
forms, 195 

thermal evaporation, 195 
Vapor/solid (VS) mechanism, 193-94 
Variable deposition amount (VDA) QDIPs, 
74-76 
defined, 74 

intraband photoresponse, 75 
PL spectra, 76 

See also Quantum dot infrared 
photodetectors (QDIPs) 

Vegard’s law, 231 

Vertical cavity surface-emitting lasers 
(VCSELs), 151-52 
active medium, 151 
GaAs, 152 
on single QD, 152 
Vertical self-organization (VSO), 57 
Very long wavelength range (VLWIR), 233 
type II photoconductors in, 279-80 
type II photodiodes in, 282-84 
Violation of local neutrality, 129-31 
Volmer-Weber growth, 349, 350 

W 

Wannier-Stark oscillation, 283 
Wurtzite Ill-nitrides, 290-91 
defined, 290 
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